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The Mechani ,~a l and Tribol ogical Properti es or 
I on Implan~e.d Ce.ramics 

Stephen J ohn Bull 

The mechanical properties of ion implante.d ceramics are 
primarily a function of the radiation damage produced by the 
implantation process. For crystalline ceramics this damage is 
chiefly nuclear displacements, though for glasses electronic 
effects have also been observed. In this study a number of 
single crystal and polycrystalline ceramics and a 
soda-lime-silica glass have been implanted with a range of ions 
in the energy range 90keV to 400keV and the changes in 
mechanical properties produced have been followed using 
hardness, indentation fracture and scratch testing. 

The damage structures which remain after implantation will 
control both the indentation hardness and surface fracture 
properties of cetamics. Changing the temperature of the 
substrate during implantation (in the range. 150K to 760K) has 
been found to alter this damage state and hence produce changes 
in the measured mechanical properties. In this t emperature 
range, the effects of damage annealing at low doses were found 
to be minor for sapphire although f o r MgO damage annealing was 
f ound to result in a reduction of the radiation-induced 
hardening above 473K. The surface softening and stress relief 
accompanying amorphisation at higher doses was found to be 
strongly temperature dependent. Thus, the recrystallisation of 
amorphous material is important in determining the final 
mechanical properties of the implanted specimens. 

The tribological properties of the implanted ceramics were 
investigated using single pass scratch tests. Friction 
coefficients were found to increase with dose up to the onset of 
amorphisation, even when visible scratch tracks were produced. 
This increse is due to changes in adhesion between the slider 
and the flat induced by ion implantation. The reasons for these 
changes are as of yet unclear, though a possible explanation 
could be the removal of surface adsorbates which has been 
observed for MgO. 

Similar mechanical and tribological property changes 
observed for the polycrystalline ceramics as for the 
si ngle crystal systems, but some extra effects we re 
,) bse rved . 

were 
model 

also 
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1. Introduction 

It has long been known that the corrosion and tribological properties of materials can 

be improved by treating the surface prior to use (e.g. by carburising or electroplating). 

The ways in which these surface treatments affect the surface properties have thus been 

extensively studied in order to optimise corrosion and/or wear resistant surfaces. A range 

of techniques have been developed: early treatments such as galvanising or electroplating 

for corrosion resistance, or carburising and nitriding for wear resistance have found 

considerable use, though more modem techniques such as plasma spraying, ion plating 

and ion implantation are now being seen as modem alternatives to the more traditional 

surface treatments. As these techniques have been developed, interest in 'surface 

engineering' has increased, and some of the modem techniques such as ion implantation 

are being developed in order to tailor surface properties to particular in-service 

environments. This thesis reviews the effects of ion implantation on the surface 

mechanical properties of ceramics, and builds on the existing knowledge in an attempt to 

produce a better understanding of the tribological properties of implanted ceramic 

surfaces. 

Ion implantation is a technique where a particular atomic species is ionised, accelerated 

through 50 to 500keV and injected into the surface of a component, thereby modifying its 

surface chemical and physical properties. The implantation affected layer is typically 

$1~ thick and unlike the surface layers produced by many other coating techniques (e.g. 

electroplating) there is no discrete interface between the treated surface and the bulk. 

Indeed ion implantation has been used to improve the adherence of other coatings by 

techniques based on ion beam mixing (e.g. Matteson and Nicolet, 1982; Nicolet et al, 

1983 - see section 3.5). Ion implantation is usually carried out in a fairly hard vacuum, 

this being needed for ion beam production (10-5 to 10-6 Torr - see Dearnaley et al (1973) 

for details) and at controlled temperatures_ 

With the developm!!nt of the semiconductor industry, much interest has focussed on the 

use of ion implantation as a technique for the controllable doping of semiconductors_ 

Although the effects of implantation and subsequent annealing (to remove the damage 

accompanying the implantation process) on the electrical properties of a range of 

materials have been studied for some years, it was not until recently that the effects of 

ion implantation on other properties were explored. Areas that appeared promising were 

chemical properties such as corrosion, oxidation, electrochemistry, catalysis and adhesion 

(bonding and lubrication properties which are important in wear are related to this) 

together with the mechanical properties including hardness, friction wear and fatigue_ 

Early observations (e.g_ Dearnaley and Hartley, 1978) indicated that N
2
+ implantation can 
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ION IMPLANTATION AND YOU 
Ion implantation is already showing benefits 
and cost reductions in many industries 
today, 

Tecvac will help you to see benefits in 
industries like these: 
Industry Life 
Plastics 
Extruder parts - screws and dies x5 to 10 
(handling abrasive filled materials) 

Screw cutting taps (working in 
phenolic resin) x12 

Moulding tools x4 

Rubber 
Cemented carbide blades (slitting) x 10 

Defence 
Punches for wadding x7 
Metals 
Automotive press tools xl0 

Wire drawing (cemented carbide 
dies) x3t05 

Cold rolls (for forming copper) x6 
Punch and die sets x5 

Electronics 
Cemented carbide drills for PCBs x2 
Paper 
Slitter blades x2 

And all this for typically 10-30% 
increase in tool cost. 

Ion Implantation makes sense. 

Figure 1.1.1: Some of the claimed benefits of Ion Implantation (from TECV A C 

advertising material) . 



significantly increase the wear lifetime of WC/Co cemented carbides. Providing the basic 

understanding behind such observations and claims (see Fig. 1.1.1) has been the driving 

force for this and previous projects (Roberts, 1982; Bumett, 1984). 

In the next section, some of the effects of ion implantation are briefly reviewed in · 

order that the aims of the project be more clearly understood. 

1.1 Implantation-Induced Effects - A Brief Review 

1.1.1 Mechanical Properties 

Increases in hardness after ion implantation have been reported for a range of metals. 

The majority of the results have been for pure iron or alloy steels implanted with nitrogen 

(Bolster and Singer, 1980; Bonora et aI, 1982) but other materials such as titanium 

(Hirvonen et al, 1979) and molybdenum (Ibragimov et al, 1984) have been investigated. 

In all cases the hardening has been attributed to two factors, the damage caused by the 

implantation process or the formation of nitrides or other precipitates. These effects in 

metals have been reviewed by Hubler (1982), Singer (1984) and Gardner (1987). 

Changes in the hardness of ceramics have been reported by a number of workers. 

Roberts and Page (1982) noted that above a critical dose of Nz+ both silicon carbide and 

silicon showed marked softening.l McHargue and Williams (1982) also noticed a 

softening in Cr-implanted SiC and attributed this to the formation of a surface amorphous 

layer. Both Bumett and Page (1984b) and McHargue and co workers (1982, 1984) have 

also observed hardening in sapphire and attributed this to radiation hardening. Similar 

hardness behaviour has been observed for a range of engineering materials such as 

Sialons, PSZ (partially stabilised zirconia) and WC/Co (Bumett, 1984). 

Changes in the surface stress state have also been imported for ion implantation in 

ceramics (though not in metals). Bumett and Page (1985) have shown that compressive 

stresses are generated by the presence of the implanted ions and the damage they cause in 

the implanted layer. 

Since the initiation stage of fatigue is surface sensitive (Reed-Hill, 1973) some work 

has been done on the use of ion implantation to improve fatigue resistance. Jata and 

Starke (1983) noted that ion implantation, as well as producing a hardened surface with 

less dislocation motion, resulted in a homogenisation of surface slip with the removal of 

persistant slip bands. Thus it is expected that fatigue crack initiation will be suppressed. 

Hartley (1976) reported that the fatigue life of steels was improved by a factor of ten 

after nitrogen implantation. Similar improvements were observed by Herman (1982). 

The softening of SiC by high dose nitrogen implantation was subsequently attributed to the formation 
of nitrogen bubbles in a blistered surface layer (Bumett, 1984). This is similar to the softening due to 
bubble formation in argon implanted soda-lime-silica glass reported in section 7.3. 
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Studies by Hall (1985) of the creep properties of ion implanted molybdenum show that 

heavy ion implantation can cause a decrease in creep resistance in metals. Indeed 

radiation enhanced creep has long been known to take place in nuclear reactor materials. 

1.1.2 Friction and Wear 

The friction behaviour of En352 steel implanted with a range of ions has been 

investigated by Hartley (1975; 1979). Reductions in friction resulted from implantations 

with Sn, S, Mo and a mixture of S and Mo (since MoS
l 

is an industrial lubricant) 

whereas increased friction was observed with In and Pb. In the adhesive wear situation 

such reductions in friction will cause an increase in wear resistance, which has been 

observed (Hartley, 1979; Hirvonen et al, 1980). Dearnaley et al (1979) noticed similar 

reductions in friction after nitrogen implantation into steels. This has been related to the 

increase in the wear lifetimes of implanted materials in pin-on-disc wear tests (Dearnaley, 

1978). 

Large decreases in the wear rate of ion implanted steel or WC/Co discs were reported 

by Hartley (1975) and Hirvonen (1978) using the pin-on-disc technique. The increased 

wear resistance was found to remain even after a wear track around a hundred times 

deeper than the implant depth had formed. Such improvements have resulted in the 

development of commercial implanters for implantation of metal components e.g. 

expensive injection moulding dies (Dearnaley, 1983). Wear improvements for steels have 

also been reported by Pope et al (1983), Singer (1984), Dearnaley (1985). Hirvonen 

(1985), and Pollock (1986). 

As well as sliding wear, Shih (1985) has reported that ion implantation can improve 

the impact wear of a range of metals and alloys. 

By comparison, little work has been done on the wear of ceramic materials. Hartley 

(1982) has observed that the wear lifetimes of diamond lathe tools used in the plastics 

industry may be increased by ion implantation. Burnett and Page (1987) have noted that 

the friction coefficients of metal pins sliding on sapphire discs are increased by ion 

implantation. Recent work by Wei et al (1987a. b) has shown that ion beam mixing of 

some ceramic discs with Ti, Ni or Co can result in reduced coefficients of friction at 

800°C in a simulated diesel exhaust environment. 

1.1.3 Oxidation and Corrosion 

Surface films have long been used as a method of protecting a substrate from corrosion 

(e.g. the galvanising of steel) as has alloying the substrate with elements capable of 

forming a passive oxide film on the surface (e.g. Cr in steel). Since ion implantation can 

produce a surface layer of any composition it is an obvious tool for use in corrosion 

protection. 
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Deamaley (1980, 1981, 1983) has summarised the ways in which corrosion resistance 

has been improved by ion implantation. The implanted material can be used to fonn a 

coherent oxide banier (Bemabai et al, 1980), block easy diffusion paths (Benjamin and 

Deamaley, 1976) or modify the physical and chemical properties of the oxide layer to 

improve corrosion resistance (e.g. reduced electrical conductivity (Morris et al, 1978». 

Relatively little work has been done on the changes to oxidation and corrosion 

produced by ion implantation of ceramic materials. However, Ramin et al (1980) reported 

that silicon nitride produced by nitrogen implantation of silicon possessed a greater 

oxidation resistance than conventionally produced material. 

1.1.4 Ion Assisted Coatings 

Ion implantation has been used to improve the adhesion of coatings on to substrates. 

This can be by ion beam mixing where a coating is bombarded so that some mixing of 

atoms at the coatinglsubstrate interface takes place (Baglin and o ark, 1985) or by ion 

beam enhanced deposition where ion bombardment is carried out concurrently with some 

other film deposition process (Cuomo, 1986). Improvements in coating adhesion of two 

orders of magnitude have been reported (Baglin and Oark, 1985). 

1.2 Thesis Structure 

The work reported in this thesis represents a continuation of the investigations aimed at 

understanding those properties of ion implanted ceramics relevant to wear started by 

Roberts (1982) and continued by Bumett (1984). Chapters 2 and 3 review the current 

state of knowledge on the effect of ion implantation on ceramics. Chapter 2 introduces the 

physical concepts necessary to understand the stopping of ions in solids and the damage 

structures caused by ion implantation. The effects of these structures on the mechanical 

properties of ceramics are discussed in chapter 3. 

The mechanical tests used in this study have mainly been hardness indentation and 

scratch testing and so the literature on these tests is reviewed in chapter 4. Chapter 5 

details these and all the other experimental techniques used in the study and introduces 

the range of materials investigated. In most cases these materials have been model single 

crystal systems (such as sapphire and MgO) in which the changes in mechanical 

properties may be related to the damage structures produced by ion implantation. Some 

polycrystalline engineering ceramics have also been investigated and the observed 

mechanical property changes compared to the single crystal results in order that their 

origins be understood. Also some glass specimens have been investigated to see if the 

changes produced by ion implantation are similar to those in crystalline ceramics. 

Chapter 6 contains an investigation of the effects of changing the specimen temperature 

during implantation. Variations in the amount of damage annealing due to the 
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implantation process are expected to produce changes in the observed mechanical 

properties. Also in this chapter an investigation of the difference between implantation of 

(0001) and (1012) sapphire is reported. 

The mechanical properties of implanted glasses were found to be more complicated 

than the properties of implanted ceramics. These observations are presented in chapter 7. 

Chapter 8 reports the results of friction measurements made on implanted fiats using 

both diamond cones and spheres of a range of material. These tests are aimed at 

determining the wear properties of implanted ceramics and relating them to other 

mechanical properties. 

Earlier observations of Burnett and Page (1985b) indicated that ion implantation 

reduced the chemomechanical effect in MgO. Chapter 9 reports further investigations of 

this effect including some infrared spectroscopy results of the surface adsorbates 

responsible for the effect. 

Chapter 10 presents surface mechanical results obtained from some engineering 

materials showing that these are similar to those observed for the model single crystal 

systems investigated in the rest of this study. 

The charge state of the implanted ions is important in determining the hardening 

mechanisms that operate in ceramic materials. Chapter 11 contains studies of the charge 

state of Ti-implanted sapphire by both Extended X-ray Absorption Fluorescence 

Spectroscopy and Auger Electron spectroscopy in order that both the charge state and 

distribution of the implanted atoms be determined. All these results are summarised in 

chapter 12 which also presents some suggestions for further work. 
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2. The Effects of Ion Beams on Ceramic Surfaces 

Ion implantation involves the injection of energetic ions into the surface of a material, 

where they slow down and come to rest after interacting with the atoms of the target. 

This chapter introduces the energy loss processes that occur whilst the ion slows down, 

and discusses the damage produced by the ion as it comes to rest. An understanding of 

these processes allows the distribution of implanted ions and defects below the surface to 

be determined both qualitatively and quantitatively. This has an important bearing on the 

other surface property changes produced by ion implantation discussed in the next 

chapter. 

2.1 The Stopping of Ions in Solids 

The mechanisms by which ions interact with solids have been well reviewed in the 

literature. Much of the following has been taken from the books by Deamaley et al 

(1973), Carter and Grant (1976), Townsend et al (1977), Ryssel and Glawischnig (1982) 

and Ryssel and Ruge (1986) and further details may be found in any of these references. 

2.1.1 Energy Loss of Implanted Ions 

An ion implanted into a target with initial energy Eo' will ultimately come to rest, 

losing its energy in a series of collisions with the atoms and electrons of the target. There 

are several different ways in which the injected ion may interact with the target and these 

may conveniently be divided into the following general types:-

(1) Inelastic collisions with the bound electrons of the target. The energy loss in such 

collisions takes place by excitation or ionisation. 

(2) I nelastic collisions with the nuclei. These lead to nuclear excitation or nuclear 

reactions. 

(3) Elastic collisions with nuclei or whole atoms, whereby a part of the kinetic energy 

is transferred to the particles absorbing the impact. 

(4) Elastic collisions with the bound electrons. 

Of these, inelastic nuclear collisions and elastic collisions with the electrons play an 

insignificant role in the stopping of implanted ions. Which of the two remaining energy 

loss mechanisms dominates depends on the energy and mass of the accelerated ions, as 

well as on the mass and atomic number of the target. For the calculation of stopping it is 

useful to define cross sections for nuclear stopping (S ) and electronic stopping (S ) of the 
n e 

form 
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Figure 2.1.1: Schematic variation of the nuclear stopping cross section (S) and the 

electronic stopping cross section (S) with ion energy. At high energies most energy loss 

is electronic whilst displacement damage dominates at low energies. 
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Figure 2.1.2: Schematic variation of the nuclear (S ) and electronic (S) stopping cross 
n c 

sections with depth in a ceramic target for an ion of intermediate (""lOOkeV) energy. Most 

electronic energy deposition occurs close to the surface, whilst there is a peak in 

displacement damage below the surface. 
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Figure 2.1.3: Schematic variation of the displacement cascades produced by (a) a light 

ion, (b) a heavy ion as it slows down in a ceramic target. The mean free path between 

collisions decreases as the ion energy decreases as the nuclear stopping cross section 

increases. For the light ion the spike is fairly diffuse and the damage density is small 

compared to the heavy ion case. 

Material Ed (eV) Orientation 

Average (lOO) (110) (111) 

Al 16-32 

eu 10-82 22 80 

Fe 16-44 17 40 

Ge 13-31 

Pt 36-37 

Si 13 6 20 

sapphire (Al) 18 

(0) 76 

MgO (Mg) 30-64 

(0) 40-90 44 64 46 

Zno (Zn) 57 

(0) 57 

Table 1: Displacement Energies for a Number of Materials 

Data taken from Billington and Crawford (1961), Matzke (1982) and Pelts (1982, 

1984 ) . 



5=-1 dE [2.1] 
N dx 

where N is the atomic density. Fig. 2.1.1 shows the variation of Sn and S. with ion 

energy. It can be seen that the electronic stopping dominates at high energies and thus a 

high energy ion will lose most of its energy in inelastic collisions with the bound 

electrons of the target At the highest energies ionisation predominates though if the 

energy transfer is insufficient to cause ionisation then the energy will be dissipated in 

electronic transitions or charge exchange. This can be seen by the production of visible 

light, x-rays or the expulsion of electrons from the target during ion implantation. 

Implantation thus causes modification to the electronic band structure of the target 

(Crawford 1982). 

When the ion has lost sufficient energy the nuclear cross section will begin to 

dominate, the probability of scattering increases, and the ion will lose more of its energy 

in elastic atomic collisions. The collisions may result in "knock-on" of the target atoms, a 

process which requires the breaking of the interatomic bonds between the target atom and 

its neighbours. These are called primary collisions. Thus there is a minimum energy 

transfer which must take place in order to displace an atom. This is called the threshold 

displacement energy E d' Figure 2.1.2 shows the variation of S n and Se with depth for an 

ion of intermediate energy (-1 OOke V) as it slows down and comes to rest in a ceramic 

target Most electronic energy deposition occurs close to the surface, whilst displacement 

damage is greatest in a region below the surface. The region where the primary ion 

causes a large number of closely spaced displacements is known as a displacement spike. 

Once displaced, a target atom may cause displacements of further neighbouring target 

atoms (Fig. 2.1.3) known as secondary collisions. The result is a cascade of displacements 

caused by the passage of the ion through the target A single incident ion of energy 

100kV will cause around 1000 displacements before it finally comes to rest in a ceramic 

material. For light ions the cascade is diffuse and relatively deep below the surface 

compared to heavy ions which produce a shallow, intense cascade. Eventually the ion will 

have insufficient energy to cause displacement and will come to rest in the target losing 

the remainder of its energy in heating. Thus the damage produced by the ion as it slows . 

down is generally closer to the surface than the position where the ion eventually comes 

to rest 

This heat generation leads to a much broader "theITIlal spike", within which there is 

considerable structural rearrangement The thermal spike includes the heat generated by 

the primary ion (and secondary atoms) in electronic excitations and the non-displacement 

collisions at the end of the track. It is because of these non-displacement collisions that 
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the thennal spike is broader than the displacement spike. 

These spikes will have a large effect on the surface structure of the target. Brinkman 

(1954) proposed that the damage spike recrystallised the target but left a large number of 

vacancies and interstitials. The thennal spike would be expected to increase the rate of 

dynamiC annealing, allowing recrystallisation, but this may not be sufficient to remove 

much of the damage. Kinchin and Pease (1955a, b) suggested that incoming ions drove 

atoms out of a core region giving a region with a high vacancy concentration surrounded 

by a shell of interstitials. In order to achieve the required atomic resolution, this sort of 

structure has been investigated by Field Ion Microscopy in self-ion irradiated tungsten 

(Scanlan et al, 1971). For implantation at 8-18K the implantation induced damage 

consisted of tungsten depleted zones below the surface (Le. regions with a high vacancy 

concentration) with a high concentration of self-interstitials deeper in the material (due to 

the effects of focussed collision sequences - see section 2.1.4.1). This damage structure 

remained after implantation was complete. 

The above defect structures should certainly apply to implantation with light ions 

where the displacement spikes are fairly diffuse (since the energy transfer to the target 

atoms is small and thus the density of secondary collisions is low) and the cascade 

dimensions are large. However for implantation with heavy ions the spikes are much 

narrower and a large amount of damage is produced in a very small volume. The 

resultant structure will have lost most of its crystallinity and rearrangement will produce 

spikes with an amorphous core. In such a situation the number of vacancies is effectively 

reduced and interstitial atoms may now play a part in the new structure. TEM 

observations show this amorphisation (Narayan et al 1984) at high damage levels. This is 

discussed in section 2.3. 

The value of Ed depends on the binding energy and the crystallographic orientation of 

the required displacement. It has been related to the cohesive (sublimation) energy of the 

target (Seitz 1949) and often E
d
=25eV is used in the absence of more accurate values. 

Recently experimental values have become available. Perhaps the most convenient 

measure of Ed is to increase the electron energy in a high voltage electron microscope 

(HVEM) until visible damage is observed. Ed is then calculated from the minimum 

electron energy to produce displacements E . , via 
mm 

[2.2] 

where mo is the electron rest mass, M the mass of the atom displaced and c the speed of 

light (Bell and Lewis, 1974; Matzke 1982). With this technique the dependence of Ed on 

temperature and crystallographic orientation can be obtained (e.g. Pelis, 1982, 1986; 

Hudson and Sheldon, 1972). For polyatomic materials additional techniques (e.g. optical 
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absorption measurements) are necessary to detennine on which subarray the damage is 

fonned. In this way it is possible to detennine displacement energies for every atom in 

the target. Studies on single crystals in various orientations (e.g. Pells, 1982) have been 

used to detennine the crystallographic variation of Ed. It is generally found that Ed is 

approximately inversely proportional to the atomic spacing along the direction of 

irradiation. 

Table 1 shows the displacement energies for a number of the materials used in this 

study. For oxides it is usually more difficult to displace the oxygen atoms from their 

structural sites than it is to displace the metallic cations. Thus most damage is likely to 

occur in the cation subarray. The variation of Ed with crystallographic orientation is also 

given for MgO. The value of Ed is largest for the (110) orientation since the spacing of 

the oxide ions nonnal to this plane is smaller than on (lOO) or (111). 

A useful quantity that may be detennined from Ed is the number of displacements 

v that a single ion causes. This has been studied theoretically by a number of workers. 

The basic model is due to Kinchin and Pease (1955a, b). This has been modified by 

Sigmund (l969a) to give 

v(E) = lCE/(2E) [2.3] 

where Ec is the energy available for creating displacements and 1( is a constant which is 

usually taken to be 0.8 (Norgett et al, 1975). E may be calculated from the nuclear 
c 

scattering cross section using the Lindhard partition function (Norgett et al, 1975). 

where 

E =E/(1+kg(E» 
c 

k=0.1337ZII6(Z!M )112 j j j 

g(E)=3.4008EII6+0.42044E3/4+E 

E=69.4 MjE a 

(Mj + M2)Zj Z2 

E in keY 

[2.4] 

[2.5] 

[2.6] 

[2.7] 

[2.8] 

In this case E is the beam energy, M and Z are the mass and atomic number of the ion 
j j 

and M2 and Z2 are the mass and atomic number of the target. The method is based on a 

number of approximations and is most accurate for cases when Z ""Z. However 
j 2 

comparison with results generated by more accurate methods (i.e. the EDEP-1 computer 
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Figure 2.1.4: A schematic representation of the depth profile of the concentration of an 

implanted ion, together with the displacement damage depth profile that results from 

implantation. The ion comes to rest deeper in the target than the majority of the damage 

it causes and thus the damage profile is always closer to the surface than the damage 

profile. Both depth profiles are non-zero at the surface. 
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code of Manning and Mueller (1974)) shows that the agreement between this and other 

approaches is good, and thus this simple method of of obtaining the energy deposited in 

displacement collisions is useful for damage calculations. 

This model has been improved by a number of workers (e.g. Thompson and Walker, 

1978) but there are still a number of difficulties in applying it to ionic materials. For 

these materials the rate of dynamic annealing during implantation, due to the thermal 

. spike and radiation enhanced diffusion, is very significant and reduces the effective 

number of displacements produced by an implanted ion. In this case it is more convenient 

to express the damage in terms of the energy deposited by an implanted ion. The 

"damage spike" now becomes an "energy spike" which can conveniently be estimated 

from the energy available to cause displacements E. Within the spike there will be much 
< 

structural rearrangement and the resultant damage concentration will be a complicated 

function of the "knock-on" damage produced and the resultant spike annealing. 

The implantation process can thus produce a range of implant and damage 

concentrations and distributions below the surface according to the amount of energy lost 

in electronic and displacement processes. Hence it is important to be able to calculate the 

implanted ion concentration and damage profiles below the surface. 

2.1.2 Range and Damage Profiles 

The range distribution for a particle implanted through the surface of a target is defined 

as the probability of finding a particle at a given position inside the target. In range 

theory the range distribution is regarded as a transport problem describing the motion of 

ions slowing down to zero energy in the target. The target is assumed to be undisturbed 

during the implantation and effects such as thermal or radiation enhanced diffusion are 

neglected. Final range distributions have been calculated by analytic transport theory 

(reviewed by Biersack and Ziegler. 1982), Monte Carlo simulation (Miyagawa et al, 1983; 

reviewed by Posselt. 1986a) and direct ion track simulation (Robinson and Oen. 1963a; 

b). 

The earliest analytic theory was developed by Lindhard. Scharff and Schiott (LSS. 

1963) and presented in a solvable form by Sanders (1968). According to this theory the 

ions have a Gaussian range distribution around an average projected range R, standard 
p 

deviation Lill. (see Fig. 2.1.4). This theory has been used as the starting point for a 
p 

number of other workers (e.g. Brice, 1970; Furukawa and Ishiwara, 1972). 

The common problem in these simulations is to include a reliable description of the 

interaction between implanted ion and target. Calculations of both the nuclear and 

electronic scattering cross sections are available though these tend to depend on 

approximations. For the nuclear scattering cross section, the repulsive interatomic potential 

is approximated by the Moliere potential which takes into consideration the screening 

effects of the electron cloud around the struck atom. From such a potential LSS calculated 
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the nuclear scattering cross section in tenns of a universal scattering function g(E) which 

has been evaluated numerically and tabulated (Fig. 2.1.5). The electronic scattering cross 

section is usually calculated from the Lindhard approximation 

[2.9] 

From these values it is possible to detennine the range of the ion from the equation 

[2.10] 

This gives the total range of the ion, from which R and.llR can be detennined. 
p p 

Such theoretical profiles have been calculated by a number of similar techniques, and 

modifications to the basic methods allow deviations from the basic calculations to be 

detennined. Further deviations from the theoretical profiles have been measured 

experimentally and calculated from Monte Carlo simulations but the Gaussian distribution 

has been shown to be a reasonable first approximation to the experimentally observed 

profile. In tenns of R and.llR the profile is given by 
p p 

C(X)= (j> exp(-O.5(X-R//.llR/) 
.J2i.llR 

[2.11] 

p 

where et> is the implanted dose and X is the distance measured along the axis of ion beam 

incidence. This equation gives slightly incorrect results since it assumes that all ions come 

to rest within the target and there is no sputtering. For heavy ions this is a good 

approximation (Ryssel, 1982). 

The theory has been modified by Winterbon, Sigmund and Sanders (WSS, 1970) to 

evaluate the damage profiles in relation to the concentration profiles. The results are 

shown graphically in Fig. 2.1.7. As expected both Monte Carlo simulations, and the WSS 

model show that the damage profile always lies closer to the surface than the 

concentration profile. Monte Carlo simulations have been modified to take into account 

the energy deposited by "knocked-on" atoms (posselt 1986b). The results predict damage 

profiles with peaks closer to the surface than the WSS model. However this effect is only 

really significant for heavy ions where modifications of Xd of <0.02!1m have been 

reported (Biersack, 1987). 

There are several computer code implementations of the WSS approach and the data 

used in this dissertation was produced by a modification of the Manning and Mueller 

EDEP-1 code (1974) run on the Harwell central computer. This program produces:-
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Figure 2.1.8: Showing the interaction of an ion beam with a crystal lattice. Ions may 

be 'steered' along crystallographic channels and thus penetrate deeper into the material 

than ions with random trajectories. Some ions are backscattered from the surface and 

other ions are scattered out of the channels some distance into the specimen. 

Dechannelling is promoted by the presence of defects in the crystal structure that block or 

reduce the width of the channels. 
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Figure 2.1.9: Depth profile of 500keV potassium in a tungsten target showing the 

effects of channelling on the ion concentration profile. When no channelling occurs 

(region 1) the profile is the expected gaussian. The channelled ions produce a deeper tail 

to the profile (regions 2 and 3). Region 3 corresponds to the range distribution of the 

channelled ions whilst region 2 is formed by the ions that are dechannelled (after 

Eriksson, 1967). 
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implanted along the <100> direction in tungsten. The profiles have approximately 
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(1) The LSS range parameters based upon the programs of Johnson and Gibbons (1969). 

(2) The damage profile related to the concentration profile based on the approximation 

of Kulcinski et al (1971). 

(3) The energy partitioning between elastic and inelastic processes. 

There are several flaws in the program, for instance it takes no account of the energy 

deposited by "knocked-on" atoms, but it still produces reasonable results. To check these 

values a second computer program was written by the present author for the BBC 

microcomputer following the method of Biersack and Ziegler (1982) to detennine R and 
p 

.1R . The values· of Xd and t.x were then detennined from Fig. 2.1.7 and checked using 
p d 

the universal relationships of Fink et al (1987). These values agree reasonably well with 

the EDEP-l values though values of t.X
d 

detennined by the universal relationships of 

Fink et al are somewhat larger than the EDEP-1 values because they are based on the 

more realistic damage profiles produced by the TRIM Monte Carlo simulation (Biersack 

and Haggmark, 1980). For consistency the EDEP-1 values have been used in this study. 

2.1.3 Channelling 

Most of the materials investigated in this study are single crystals . For these materials 

it is known that ions penetrate more deeply into the crystal along major axes. This is due 

to the 'steering' of ions down the "gaps" between crystallographic planes; the process 

prevents direct elastic collisions and is known as channelling (Fig. 2.1.8). Elastic 

collisions will still occur with interstitial atoms and sites where the lattice has become 

distorted by defects. 

One factor all the range theories have in common is that they assume an amorphous 

target, i.e. a target with no long range lattice order. Although this is a reasonable basic 

assumption, since implantation takes place at high angles and the probability of 

channelling is small, there will be some deviations from the theoretical profile shape due 

to the presence of a symmetrical arrangement of target atoms in a well defined lattice 

structure. 

Several workers have attempted to quantify the effects of channelling (Lindhard, 1965; 

Bonsignori and Desalvo, 1970; Morgan and Van Vliet, 1968), but it is difficult to predict 

whether an ion will become channelled or de channelled at some point in its trajectory. It 

is usually assumed that the contribution to the concentration and damage profiles due to 

channelling is small, which is a good approximation in most situations. 

Channelling is extremely direction dependent, but there are also strong dose, 

temperature and damage dependences. Fig. 2.1.9 shows the results of implanting 500ke V 

K into tungsten at 25°C (Eriksson, 1967). The regions 1 and 3 illustrate the amorphous 

and channelled part of the profile: region 3 ends with a steep slope which corresponds to 

the maximum range of the implanted ion. Region 2 is fonned by ions which are scattered 
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out of channels before being stopped by defects in the lattice. 

With increasing dose, more and more damage is produced and the channels are finally 

closed. If the surface is rendered amorphous, channelling stops altogether as the channels 

are effectively removed. As the temperature is increased, the damage is partly annealed 

out during implantation, but the amplitude of lattice vibrations increases, making the 

probability of de channelling much greater. The latter effect tends to give a logarithmic tail 

to the concentration profile over a wide range which has frequently been measured 

(Davies et al, 1968; see Fig. 2.1.10). 

These effects have been investigated by a number of workers including Alexander and 

Poate (1972), Fujimoto et al (1972) and Jack (1972). 

2.1.4 Other Profile Modifications 

A number of other mechanisms have been identified that will modify the theoretical 

profiles further. As of yet there is no way of accurately predicting the profiles without at 

least some data determined by experiment, although modern computer simulations (e.g. 

TRIM (Biersack and Haggmark, 1980)) have been shown to make very good predictions. 

Among the more important mechanisms are focussed collisions, radiation enhanced 

diffusion, and sputtering. 

2.1.4.1 Focussed Collision Sequences 

If an ion strikes the end of a crystallographic row of atoms at a sufficiently low angle, 

the energy of the incident ion may be dissipated along this row of atoms only. This effect 

has been reported by Silsbee (1957) and Thompson (1969). Focussed collisions fall into 

two categories:-

(1) If an incident ion has energy below a critical value and impacts below a critical 

angle it may knock forward its nearest neighbour and itself become trapped in the 

vacant site. This process may be repeated down the row until the energy of the 

displaced atom falls below that necessary to cause further displacements. In this 

situation the vacancy interstitial pairs are widely separated and it is difficult to 

recombine them by annealing. 

(2) If the energy of the incident ion is insufficient to cause displacement of the struck 

atom from its structural site, energy only may be transferred down the atomic row, 

each atom moving its neighbour only slightly. This is known as a focussed energy 

packet and serves to increase the size of the thermal spike. 

2.1.4.2 Radiation Enhanced Diffusion 

This has been the subject of an extensive review by Bourgoin and Corbett (1978). 

There are several ways in which ion implantation can increase the diffusion rate since 

there are a number of different mechanisms governing diffusion in solids. It is often 
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difficult to determine the extent to which different mechanisms operate and the measured 

behaviour is likely to be the result of a complicated combination of mechanisms. 

Basically the mechanisms by which diffusion may be enhanced fall into four categories:-

(1) Defect enhanced diffusion - commonly known as radiation enhanced diffusion. This 

is the enhancement of diffusion by the additional defects (usually vacancies) 

produced by irradiation or ion implantation. This mechanism is most noticeable at 

temperatures below which thermal diffusion is important. In ion implantation this 

mechanism would be expected to occur in the displacement spike. 

(2) Recoil enhanced diffusion - recoiling atoms may themselves create defects which 

contribute to the previous mechanism. However the non displacement collisions 

which transport energy into the material and create the thermal spike would be 

expected to enhance ordinary thermal diffusion. 

(3) Stress fields and electric fields - when a field interacts with a defect and provides a 

preferred diffusion direction this is known as field enhanced diffusion. It is 

particularly effective for charged particles in an electric field but can also occur for 

stress fields. Ion implantation is known to produce both of these (see later) and so 

this mechanism may be important 

(4) Ionisation enhanced diffusion - defects of different charge states will have different 

activation energies for thermal diffusion. If ion implantation creates defects with 

lower activation energies they will be more mobile and diffusion will be enhanced. 

Little data is available to determine which of these mechanisms is operative but in 

general defect enhanced diffusion will dominate and will produce some profile 

modification. It is expected that diffusion will broaden the profile, increasing ~R and 
p 

increasing the thickness of the implanted layer. 

2.1.4.3 Sputtering 

An effect which is often neglected in the context of ion implantation is the sputtering 

of target material by implanted ions. This effect may be extremely noticeable for heavy 

ions at high implantation doses and can lead to the alteration of the implantation profile 

up to a saturation level due to the eqUilibrium between implanted and sputtered ions. The 

most important parameter in dealing with this problem is the sputtering yield S, which 

represents the quantity of atoms displaced by an implanted ion. 

At sufficiently high energy, the sputtering yield is proportional to the energy deposited 

at the surface of the sample by impact cascades and according to Sigmund (1969b) is 

given by 
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Figure 2.1.11: Function a(MfM) for the two mean free path parameters m, used in 

the calculation of sputtering yields according to the model of Sigmund (1969b). The 

function accounts for the fact that some energy is deposited outside the target and hence 

cannot be used to sputter surface atoms (after Sigmund, 1969b). 

Target Ion Energy a Sputtering Depth Removed (nm) 
(KeV) Yield S by l x lO17 ions cm·2 

Sapphire Ti 300 0.2 0.31 2.6 
Sapphire er 300 0.2 0.37 3.1 
Sapphire Y 300 0.18 0.77 6.6 
Sapphire Zr 300 0.18 0.80 6.8 

MgO Ti 300 0.2 0.80 7.4 

Table 2: Calculated Sputtering Yields for implanted Sapphire and MgO 



where 

S = 3 Sn(E)a(M/M2) 
4 7t2CoUo 

Co = 1(2 7tf...oao
2 

f... = 24 o 
ao=O.0219 run 
a(M/M~ is a numerical function of the 
mass of the target and ion (Fig. 2.1.11). 

U 0 is the surface binding energy 

[2.12] 

Few reliable measurements of the sputtering yields of insulators are available since the 

sputtering from polyatomic materials will depend on the structure and sputtering yields of 

the individual atoms within the structure. Kelly and Lam (1972) have measured the 

sputtering yields for a number of oxide materials and compared the results to the values 

predicted by the Sigmund theory. Both MgO and AlP3 show a good agreement with the 

theory if a mean atomic weight per target atom is used for M2 and an appropriate value 

of Uo is chosen to fit the experimentally determined values. The values of Uo determined 

by this method were 9.4eV for AlP3 and 7.8eV for MgO and values for the sputtering 

yields for the AIP3 and MgO implants used in this study were calculated using these 

values (Table 2). 

The thickness of the layer removed by sputtering at dose <\> is given by 

t=S<\>IN [2.13] 

where N is the atomic density. Table 2 shows the thickness of the layer removed by 

sputtering for a dose of lxlO16 cm·2 for the implantations performed in this study. These 

are all {lrun which is very small compared to the thickness of the implanted layer 

({ lOOnm). Thus the effects of sputtering on the concentration and damage profiles in these 

materials is likely to be small, except at the highest doses. 

The modifications to the profile can then be calculated if a few simplifying 

assumptions are made:-

(1) the sputtering yield is constant and is the same for target and implanted atoms. 

(2) there is no "knock-on" of atoms. 

(3) the volume change due to radiation damage can be neglected. 

(4) implantation results in a Gaussian profile. 
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This gives:-

[2.14] 

At high doses the concentration saturates, and the saturation profile is given by:-

N(X)=.B erfc (~) 
2S 1'ER. 

p 

[2.15] 

The maximum concentration is independent of the implantation dose and depends merely 

on the atomic density of the target and the sputtering yield. 

Some workers have attempted to model profile evolution at high doses using Monte 

Carlo simulations. For instance Karpuzov (1986) introduced a number of modifications 

into an already established code (MARLOWE; Robinson and Torrens, 1974) to take into 

account the already implanted ions, the damage they cause and the sputtering of both 

target and implanted atoms. The results predict a transition from Gaussian behaviour at 

low doses, to a saturation depth profile at high doses similar to the sputter modified 

profile mentioned above. 

Such saturation profiles have been measured in a number of materials (e.g. AlP3 

(Bumett, 1984), silicon (Carter et al, 1972» and similar modifications have also been 

reported in the damage profiles. As of yet there is no theoretical treatment that correlates 

well with the measured profiles in this situation. Hence there has been a significant 

amount of interest in techniques for experimentally measuring both the concentration and 

damage profiles. The next section discusses some of these. 

2.1.5 Experimental Determination of implanJation Profiles 

Interest in the physics and chemistry of surface and near surface regions has provided 

the impetus for development of a number of surface analytical techniques. These 

techniques have a range of usefulness and thus it is necessary to make comparisons 

between them to determine which technique is most suitable for any given situation. A 

good summary of the methods, and a detailed comparison of the situations in which they 

can be used is given by We mer (1984). 

The techniques fall into two groups, namely those that are destructive and those that 

are non destructive. It is necessary for them to have good mass and depth resolution (to 

-200A) which rules out many of the bulk analysis techniques such as Energy Dispersive 

X-ray microanalysis in the Scanning Electron Microscope (EDX/SEM). Amongst the 

16 



This gives:-

[2.14] 

At high doses the concentration saturates, and the saturation profile is given by:-

N(X)=..B erfc (~) 
2S :'ffiR 

p 

[2.15] 

The maximum concentration is independent of the implantation dose and depends merely 

on the atomic density of the target and the sputtering yield. 

Some workers have attempted to model profile evolution at high doses using Monte 

Carlo simulations. For instance Karpuwv (1986) introduced a number of modifications 

into an already established code (MARLOWE; Robinson and Torrens, 1974) to take into 

account the already implanted ions, the damage they cause and the sputtering of both 

target and implanted atoms. The results predict a transition from Gaussian behaviour at 

low doses, to a saturation depth profile at high doses similar to the sputter modified 

profile mentioned above. 

Such saturation profiles have been measured in a number of materials (e.g. Alp) 
(Bumett, 1984), silicon (Carter et al, 1972» and similar modifications have also been 

reported in the damage profiles. As of yet there is no theoretical treatment that correlates 

well with the measured profiles in this situation. Hence there has been a significant 

amount of interest in techniques for experimentally measuring both the concentration and 

damage profiles. The next section discusses some of these. 

2.1.5 Experimental Determination of Implantation Profiles 

Interest in the physics and chemistry of surface and near surface regions has provided 

the impetus for development of a number of surface analytical techniques. These 

techniques have a range of usefulness and thus it is necessary to make comparisons 

between them to determine which technique is most suitable for any given situation. A 

good summary of the methods, and a detailed comparison of the situations in which they 

can be used is given by Werner (1984). 

The techniques fall into two groups, namely those that are destructive and those that 

are non destructive. It is necessary for them to have good mass and depth resolution (to 

-200A) which rules out many of the bulk analysis techniques such as Energy Dispersive 

X-ray microanalysis in the Scanning Electron Microscope (EDXlSEM). Amongst the 
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energy distribution of the reflected particles is measured with a semiconductor detector. 
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destructive techniques are AES (Auger Electron Spectroscopy), XPS (X-ray Photoelectron 

Spectroscopy) and SIMS (Secondary Ion Mass Spectrometry), which all have the required 

mass resolution. However since both AES and XPS are surface sensitive they need to be 

combined with some sort of serial polishing or controlled sputtering away of the specimen 

surface. These techniques are all at their most useful when the target has uniform 

sputtering characteristics and can give reasonable information about the concentration 

profiles of implanted materials. 

Non-destructive techniques employing ion beams (5eV - 100 MeV) to bombard the 

surface and then analyse the ions, neutral particles or photons emitted from the surface as 

a result also have the required depth resolution. Thus both nuclear reaction analysis and 

Rutherford BackScattering (RBS) have been used to generate concentration profiles. The 

latter technique is particularly useful, since it may be modified to generate the damage 

profiles as well. 

The following sections discuss some of these techniques in more detail. 

2.1.5.1 Rutherford Backscattering 

In a typical RBS setup, a beam of high energy light particles (1-2 MeV He+) is fired 

into a chamber containing the target material mounted on a goniometer. After striking the 

target material, some of the beam is scattered (Fig. 2.1.12) and the particles scattered 

within a particular solid angle are detected by a solid state detector. The detector output is 

a series of pulses, the heights of which depend on the energy of the incident particles. 

The target may be tilted with the goniometer so that the beam may be aligned with 

specific crystallographic axes. 

The pulses from the detector are analysed and stored in a multichannel analyser. An 

elastic collision with a heavier target atom will result in an energy transfer to the target 

and the reflected particle will thus have lower energy. For an implanted system where the 

mass of the implanted ion is greater than the substrate, the highest possible energy of the 

reflected beam is due to the implanted ions in the surface layer. Ions that are not scattered 

at the surface lose energy by inelastic processes as they pass through the target, before 

colliding with atoms elastically and being reflected to the detector. 

Provided we know the inelastic stopping power of the target and the geometry of the 

experimental arrangement, then the backscattering yield as a function of energy may be 

converted to a yield as a function of depth into the target. The yield increases at lower · 

energies (greater depths) because the cross section for elastic collisions increases and thus 

the probability of scattering is increased. 

The energy of a particle of mass M
j

, energy Eo' scattered from a particle of mass M z' 

through an angle e (in the laboratory frame) is given by 
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damage in the surface layer. The implant peak (for an ion of mass greater than the target) 
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Figure 2.1.14: Principles of Photoelectron and Auger Electron spectroscopy. In X-ray 

photon spectroscopy (XPS), the incident X-ray causes emission of an inner shell electron 

with a characteristic energy which can be used to determine the chemical species present 

in the target. In Auger Electron spectroscopy an electron beam is used to remove the 

inner shell electron as in XPS. However, this vacancy is now filled by an outer shell 

electron and the energy freed in this act will be transferred to another electron in the 

outer shell which is ejected with a characteristic energy. 



where 

E=kz:E o 

k=[M1 Cos9+CM2
2-M12Sin2B)1I2] 

Ml+M2 

[2.16] 

[2.17] 

This energy relationship may be converted to a depth relationship using the electronic 

stopping cross section SeCEo)' It is usually assumed that the cross section is constant as the 

ion loses energy in the surface layer of the material to make calculation easier. Though 

this is not the case, the energy losses are small enough for this to be a reasonable 

approximation, provided the depth investigated does not exceed - 0.5J.UTI. 

Departures from crystallinity in the target can be measured by combining RBS with the 

channelling phenomenon mentioned in section 2.1.3. Aligning the ion beam with a 

. specific crystallographic direction allow the helium ions to travel down the channels and 

be scattered by displaced target atoms or the distortions to the lattice they cause in single 

crystal specimens. The aligned yield thus depends on the number of displaced atoms and 

will be a measure of the damage profile. 

In general, RBS is used to determine both profiles by obtaining a random spectrum 

(usually 7° off a major crystal axis where the target behaves as if it is amorphous) and 

then comparing it to the channelled spectrum from this axis (Fig. 2.1.13). In such spectra, 

for high dose implants, it has been found that the channelled and random spectra are 

coincident over a small energy and hence depth range (e.g. McHargue et al 1982). This 

situation occurs when an amorphous layer is formed and thus RBS may be used to detect 

the onset of amorphisation and measure the thickness of the amorphous layer produced. 

Thus RBS is a very important technique for determining both the concentration and 

damage profiles of implanted specimens. Further experimental and theoretical details are 

summarised by Eyre (1984). 

2.1.5.2 Auger Electron Spectroscopy 

In AES primary electrons with energies between 0.5 and lOke V are used to irradiate 

the surface of the target and cause the ejection of secondary electrons, hence creating a 

hole in a core electron energy band W (see Fig. 2.1.14). The excited atom can relax 

either by radiation of a photon, or by an Auger transition, the latter being found 

preferentially for light elements. For the Auger transition, the available energy E(W)-E(X) 

is transferred to a third electron, the Auger electron, with a characteristic energy Ewxy' 

Here WXY indicate the three electron energy levels involved. The energy of the Auger 

electron is characteristic of a particular element in a particlular chemical state and may be 

used to identify the oxidation states and concentrations of the elements in the target. The 
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energies are typically only a few eV and thus the Auger electrons can only escape from 

the top few monolayers of the target. Thus combining AES with in situ sputtering allows 

the concentration profile to be deduced. 

The escape depth of Auger electrons from the target is only a few monolayers and 

hence the technique is very surface specific. Since sputtering can be controlled to remove 

very thin surface layers, the technique has the required mass and depth resolution. It is 

usually assumed that the sputtering yield is constant with composition and thus the depth 

is proportional to sputtering time. According to Palmberg (1976), atomic concentrations 

are derived by 

[2.l8] 

where lA are the measured intensities and I~ are the elemental sensitivity factors which 

are determined from experiments with materials of known composition. 

There are a number of problems in using AES to determine depth profiles in implanted 

materials. Sputtering yields are known to vary with composition and other effects, such as 

the geometry of the sputtered pit, peak overlap and background variations must also be 

corrected for. For the depth profiling of oxides, the sputtering is known to reduce the 

oxide, and changes in surface stoichiometry due to the effects of preferential sputtering 

have been reported. AIl these are discussed in detail by Mathieu (1984). 

If these corrections are performed, AES is a useful technique for studying the 

concentration profiles in implanted specimens. Singer and Bolster (1980) have used the 

technique to produce nitrogen depth profiles in implanted steel specimens using sensitivity 

factors from the PEI Auger handbook (Ed. Davis, 1976). Though the reliability of these 

. results depends on the assumptions inherent in the analysis of the data, the technique 

determines a Gaussian profile similar to that predicted by range theory. 

2.1.5.3 Secondary Ion Mass Spectrometry 

In this technique a beam of ions (of energy a few ke V) is used to sputter material 

from the surface of a specimen. Some of the sputtered atoms will be charged and can be 

analysed using a mass spectrometer. Since the detection limit of the technique is very low 

it would seem to be an ideal technique for analysing the concentration profiles in low 

dose implanted specimens. However there are a number of problems with SIMS that have 

yet to be adequately resolved: apart from the problems with variable sputtering yield (as 

for AES) there is a major problem with variable ionisation rate of the sputtered atoms. In 

order to combat this Secondary Neutral Ion Mass Spectrometry (SNMS) has been 

developed, where the sputtered atoms are ionised after leaving the specimen surface and 

then analysed in the mass spectrometer. For more details of both techniques see Oechsner 
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(1984). 

SIMS has been used to investigate B-implanted silica (Hotker et al, 1973; Wittmaack 

et al, 1975) at low doses where the matrix can be assumed to have uniform sputtering 

characteristics. The agreement of the . profiles with theoretical values is quite good, 

although the experimental ranges are slightly lower than theory predicts and the straggling 

somewhat larger. Whether this is due to the profiling technique or the deficiencies in the 

theory is as yet unclear, although similar deviations were observed by Hotker et al (1975) 

in amorphous silicon. 

2.1.5.4 Other Techniques 

A number of other techniques have been used to produce concentration and damage 

profiles but these are not generally useful since they do not have the required depth 

resolution or require difficult specimen preparation techniques. One such technique 

involves use of the Transmission Electron Microscope (TEM); cross-sectional TEM has 

been used to complement RBS damage measurements (Sad ana et al, 1980a). Visible 

damaged areas in TEM micrographs correspond to areas of high damage as determined by 

RBS. Sklad (1986) has studied the concentration profiles in Ti-implanted AlP3 in the 

TEM, using a wedge-shaped specimen that was subsequently back-thinned. By making 

some assumptions about the geometry of the thinned wedge, the concentration profile may 

be determined by EDX. However this technique is of limited usefulness, since it is 

critically dependent on the ease of specimen preparation, and the specimen geometry after 

thinning. There is also a possibility that the concentration profile may be altered by the 

specimen prepar~tion methods. Another technique that has been used is ion induced x-rays 

(Cairns et al, 1973). This is useful for light elements because the x-ray scattering cross 

section is larger for these elements. However all these techniques are of limited usefulness 

and most analyses of ion implanted materials have been performed by RBS. 

2.2 Radiation Damage and New Phase Formation 

As seen in previous sections, as an energetic ion slows down and comes to rest in a 

material, it will do damage both by nuclear collisions and electronic losses. Though the 

majority of the damage caused during implantation will be simple displacement damage 

(i.e. the creation of Frenkel pairs), the defects that remain after implantation has ceased 

will be more complex than these simple vacancy-interstitial pairs. The following sections 

mention some of the defects that have been identified in implanted ceramic materials. 

For further details on many of the defects see the review by Crawford (1984). 

2.2.1 Nuclear Collisions 

Gibbons (1972) has summarised the range of defects produced by displacement damage 

in silicon. If an incoming ion knocks an atom off its structural site then a vacancy-
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interstitial (Frenkel) pair is produced that may be important in the formation of other 

defects, depending on the temperature of irradiation. In silicon, the vacancy can exist in 

several charge states, and this will effect its annealing characteristics significantly (Vook 

and Stein, 1971). The vacancy annealing temperature is in the region of 70K for the 

singly charged state and 150K for the neutral state. Since these annealing temperatures are 

so low, the majority of the stable defects in Si are formed by vacancy agglomeration, or 

by vacancy/impurity association. For ion implantation, the most important defect is the 

divacancy, which forms if the incident ion succeeds in displacing two adjacent atoms, or 

if two single vacancies combine before they are annealed out. Divacancies are stable up 

to -250°C and thus they are a prominent defect in silicon implanted at room 

temperature. 

Another important set of defects is dislocation lines and loops, which may grow either 

by the agglomeration of simple defects or as a result of the strain fields that accompany 

unannealed damage. The special importance of the dislocation loops and lines arises from 

the fact that, while they may change their length, shape and location, as the crystal is 

annealed, they do not generally disappear unless the crystal is subjected to a prolonged 

anneal in vacuum. 

Similar defects can be found in insulators, but there are a number of extra 

complications:-

(1) Insulators are generally compounds (i. e. oxides) with different subarrays of atoms 

with different atomic numbers. Since the displacement energy will vary between 

these subarrays, it is often difficult to specify and identify the subarray for the 

observed defects, and the mobilities of these defects may vary greatly within 

individual subarrays. 

(2) Defects can form with a range of charge states, and this will affect both their 

mobility and the forces between them. 

(3) Due to the low thermal and electronic conductivity of insulators, the rate of dynamic 

annealing of defects due to the thermal spike is likely to be significant. 

Of the materials investigated in this study, the defects produced in both MgO and AlP3 
have been investigated by a number of workers (e.g. Hickman and Walker, 1965; Wilks, 

1968; Pells, 1984». TEM studies (Wilks, 1968) have yielded some insight into the basic 

processes occurring. At low doses Frenkel pairs are created, which can either recombine 

instantaneously or precipitate out at sinks. There is evidence that anion vacancies in MgO 

trap one (P) or two (F) electrons, whereas cation vacancies have been reported to be 

empty vacancies (\P.) or with one CV-) or two CV) holes trapped on the oxygen ions 

surrounding the vacancy (Tench and Duck, 1973). The formation of interstitials usually 

leads to an increase in the volume of the unit cell, whilst vacancies can lead to lattice 
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contraction. At increasing doses, the interstitials tend to agglomerate into observable 

clusters and fault-free dislocation loops. Finally at the very highest doses vacancies cluster 

into observable voids. A TEM study by Rechtin (1979) indicated that the defect structure 

of AlP3 implanted with He, 0, Ne and C at temperatures above 500°C was characteristic 

of the damage produced by neutrons or fast electrons. 

Both P and F centres have been identified for AlP3 (pells, 1984; Evans and 

Stapelbroek, 1978) and detailed studies of the defects produced in this material at high 

doses have been undertaken (e.g. Pells and Shikama, 1983). Irradiation with neutrons at 

900-1100K produces dislocation loops lying on both (0001) and (1otO) planes (Howitt 

and Mitchell, 1981). The predominance of those lying in the basal plane has been used to 

explain the large swelling of AlP3 along the c-axis compared to other crystallographic 

orientations. Voids have also been observed to align along the c-axis in AlZ03 at high 

irradiation doses. 

Point defect clusters ("black spots") have been observed in low dose Cr-implanted 

AlZ03 (McHargue et al, 1983). However detailed identification of these clusters in the 

TEM has proved impossible because of the large residual stresses in the thinned foils. 

The number of Observed oxygen vacancy centres for both MgO and Al
Z
0

3
, has been 

reported to be only -10% the number of defects calculated from the Kinchin-Pease 

equations (Hughes, 1986). The calculations thus overestimate the number of defects that 

survive after implantation, since they do not account for the annealing of defects during 

the process. 

Most of the defects mentioned in this section can be described as simple defects, in the 

sense that they have well-defined lattice geometries, and can be explained in terms of the 

motion of vacancies and interstitials. However in the displacement spike produced by 

heavy ion implantation, large numbers of atoms can be displaced in a small volume. 

When this occurs, the characteristics of the material in this region can no longer be 

regarded as those of fully crystalline material and tend towards those of the amorphous 

state. It is thus useful to consider the conditions under which a transformation from 

crystalline to amorphous material may occur (see section 2.3). 

2.2.2 Electronic Damage 

A fast moving ion will lose energy to the electrons of the target by the inelastic 

process of excitation and ionisation. In general it can be shown that excitation of the 

valence electrons is most likely by a resonant coupling between the motion of the 

implanted ion and the natural vibration mode of the electron (Thompson, 1969). Energy 

lost to the electrons of the target will eventually be dissipated as heat. 

Ionising radiation, such as x-rays and y-rays, is known to generate colour changes in 

sapphire (Crawford, 1982) due to the production of colour centres (electrons trapped at 

defects). Such colour centres give rise to characteristic optical absorption bands (e.g. 
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Levy, 1961; Crawford, 1984) which have also been measured for both neutron irradiation 

(Levy, 1961) and fast ion irradiation (Luera et al, 1976). For implantation with light ions 

(e.g. Luera et al, 1976), the optical absorption due to these defects increases with dose 

until at a relatively high dose (lx1016 cm·2 for sapphire) saturation occurs. For heavy ions 

there is a saturation at much lower doses, and after saturation a reduction in the 

absorption band intensity is observed. Studies of the thermal stability of colour centres in 

neutron irradiated sapphire (Bunch and Oinard, 1974) indicate that colour centres begin to 

anneal at around 150°C. Thus the temperature rise associated with the thermal spikes 

during ion implantation (which has been estimated to be typically around 250°C for 

sapphire - see section 5.2) would be expected to anneal out these colour centres and 

produce the observed reduction in optical absorption. 

The colour changes associated with high dose ion implantation cannot thus be 

attributed to the formation of these colour centres. With metallic implants, the surface 

becomes almost metallic in appearance after high dose ion implantation (Bumett, 1984) 

which implies that the colour change is in fact a function of the bonding within the 

surface layer. The increase in the number of metal-metal bonds in the implanted material 

is thus responsible for the metallic appearance of the material after high dose ion 

implantation. The development of a metallic colour thus requires a large amount of 

knock-on damage enabling metal-metal bonds to be formed, either by bonding between 

the substrate cations or as a result of the implantation of a high dose of a metallic ion. 

2.2.3 The Fate of the Implanted Ions 

As well as t1!e structural changes that the target undergoes, due to displacement 

collisions and ionisation, the implanted ion can undergo changes as it slows down in the 

target. Electrons can be captured or lost by the ion, which will change its charge state. At 

the end of the track the ion may become incorporated into the structure of the target and 

form bonds to target atoms. All these processes will have important consequences for the 

physical properties of the implanted material. 

Much information is available about the charge state of energetic ions as the travel 

through dense media, but a clear theoretical picture of the mechanisms of energy loss in 

charge transfer reactions is not yet available. Much of the theoretical work has been 

reviewed by Datz (1975); more recent studies have concentrated on measuring the charge 

states of implanted ions in specific situations. 

Conversion Electron Mossbauer Spectroscopy (CEMS) has been used to determine the 

charge state of iron implanted into a range of materials. Perez et al (1983) and Kowalski 

et al (1983) found that the Fe was present in three well-defined charge states, Fe3+, Fe2
+ 

and Feo (metallic). McHargue et al (1987) have used a similar technique to study the 

charge state of Fe implanted into sapphire. Again the iron was found to be in the same 

three charge states. 
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Other workers have used different techniques to study the charge state of implanted 

ions, including XPS (Burnett, 1985) and EXAFS (Bourdillon et al, 1986 - see section 

11.1). The general conclusion is that although the implanted ion starts off in a single well 

defined charge state, it occupies a range of states once it has come to rest in the target 

material. This is not surprising since there is a range of ion concentration and damage 

levels below the surface, and different ions will have different chemical interactions with 

the target at different depths because of this. 

The position of foreign atoms in good single crystals can be detennined by analysing 

the energy of backscattered high energy ions in various crystallographic directions. For 

details of the technique see Howe and Davies (1980) or Camera et al (1980). By scanning 

across several crystallographic directions, one can uniquely detennine the location of an 

impurity ion (Fig. 2.2.1). McHargue and Yust (1984) have used the technique to study the 

location of Cr implanted into (0001) sapphire. At a dose of 1x1017 Cr cm·z approximately 

45% of the er was found to be in interstitial sites. The remaining Cr has become 

incorporated into the lattice. Since Cr+- may replace Al3+ in the aluminium subarray, the 

majority of the Cr implant has ended up substitutional. Matzke et al (1982) have used the 

technique to study Pt bombarded MgO and Al
Z
0 3. In each case no substitutionality was 

found. Thus the degree of substitutionality is a function of the chemical bonding between 

implanted ion and target. This can clearly be seen from subsequent annealing experiments. 

McHargue and Yust (1984) also reported that annealing Cr-implanted sapphire resulted in 

significant Chromium incorporation into the Al-subarray, as well as annealing of damage 

in both the Al- and O-subarrays. Annealing of the Pt implants results in the formation of 

Pt precipitates, which is not surprising given the thermodynamic instability of Pt-O 

compounds. Similar studies of Pb implanted sapphire by Drigo et al (1977) and Camera 

et al (1980) indicate that at low doses the implanted Pb in almost all substitutional, along 

rows of Al, but slightly displaced from the position of the Al atom. 

Thus the fate of the implanted ions, both in terms of charge state and lattice location, 

will depend on chemical interactions within the target, the thermodynamic stability of any 

possible compounds, and the size of the implanted ion with respect to available structural 

sites. 

Implantation to high doses will also cause changes in the stoichiometry of the target. 

Parker and Kelly (1975) report that implanting Ti0
2 

with inert gas ions results in a 

change of stoichiometry due to preferential oxygen sputtering or precipitation. A layer of 

TiP3 about lOnm thick was produced by lxlO17 Kr cm-2 implantation. Implanting Ti0
2 

with alkali metal ions (Guennazi et al, 1980) results in the fonnation of implanted-metal 

to oxygen bonds, which is accompanied by conversion of Ti4
+ in the target to Ti3+. 

In general, such changes in stoichiometry are limited to systems where target atoms 

can exist in a range of charge states. No similar changes have been reported for sapphire 
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or MgO for low dose implantation. At high doses, however, it is possible to produce 

implanted ion concentrations of the order of 30-40 atom%. In this case the target can no 

longer be said to be the same material as it was before implantation since large numbers 

of implanted ions will have been incorporated into the structure. 

2.2.4 Voids and Bubbles 

Voids form by the agglomeration of vacancies and have long been of interest to 

nuclear scientists. In general the formation of these defects requires both high 

temperatures and high defect concentrations to be maintained for a sufficiently long 

period of time. Such conditions occur in high dose ion implantation. A considerable 

number of studies of the effects of voids on the properties of materials have been 

performed to understand the occurrence and control of these defects. These have been 

renewed by Kulcinski (1973). 

Implantation of gaseous ions into materials can result in the formation of bubbles 

either on implantation (Wittmaack and Staudenmaier, 1980) or after annealing (Mazey et 

al 1971) since these gases tend to be insoluble in the implanted material. Work on 

bubbles formed by nuclear reactor irradiated material (Barnes et · al 1958) indicated that 

gas atoms alone were not sufficient to form bubbles and that vacancies also are required. 

According to Thompson (1969) if the gas behaves as a perfect gas then the number of 

gas atoms in the bubble is given by 

m=funf 
3kT 

where r is the bubble radius and y the surface energy 

[2.19] 

The bubble may be considered as a vacancy cluster containing gas atoms. It is 

interesting to compare the number of vacancies, n, required to make the space occupied 

by the bubble with the number of gas atoms, m, to give the equilibrium gas pressure in 

the bubble. Again according to Thompson (1969):-

!! :::: kTr 
m 2ny 

[2.20] 

where n is the volume of the vacancy. At 300K, with y=IJm-z, r=O.lllm and D=3A this 

gives n/m=70. Since more vacancies are thus required to form a bubble than gas atoms, it 

seems likely that the bubbles will initially form at the peak of the damage profile below 

the surface. 

The surface structures which form from the implantation of gas atoms are 

predominantly a function of the stresses caused by the implantation (see section 3.3) and 

the internal gas pressure. The development of such structures is determined by the range 
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Figure 2.2.2: Secondary SEM micrograph of blisters in 5x1016 Y cm·2 implanted (1012) 

sapphire. The blisters are irregular in shape and form in response to the compressive 

implantation induced stresses (see text). 



-
Figure 2.2.2: Secondary SEM micrograph of blisters in 5xlOl6 Y cm·2 implanted (1012) 

sapphire. The blisters are irregular in shape and form in response to the compressive 

implantation induced stresses (see text). 



Figure 2.2.3: Cross sections through blisters according to the models of (a)Primak and 

Luthra (1966) and (b) Eemisse and Picraux (1977). Blisters can form either due to the 

pressure of internal gases as in (a) or by upward compressive buckling in response to 

implantation induced stresses as in (b). The blisters pictured in Figure 2.2.2 have formed 

by the latter route. 



of the implanted ion, gas atom trapping and the temperature and properties of the target 

material. Broadly there are four important dose regimes:-

(1) At low doses single gas atoms are held at trapping sites within the surface layer and 

do not escape after implantation. 

(2) At intermediate doses gases may cluster at these trapping sites leading to gas bubble 

formation as discussed previously. This may lead to material swelling. 

(3) At high doses the amount of gas trapped in the target saturates. At the same time the 

surface layer may be deformed into blisters and flakes due to internal gas pressure 

and lateral compressive stresses. 

(4) At very high doses, sputter erosion becomes important and a layer approximately as 

thick as the ion range is removed. In this regime the blisters are found to disappear 

and a spongy surface is found. 

Blisters are dome-shaped bulgings of the surface layer, mostly circular but sometimes 

irregular in shape (Fig. 2.2.2). A lenticular cavity is included between the blister cap and 

the bulk material and the bottom of this cavity is often flat. Early models of blistering 

(primak and Luthra, 1966) were based on the assumption that the blister was formed due 

to the gas pressure within it. In order for this to take place a crack must be generated 

parallel to the specimen surface. This may be formed from the damage produced by ion 

implantation below the surface, or from a layer of gas bubbles. Once the crack is formed, 

the pressure of gas within the cavity forces the surface layer to expand upwards to fonn 

the blister. The plister thus forms with a flat bottom and approximately the shape of a 

spherical shell (see Fig. 2.2.3a). The surface dilation of the blister cap is so large that it 

can only be explained by plastic deformation. 

However, blisters have also been observed in materials implanted with non-gaseous 

ions (Bull and Page, 1987 - see section 6.5) and thus another mechanism should be 

important. Ion implantation is known to produce lateral surface compressive stresses 

(section 3.3) and thus .Eernisse and Picraux (1977) proposed a mechanism of blister 

formation based on these stresses. In this case shear yielding occurs below the surface due 

to the compressive stresses. If the interface between the bulk and the surface layer fails, 

then the surface layer will relax upwards to reduce the stress (Fig. 2.2.3b). The lid of the 

blister is now elastically deformed, and plasticity need only occur at its edges. Predictions 

of blister size based on this model were found to approximately fit observed data for He 

implanted Nb. More recently it has been pointed out by Wolfer (1980) that the stresses 

caused in the target by the high pressure gas in small gas bubbles will also be important 

in blister formation. 

A detailed discussion of these mechanisms and all aspects of the development of 

surface topography due to gas ion implantation can be found in the review of Scherzer 
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(1983). Whatever the detailed mechanism of blister fonnation, the presence of blisters and 

other surface topographic features will have serious implications if the material is to be 

used for tribological applications. 

2.2.5 Damage Recovery and New Phase Formation 

The introduction of a large number of implanted ions into the surface of a target can 

result in the formation of new phases, particularly when associated with some post

implantation annealing. During such annealing a substantial fraction of the implantation 

induced damage is removed, and . the implanted ions may be rearranged by diffusion. This 

atomic rearrangement provides the driving force for the nucleation and growth of 

precipitates within the target. Similar reactions may occur with the implanted ions at the 

end of their tracks, the so-called "hot atom chemistry" described by Rossler (1986). Thus 

new phases may be formed on ion implantation without subsequent heating if sufficient 

thermal energy is available for atomic rearrangement from the substrate temperature or 

from the thermal spikes of the implanted ions. 

Damage recovery on annealing of implanted materials has been investigated by a 

number of workers. Naramoto et al (1983) used RBS to study the damage levels in Cr

implanted AlP3 isochronally annealed at a range of temperatures from 800°C to 1600°C. 

Damage recovery begins selectively in the aluminium subarray at about 700°C, with little 

or no change in the disorder in the oxygen subarray at this temperature. At about 

900°C recovery begins in the oxygen sub array and continues until 1100°C when there is 

only a small amount of damage left to recover. Above this temperature the chromium is 

incorporated int? the aluminium subarray. In contrast to this behaviour McHargue at al 

(1982) showed that annealing of Zr-implanted sapphire showed little or no incorporation 

of the Zr into the lattice, and the damage recovery occurred at higher temperatures 

(- 800°C for the Al-subarray and -1300°C for the O-subarray. Bohn et al (1987) studied 

the effects of annealing ex-SiC implanted with chromium and nitrogen. At low doses, 

lattice damage recovers continuously up to 1000°C when no measurable damage remains. 

After annealing at 1300°C, McHargue et al (1982) showed the existence of Zr-rich 

precipitates in 2xlO16 Zr cm·2 implanted sapphire using TEM. Since zr02 and AlP3 

exhibit negligible solid solubility (Levin and McMurdie, 1975) these precipitates are 

probably Zr02, though they are too small to identify by TEM (-5nm). For Ti-implanted 

sapphire (McHargue et al, 1982) annealed at the same temperature needle-like precipitates 

are observed parallel to the {0001} surface if the annealing is carried out in oxygen. 

Similar precipitates were observed by Bumett and Page (1984c) and were identified as the 

orthorhombic phase 3AlP3:Ti02' As well as precipitates large numbers of small voids 

were formed. 

Precipitation phenomena have been studied in sapphire crystals of a number of 

different orientations implanted with Mn ions have been investigated by Ohkubo et al 
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(1986). Using both RBS and X-Ray Diffraction (XRD), both the migration of implanted 

ions and the formation of precipitates was studied. For the isochronal annealing of 1xlO17 

Mn cm'z implanted sapphire, as well as the recovery of damage as discussed previously, 

Mn was found to migrate towards the surface if the specimen was implanted at 77K and 

then annealed at 900°C. If the implantation was carried out at 115°C, the Mn migrated 

towards a subsurface region centered on the range of the implanted ions. At 77K a 

surface amOIphous layer was formed and the driving force for Mn migration was thus the 

epitaxial recrystallisation of the amorphous layer. At the higher temperature only a 

subsurface amorphous layer was formed and thus recrystallisation forces ions from the 

damaged but crystalline surface to the interior as well as from the bulk towards the 

surface as previously. Thus the implanted ion profile after annealing will be a strong 

function of the damage in the as implanted state. Annealing of the (0001) specimens 

between lOOO°C and 1200°C produced precipitates of MnAlp 4' These precipitates have 
- -

a well defined orientation relationship with the substrate. For the (1120) and (1102) 

planes, annealing of identical implants produced MnP4 precipitates. In all cases the 

precipitates formed with an epitaxial relationship with the substrate. Similar precipitates 

were formed with Ni-implantation. Sklad (1986) reports the formation of iron-rich 

precipitates in Fe-implanted sapphire annealed at 1500°C. 

Precipitates have been found in a number of other ceramic systems. Bumett and Page 

(1984d) have annealed MgO implanted with Ti and Cr ions at 800°C. In both cases some 

damage recovery occurs and then there is some precipitation. TEM observation identified 

the precipitates in the Ti-imp1anted specimens as MgzTi0
4 

spinel. Since spinels can easily 

form with a {Ill} growth habit in MgO (i.e. providing maximum interfacial coherency 

by allowing the {Ill} nearly-c1ose-packed oxygen planes to form the faces of precipitates 

- Reppich and Knoch, 1975) this result is not unexpected. Similar spinel precipitates were 

observed by Perez et al (1982) in Fe-implanted MgO. Alkali metal implants in MgO 

(perez . et al, 1982) have been found to produce metal colloids on annealing. Similar metal 

colloids have been observed to form following the implantation of noble metals (Au, Ag) 

into alumina-silica glass (Amold and Borders, 1977). 

Akimchenko et al (1977) used carbon implantation in silicon and silicon implantation 

in diamond to produce regions of SiC after annealing at 900°C or above. Similar results 

were reported by Krasnopevtsev et al (1976). Ramin et al (1980) have synthesised Si3N4 

from nitrogen implanted silicon. Dienel et al (1982) produced boron carbide by annealing 

B-implanted carbon at 1050°C. An important technique in the semiconductor industry is 

to implant oxygen into silicon (e.g. Hensel et al, 1985; Tuppen et al, 1985) and then 

produce a buried insulating layer of SiOz by annealing at ~800°C. 

Ion implantation has also been used to produce phase transformations in zirconia 

(Hasegawa et al, 1985). Implantation with 3MeV nitrogen resulted in changing a sintered 
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fully-stabilised zirconia from the cubic to the rhombohedral phase. It was concluded that 

this rhombohedral phase was not a zirconium oxynitride formed by implantation, but that 

a stress-induced transformation had occurred produced by the implantation induced 

stresses. A similar phase change was observed for lower energy implants by Bumett and 

Page (1986b). 

Metastable phases may be fonned in some systems without the need for post 

implantation annealing. For instance Rauschenbach (1986) produced a range of titanium 

nitrides by room temperature nitrogen implantation of polycrystalline titanium. 

Further details on the factors affecting precipitation in ion implanted systems may be 

found in the reviews of Borders (1980) and Picraux (1980a, b). 

2.3 Radiation Damage and the Amorphous Transition 

If the implantation of ions into a ceramic material causes sufficient displacement 

damage it may completely randomise (amorphi se) the surface layer of the material. Such 

amorphous layers have substantially different properties from the damaged but crystalline 

material (e.g. hardness (Bumett and Page, 1984a)) and thus it is important to be able to 

predict the onset of amorphisation and the thickness of amorphous layer produced. 

2.3.1 Amorphisation Mechanisms 

In order to model the development of amorphous material it is important to consider how 

this might be produced from the damage caused by the implantation of energetic ions. 

Morehead and Crowder (1970) attempted to model the formation of an amorphous layer 

by the overlapping of the displacement spikes mentioned previously (section 2.1.1). On 

average an ion comes to rest in around 1O.13s during which much of the energy loss goes 

into the atomic displacements that fonn the displacement cascade. The rest of the energy 

is dissipated as heat, resulting in a thermal spike that may last for 1O-12s. The result of the 

ion stopping is thus a highly disordered region with many displaced atoms and broken 

bonds. These displaced atoms will refonn bonds and change their positions until a 

relatively stable phase is produced after around 1O-9s. While this is happening vacancies 

escape via thennal diffusion from the disordered core. The result is that the displacement 

spike becomes a region with an amorphous core and an outer crystalline sheath. At doses 

when the amorphous cores can overlap, a continuous amorphous layer will be fonned. 

The important variables are thus the nuclear stopping power of the ion which determines 

the initial size of the damage spike, and the temperature of the target which detennines 

how far the vacancies can diffuse and hence how much the spike contracts before it 

becomes stable. 

The model has been used to predict the variation of amorphisation dose with 

temperature, using estimates for the size of the amorphous core and the vacancy diffusion 
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Figure 2.3.1: Graph of amorphisation dose against reciprocal temperature for silicon 

implanted with a range of ions. The fitted curves are from the model of Morehead and 

Crowder. A reasonable fit to the experimental points for boron, phosphorous and 

antimony (obtained from electron spin resonance measurements) is obtained for fitting 

parameters K=115 (keV/J..lm)"1!2 and U=0.06eV. (After Morehead and Crowder, 1970 - see 

text). 



distance. Morehead and Crowder deduce the relationship 

[2.21] 

where 4>0 is the amorphisation dose at OK, N is the atomic density, K is a measure of the 

damage efficiency of the implantation (it relates the damage produced by an incident ion 

to the initial displacement energy deposition of that ion), Eo is the beam energy, and U is 

the activation energy for the annealing of displacement cascades. The constants K and U 

may be determined by fitting the equation to experimental data. For Si these have been 

determined as K=115 (keV/jlffi)"lf2 and U=0.06eV by fitting to experimental data from 

electron spin resonance studies. This data is plotted in Fig. 2.3.1 showing that a 

reasonable fit is achieved. However, the model does not take into consideration the 

recrystaliisation in the amorphous core of the displacement spike and hence may be 

inaccurate in cases where this dominates. 

The model is also only applicable to irradiation by heavy ions, since it requires that the 

core of the displacement spike is amorphous, which is not true for light ions. For light 

ions Gibbons (1972) has modified the model by assuming that amorphous material is not 

produced until the damage spikes overlap. In both cases mathematical formulations have 

been developed which show good fits to experimental data. 

In both these models, the transition from crystalline to amorphous is not instantaneous. 

It requires the formation of intense damage spikes which then overlap and then expand 

until they agglomerate into a continuous amorphous layer. For this reason different 

techniques for detection of the onset of amorphisation may give slightly different results 

for the amorphisation dose, although the process is sufficiently rapid that such a concept 

is useful when making predictions about amorphisation. 

Accompanying both amorphisation and the formation of defects is a volume change 

(usually an expansion - e.g. Maby et aI, 1981). This volume expansion results in the 

production of stresses in the implanted layer (see section 3.3). 

2.3.2 Factors Affecting Amorphisation 

The factors that determine whether or not a particular material will amorphi se may be 

conveniently divided into those which depend on implantation conditions, and those 

related to target characteristics. These two categories will be interdependent. 

The implantation conditions will manifest themselves in the range and damage 

parameters of the target and thus the model of Morehead and Crowder (1970) can be used 

to make predictions about amorphisation. It is found in practice that some ions are more 

effective at producing amorphisation than others (i.e. heavy ions which create more 

damage), and that amorphisation is affected by altering the implantation conditions (and 
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Figure 2.3.2: Showing the empirical relationship between the critical amorphisation 

energy density (CECA) and the bond type in a number of materials. The more ionically 

bonded materials require much greater energy densities to be rendered amorphous (from 

Bumett, 1984). 

Material Ionicity CECA Source 
(%) (keV cm·3) 

AlZ03 62 6-8xlOZl Bumett and Page, 1984b 

GaAs 32 6.6xl()21 Bumett and Page, 1986 

Ge 0 2.7-5.4xlO20 Bumett and Page, 1986 

MgO 73 5.4xlOZl Bumett, 1984 

Si 0 O.6-1.0xlOz1 Christel et al, 1981 

SiC 13 2.0xlOzl Williams et al, 1983 

Si3N4 6 4.5x1021 This study 
SiOz 17 4.3xlO20 From data of Matzke, 1966 

WC 15 3.1-6.5xlOZl Bumett and Page, 1986 

zrOz 68 4. Ox lOZl Bumett and Page, 1986 

Table 3:. Ionicities and Amorphisation Energy Densities for Various Materials 



hence changing the amount of in situ annealing for instance). The model of Morehead and 

Crowder indicates that the important factors that govern amorphisation are the nuclear 

stopping cross section (and hence ion mass and ion energy) and the temperature of the 

substrate. At higher temperatures, the size of the displacement cascade is smaller and thus 

amorphisation is more difficult. Ion energy and mass would be expected to have a more 

complicated effect on amorphisation. Though heavy ions at high energies create larger 

displacement cascades and hence would be expected to produce easy amorphisation, the 

substrate heating caused by heavy ions would be expected to anneal out this damage and 

thus reduce the probability of amorphisation. 

Another factor that the model ignores is dose rate. If the dose rate is sufficiently high, 

a steady state concentration of vacancies will be produced in the crystalline material 

surrounding the displacement spikes. The effect of this will be to impede the outward 

diffusion of vacancies and thus promote amorphisation. In competition with this will be 

the effects of increased beam heating which would be expected to promote annealing of 

damage and thus reduce the production of amorPhOUS material. 

Attempts to calculate the critical damage levels for amorphisation at room temperature 

usually assume that all the target atoms need to be displaced in order that amorphisation 

can take place. However Christel et al (1981) reported that silicon was rendered 

amorphous when only 10% of the target atoms had been displaced. It is expected that 

similar damage thresholds for amorphisation can be found for all materials, but these will 

depend on the properties of the target material and the stability of the amorphous layer 

formed and are not amenable to simple calculation. Thus a more. useful criterion for the 

prediction of the dose at which amorphisation starts is to use a critical energy deposition 

criterion (Bourgoin et al, 1974; Naguib and Kelly, 1975a; b; Bumett and Page, 1984; 

Christel et al, 1981). At low temperatures, when the majority of the damage produced by 

implantation is still present, this critical energy will be the energy deposited in nuclear 

collisions at the onset of amorphisation. At higher temperatures, some annealing may take 

place and thus the critical energy will increase for a particular target. Table 3 shows 

critical energies for amorphisation for a range of materials, including those implanted in 

this study, determined for room temperature implantation. 

Naguib and Kelly (1975 a,b) have reviewed a number of other criteria for predicting 

the effects of target characteristics on amorphisation. In practice not all materials have 

been observed to amorphise when bombarded and the amorphisation dose has been found 

to be a function of the type of bonding present in the target. In order to explain the first 

observation Naguib and Kelly (1975a) have proposed a temperature ratio criterion to 

account for recrystallisation of the damaged material. By their model, the amorphous 

centre of a displacement spike is treated as a hot liquid which is allowed to cool whilst 

the thermal spike is being dissipated. If crystallisation starts at a sufficiently high 
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temperaUlre To' then by the time that the thermal spike has dissipated. the amorphous 

region will have recrystallised. Naguib and Kelly calculate a temperature ratio criterion 

T rr <0.3 for this to occur where T is the melting temperature. This predicts, for ,f ~m m 

instance, that alkali halides where T r=25°C will necessarily be crystalline following 
< 

bombardment for all doses which have been observed. 

The observation that amorphisation depends on the type of bonding within the target 

prompted Naguib and Kelly (1975a, b) to survey the literature and propose that all 

materials with ionicities greater than 0.59 were resistant to amorphisation, whilst materials 

with ionicities below 0.46 could be rendered amorphous. Ionicity is given by the equation 

(pauling, 1960):-

[2.22] 

where X
A 

and X
B 

are the electronegativities of atoms A and B. According to this equation 

the bond type is determined by XA-X
B

• Later studies have shown that materials with 

ionicities greater than 0.59 can be rendered amorphous if the dose is sufficiently high 

(e.g. Bumett and Page, 1986a). Correlating the observed amorphisation energies for a 

range of materials with ionicities calculated from equation 2.22, it is possible to see the 

general relationship between CECA and ionicity (Fig. 2.3.2). There are important 

exceptions to this empirical rule, but it holds for the materials investigated in this study. 

Predominantly covalent materials (ionicity -0) tend to amorphise at low doses compared 

to more ionic materials such as MgO. Pavlov et al (1973) have suggested that in order to 

accomodate defects in a covalent material, a large local lattice strain is necessary and thus 

it is easier for these materials to amorphise than accomodate a large number of defects. 

Ionic materials may accomodate more defects, and also allow some damage annealing and 

hence the critical amorphisation energy should be greater. Naguib and Kelly (197Sa) 

suggest that the need to maintain charge neutrality, and the relatively long range bonding 

forces in ionic sOUctures, will both result in the disorder associated with the amorphous 

state being less easy to accomodate in ionic materials. Thus it is expected that materials 

with high ionicities should be difficult to amorphi se, However, care must be taken to 

ensure that other factors (such as the recrystallisation of the amorphous material) are not 

more important to determine whether amorphisation will take place, and the dose at which 

it will occur. 

2.3.3 Experimental Observation of Amorphisation 

The sOUcture of displacement cascades in silicon has been investigated by Narayan et 

al (1984). Using the High Resolution Electron microscope to study self-ion implanted 

specimens, the amorphous cores of displacement spikes, together with more developed 
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amorphous regions. Their micrographs also show well developed amorphous layers at 

high doses, which often contain microcrystallites. It is interesting to note that there is a 

very sharp interface between the amorphous and crystalline regions. Further studies on 

silicon and GaAs (Narayan and Holland, 1984) have observed annealing effects if the 

dose rate is sufficient to produce some specimen heating. Defect-free regions were fonned 

at intermediate dose rates, whilst at very high dose rates (400-500J.LA cm-2
) voids were 

fonned. Thus amorphisation is a sensitive function of temperature. 

A number of other workers have used both cross-sectional and plan view TEM to 

investigate amorphisation in silicon. Sadana et al (1980a) compared TEM to RBS and 

showed that the damage levels predicted by each method were in close agreement. Sad ana 

et al (1980b) and Cullis et al (1980) have studied the dependence of the amorphous layer 

thickness and position on ion species and ion energy for implantation into silicon. In both 

cases subsurface amorphous layers were observed directly. Kobayishi et al (1986) have 

investigated the amorphous layer fonnation in AlP3 implanted with a stoichiometric 

implant of Al and ° by TEM. They observe amorphisation below the surface and a 

damage structure that is very sensitive to the temperature of the substrate during 

implantation. Similar cross-sectional TEM · studies have been performed by McHargue and 

Williams (1982), Narayan and Holland (1984) and Donlon et al (1987). Plan view TEM 

has also been used to study the amorphous material produced by ion implantation: 

Roberts and Page (1982) have identified amorphous to crystalline transitions in both Si 

and SiC. Similar results were observed for SiC by Hojou and Izui (1985) who used lattice 

imaging to identify amorphisation and the fonnation of defects clusters on ion 

implantation. Amorphisation has also been found by TEM to occur in metals (Grant 1978) 

with high dose metalloid implants. For these materials the amorphisation phenomenon 

has been attributed to the build up of metalloid, rather than damage (All et al, 1978) and 

thus damage-based amorphisation mechanisms may no longer be applicable. 

Amorphisation in silicon has been detected by a number of other techniques. Perhaps 

the most common technique used to show amorphisation is the comparison between 

channelled and random RBS which has been developed because it is relatively easy to 

interpret and is non-destructive. Westmoreland et al (1969) used the technique to show 

that damage saturated in B+ implanted silicon at a dose of 1x1015 ions cm-2 at -150°C but 

at around _1x1017 ions cm-2 at room temperature. Similar temperature dependence of the 

amorphisation dose was observed for both SiC and AlP3 by McHargue et al (1985). 

McHargue and Yust (1984) have also detennined the amorphisation doses for a range of 

ions in both SiC and AlP3' They find that covalent materials such as SiC amorphise at 

lower doses than more ionic materials such as Al
2
0

3
• Bourgoin et al (1974), Matzke et al 

(1982), Beanland and Chivers (1978), Cullis et al (1978) and Christel et al (1981) are a 

few of the other workers who have used RBS to obtain information about the damage 
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state in implanted materials, often correlating the results with those from other techniques 

(e.g. colour band generation - Beanland and Chivers, 1978). 

Another technique that has been used to detect amorphisation is electron channelling in 

the SEM. This arises from the fact that an electron beam scans the crystal through an 

angle which is large compared to the Bragg angle for some planes of the crystal and 

hence some electrons may be diffracted into the material (see section 5.4.2.2). Davidson 

and Booker (1970) noted that as the dose of neon implanted into silicon increased, there 

was a fairly rapid degradation of the channelling pattern on amorphisation. Since the 

electron channelling pattern technique is surface specific it can be used to determine the 

thickness of the amorphous layer, when combined with some surface etching technique: 

Davidson and Booker (1970) used a serial sectioning technique to determine the presence 

of a subsurface amorphous layer in neon implanted silicon. Measurement of the angular 

widths of channelling lines can give some semiquantitative infonnation about the levels of 

damage in the surface (Joy et al, 1982). Beyond a critical dose (close to the 

amorphisation dose) the channelling pattern is no longer detectable. Hence electron 

channelling provides a convenient means of checking the crystallinity of the surface in a 

non-destructive manner, provided the surface is initially defect free. Page et al (1987a) 

have compared the electron channelling contrast to the known damage levels (as 

determined by RBS) in sapphire implanted with a range of ions. The electron channelling 

patterns were found to correlate well with the subsurface damage structures and thus the 

technique is useful in assessing surface damage. 

A number of other techniques have been used to detennine the depth and thickness of 

amorphous material. Beanland and Chivers (1978) used a combination of colour band 

generation and RBS to map the amorphous layer thickness on silicon wafers implanted 

with phosphorus. Perhaps the most common technique used to measure depth and 

thickness has again been channelled RBS. Results from silicon (Christel et al, 1981), 

AlP3 (McHargue et al, 1985a; Burnett and Page, 1984b, c), SiC (McHargue et al, 1982; 

1985b) and MgO (Burnett and Page, 1984d). 

The build up of lattice disorder can be followed with other techniques, but these are of 

limited usefulness as they often require detailed and complicated interpretation. Such 

techniques include:-

(1) Electron Spin Resonance (ESR - sometimes known as Electron Paramagnetic 

Resonance (EPR». This has been used to study antimony and nitrogen implanted 

diamonds by Tiecher and Beserman (1982) who found that there is an increase in 

the EPR line width, just before the onset of amorphisation. 

(2) Reflected High Energy Electron Diffraction (RHEED). This technique is similar to 

TEM and may be used to study the crystallinity of a narrow surface layer provided 

the surface is initially defect free. It has been used to study implantation in diamond 
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(Krasnopevtsev et al, 1976), TeOz (Naguib and Kelly, 1975b) and cubic zirconia 

(Cochran et al, 1984). 

(3) Surface Conductivity - This technique is commonly used to study the surface 

properties of semiconductor wafers, by the 4 probe spreading resistance technique 

(Current et al 1982). Such techniques have been used to study the conducting 

graphitised amorphous layers produced in diamond by Hauser et al (1977). 

(4) Raman Scattering - this technique is useful, since it provides a way of detennining 

the difference between a microcrystalline material and fully amorphous material. 

Smith et al (1972) have used the technique to study amorphous Si, Ge, and GaAs 

and conclude that it is a useful technique for studying the bonding in amorphous 

semiconductors. Gonzalez-Hernandez and Tsu (1983) have used the technique to 

look for microcrystallites in amorphous Si. Wright and Gmen (1977) have studied 

the amorphisation of SiC using the technique. 

(5) Gas Release Kinetics. The release of inert gases from the surface of an implanted 

specimen can be affected by the recrystallisation of amorphous layers produced by 

its implantation. Jech and Kelly (1970) have shown that this technique may be used 

to detennine whether or not a material will amorphise and the dose at which 

amorphisation occurs. 

(6) Infrared Spectroscopy - This has been utilised to study the bonding within the 

damaged but crystalline and amorphous material. Both Bourget et al (1980) and 

Ramin et al (1980) have detennined the presence of Si-N bonds in nitrogen 

implanted silicon. However the technique cannot give damage infonnation directly 

and is only useful as an adjunct to one of the previously mentioned techniques. 

A number of workers have attempted to model both the dose at which amorphisation 

occurs, and the thickness of the amorphous layer produced. These will be discussed in the 

following sections. 

2.3.4 Development of Amorphous Material 

In order to predict the dose at which amorphisation will occur from the critical energy 

for amorphisation, it is necessary to know the profile of energy deposition beneath the 

surface of the implanted material. As seen in section 2.1.2 the damage profile below the 

surface may be treated as Gaussian and is given by 

C(X)=_<p_exp(-0.5(X-Xy//),XdZ
) 

fin/).Xd 
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Figure 2.3.3: Schematic representation of the variation of the amorphous layer 

thickness, ta' with displacement damage level (a) No amorphous layer is produced (b) a 

sub-surface amorphous layer is produced as the dose (and hence damage level) is 

increased (c) a surface amorphous layer is formed as the subsurface layer expands 

towards the surface (d) the amorphous layer grows into the substrate as the damage level 

is increased beyond that in (c). From Burnett and Page (1984a) . 
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(b) Predicted amorphous layer thickness for Ti-implanted sapphire. Region I corresponds 
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surface amorphous layer whilst in region III the layer extends to the surface. 



The energy deposition profile is given by multiplying this by the energy deposited in the 

nuclear processes, Ec' determined from the Lindhard partition function (see section 2.1.1). 

Thus 

p(keV cm·3
) = <l>Ec exp(-O.5(X-XY/dX/) 

fuLlXd 

[2.24] 

At a critical energy deposition Pail per unit volume, the material will become amorphous. 

This will initially occur at the peak of the Gaussian damage profile beneath the surface of 

the target (see Fig. 2.3.3). At this dose a subsurface amorphous layer will be formed at a 

depth X
d

• The critical energy for amorphisation can thus be expressed in terms of a 

critical amorphisation dose <I> ail 

<I> .E 
alt c 

[2.25] 

and thus may be determined from experimental measurements of <I> . ' As the dose is 
cnl 

increased, the critical energy deposition will be exceeded for a larger range of the energy 

deposition profile, and thus a thicker amorphous layer will be produced below the surface. 

With increasing dose this layer will thicken, until it eventually reaches the surface. Finally 

the amorphous layer will thicken with dose below the surface at the very highest doses 

after it has reached the surface (Fig. 2.3.4). 

This method has been used to predict the thickness of the amorphous layer beneath the 

surface by Bumett and Page (1984a). According to their model, if the thickness of the 

amorphous layer is t, then when the subsurface amorphous layer is formed 2(X-X )=t. 
• d • 

Thus 

Pail= <l>Ec exp(-O.5(t/(2bX)?) 

-&bX
d 
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This may be rearranged to give 

which since -.J21ttl.XdPE . ~ =ep . from equation 2.25 reduces to «,(-.re: cnl 

t =ilX (8(lnep-lnep»)l12 
• d a4 

For situations where the amorphous layer has reached the surface t =X. Thus • 

Pail= epEe exp(-0.5(t.-X/lilX/) 

&ilXd 

which may be rearranged as before to give 

t =Xd+ilX (2(lnep-lnep . \)1/2 
• d cnt' 

[2.27] 

[2.28] 

[2.29] 

[2.30] 

Using equations 2.28 and 2.30 the thickness of the amorphous layer at any dose may be 

calculated if the critical amorphisation dose ep . is known. Fig 2.3.4b shows the thickness 
all . 

dose behaviour for Y implanted sapphire. Changing the critical amorphisation energy does 

not affect the variation of .the thickness of the layer, but does affect the dose at which 

amorphisation starts and hence can move the curve along the dose axis. Changing the 

energy of implantation will change Xd and LlXd, and thus affect the thickness of the 

amorphous layer. This model shows fairly good agreement with the thickness of 

amorphous layers measured by RBS (Burnen 1984). However, it assumes that the damage 

profile is Gaussian which may no longer be true at high implantation doses. 
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This chapter has discussed the physics of the stopping of ions in solids, the damage 

structures created by both displacement and electronic effects, and how these might be 

investigated experimentally. Particularly important for ceramics is the fonnation of 

amorphous material which will have a major effect on the properties of the implanted 

material since the properties of the amorphous layer tend to be different to those of the 

still crystalline material. The next chapter reviews some of the effects of ion implantation 

on the mechanical properties of ceramics, relating these to the damage structures 

described in this chapter. 
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Dimensional Swelling 
Mechanical Properties 

Stored Energy 
Electrical Conductivity 
Thennal Conductivity 

Dielectric Behaviour 

Optical Properties 
Magnetic Properties 

Chemical Reactivity 
Decomposition 

Table 4 : Properties of Insulators that may be changed by Ion Implantation 



3. Mechanical Properties of Implanted Ceramics 

Ion Implantation is known to produce a range of property changes in ceramics, which 

will depend both on the implanted species and the energy of implantation. Table 4 shows 

some of the changes that have been investigated (after Hughes, 1986). Though there is a 

wealth of information available on all of these subjects, the next sections will concentrate 

on those changes to the mechanical properties of implanted ceramics. 

3.1 Indentation Testing 

The hardness of a material is often used as a measure of its resistance to penetration -

a measure of the yield stress, ductility, work hardening characteristics and elastic modulus 

of the material under test. Most hardness testing apparatus determine the depth of 

penetration of an indenter pressed into the surface of a material under a fixed load. There 

is a large body of literature concerning hardness testing, particularly on the testing of 

ceramics. This is reviewed in Chapter 4. 

Hardness testing is a convenient means of following the changes in mechanical 

properties induced by ion implantation. In general, three types of hardness test are used:-

(1) Low load Knoop hardness tests (e.g. Bumett and Page, 1984a, b; McHargue et al, 

1984) - these have very shallow penetration depths (-D.3j.1lIl for a 25g indent in 

sapphire) but will still penetrate through the implanted layer into the substrate since 

the layer is typically only O.2j.1lIl thick. 

(2) Low load Vickers hardness tests (e.g. Bumett and Page, 1984a, b; Cochran et al, 

1984) - in these tests the penetration depth is much larger and thus the effect of the 

substrate tends to dominate the effect of the implanted layer. However changes in 

the characteristic fracture around Vickers hardness indentations may be used to 

determine the changes in surface stresses induced by ion implantation (see section 

3.3). 

(3) Ultra-low load hardness tests (e.g. Oliver et al, 1985) - these have resulted from the 

development of equipment for measuring the displacement of an indenter as a 

function of load; thus the technique has been used to study hardness as a function of 

penetration depth for very low loads. Penetration depths of around lOOnm are easily 

achievable and thus the technique seems ideal for studying implanted surfaces. 

However the difficulties of using the technique, the problems of maintaining suitably 

sharp indenters and uncertainties in the hardness calculations (which usually assume 

perfect indenter geometry - a situation that can never occur in practice) make the 

use of the technique not very widespread. 
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Figure 3.1.1: The experimental variation of Knoop microhardness for (a) Ti-implanted 

(1012) sapphire and (b) er-implanted MgO showing that the hardness peaks at some 

critical dose prior to softening at higher doses. (c) is a schematic representation of the 

hardness behaviour of implanted ceramics. The hardness increases whilst the surface is 

damaged-but-crystalline (region I) up to a maximum at the onset of subsurface 

amorphisation. Above this dose the hardness decreases until the amorphous layer reaches 

the surface when the hardness is less than the hardness of unimplanted sapphire. 
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Figure 3.1.2: Graphs of relative hardness against displacement energy density for (a) 

(0001) sapphire (data from McHargue et a1 (1986) and Hioki et a1 (1986)) and (b) (1012) 

sapphire (data from Bumett and Page (1984c)). In both cases there is an approximately 

linear relationship between the hardness and the damage energy density, though there are 

a number of exceptions to this behaviour. This shows that the dominant hardening 

mechanism is radiation-induced hardening, though other hardening mechanisms may be 

important for some implanted ions. For the (1012) results, the shaded bar marks the onset 

of amorphisation. 



All of these techniques have been used to measure the changes in mechanical 

properties produced by ion implantation. The following sections summarise some of the 

results. 

3.1 .1 Microhardness 

Knoop microhardness tests at low loads (5-50g) have been performed on a range of 

implanted crystalline ceramic materials including a-Alp3 (Burnett and Page, 1984b ,c; 

McHargue et al, 1983, 1984, 1985a; Hioki et al, 1986), MgO (Burnett and Page, 1984d), 

zr02 (Cochran et al, 1982; Legg et al, 1985; Burnett and Page, 1986b ,c), SiC (Burnett 

and Page, 1986c; McHargue et al, 1985b), Sialons (Burnett and Page, 1986c) and TiB2 

(McHargue et al, 1983, 1984, 1987). The results of these investigations may be 

summarised as follows. At low doses there is an increase in surface hardness. This is due 

to a combination of radiation hardening and solid solution effects (though this is usually 

only a small contribution (Bourdillon et al, 1986)). There can also be some precipitation 

hardening, but this usually only occurs after post-implantation annealing (e.g. Bumett and 

Page, 1984c; McHargue et al, 1984). The hardness continue to increase up to the dose at 

which amorphisation starts below the surface. At this dose hardness increases of 60% may 

be achieved for some materials. The amorphous material has a substantially lower 

hardness than the original unimplanted material. Above this dose the hardness begins to 

decrease due to the thickening amorphous layer. At the dose where the amorphous layer 

reaches the surface, the hardness falls to a value below the hardness of the unimplanted 

material. This behaviour is shown schematically in Figure 3.1.1. 

Different ions cause different amounts of surface hardening. McHargue et al (1986) 

have implanted a range of ions into (0001) sapphire. Fig. 3.1.2 shows the hardening 

produced by these ions plotted against energy deposited in damage processes. This is 

given by:-

[3.1] 

where <\> is the implanted dose, E is the damage energy (see section 2.1.1) and the term 
c 

4t..X
d 

is an estimate of the thickness of the damaged layer (since the damage profile is 

assumed Gaussian, 95% of the damage will lie within ±2t..XJ Similar results are also 

plotted for (1012) sapphire from the results of Bumett and Page (1984c). In both cases an 

approximately linear correlation exists between the amount of hardening and the damage 

energy density, though there are a few exceptions to the general trend. For the (0001) 

results of McHargue et al, the exceptions are of two types:-

(1) Ions which produce more hardening than might be expected (e.g. Ga). RBS results 

(McHargue, 1986) indicate that the Ga is more substitutional than any other ion 
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implanted specimen at :=:1200°C is due to the formation of precipitates (after Naramoto et 

al, 1983). 

o Q25 Q.5 

o os 

Cl.. 
o 

5000 sn 1150t 

2 

~5000 SZ1 1450t 
:.:: 

4 B 

1··,·"·,, .. ,·:··2-_-'.1:, J:: :~"~ j i ~:: 
2 4 16 0 05 2 4 

----TIME [hours]--_r-

Figure 3.1.4: The experimental variation of Knoop microhardness (25g and 50g) with 

annealing time and temperature for implanted (1012) sapphire (a) 3.4x1016 Ti cm-2 [STI] 

annealed at 1150°C (b) 6.3x1016 Ti cm-2 annealed at 1150°C (c) 1.5x1016 Zr cm-2 at 

1300°C and (d) 1.5x1016 Zr cm-2 at 1450°C. The horizontal shaded regions indicate the 

hardness of unimplanted sapphire. The annealing results in an initial softening for all 

specimens due to the removal of radiaton damage, thiough there is some rehardening at 

longer annealing times due to precipitate formation for the Ti-implant STI. (After Bumett 

and Page, 1984c) 



implanted. Thus the extra hardening might be due to increased solid solution 

hardening. 

(2) Ions which produce substantially less hardening than might be expected (e.g. Fe and 

eu). These ions have relatively unstable oxides (compared to AI) and are known to 

produce metallic regions on ion implantation (e.g. McHargue, 1987a). Metallic 

regions would be expected to be much softer than the surrounding ceramic and thus 

reduce the hardness of the implanted layer. 

-
The (1012) results of Bumett show that the hardening occurs over a much smaller dose 

range than for (0001) sapphire. The data again falls on a straight line, but for this crystal 

plane amorphisation limits the dose range over which hardening may occur. McHargue et 

al (1984) have reported that the only ion that can cause amorphisation of (0001) sapphire 

implanted at room temperature is Zr. The differences between implantation effects on 

these two planes is discussed in detail in section 6.6. The chief exception on (1012) is Y, 

which produces much more hardening than its damage energy might predict. It is possible 

that since y3+ is a large ion compared to AI3
+ and is known to act as an isovalent donor 

in sapphire as a result of the large misfit (El-Ai at and Kroger, 1982) that some additional 

dislocation/solute interactions (perhaps solute/defect interactions) may be taking place. 

These results indicate that the major cause of hardening is the radiation damage 

induced by ion implantation, with ions that show strong solid solution effects or which 

cause phase changes modifying the behaviour. Conventionally prepared solid solutions of 

Cr in A1P3 (Ghate et al, 1975) show hardness increases of about 10% for a doping level 

equivalent to an impJantation dose of lx1017 Cr cm-2
• Hardness increases of -45% have 

been reported after ion implantation to this dose (McHargue et al, 1984). This is further 

evidence that the hardening due to ion implantation is predominantly damage induced. 

Further evidence for the dominance of radiation hardening comes from the annealing 

experiments of Naramoto et al (1983), Bumett and Page (1984c) and Farlow et al (1984). 

Naramoto et al (1983) have investigated the damage recovery and hardness of Cr 

implanted sapphire under . isochronal annealing conditions. Recovery begins in the 

aluminium sub array at 700°C with little or no change in the oxygen sub array until about 

1000°C_ By 1100°C considerable recovery has occurred in both subarrays. The hardness 

behaviour over these temperatures (Fig. 3.1.3) shows two separate recovery stages. 

Between 600°C and 800°C the relative hardness begins to decrease until at 1000°C it · 

reaches -1.1 and is constant up to l500°C when diffusion becomes important. Above this 

temperature diffusional rearrangement reduces the Cr concentration in the surface layer 

and further softening occurs. The initial decrease in hardness is thus due to the removal 

of damage and the subsequent reduction in radiation hardening_ The constant hardness in 

the temperature range 1000-1500°C is due to solid solution hardening. 
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Similar results are determined from isothermal annealing experimentS (Burnett and 

Page, 1984c; Bumett, 1984). Typical results for the annealing of sapphire implanted with 

Ti, Zr, er and Y and annealed at 1150°C are shown in Fig. 3.1.4. The initial decrease in 

hardness is due to the annealing of damage as before. At longer annealing times the 

hardness levels off at a value above the unimplanted value indicating that there is some 

solid solution hardening. In the case of Ti-implanted sapphire there is a second hardness 

peak at longer annealing times. This is due to the formation of precipitates of 3A1P3:Ti02 

and subsequent precipitation hardening. 

The hardness of the amorphous material has been estimated to be 50-60% of that of 

the unimplanted material (McHargue et al, 1985a). Measurements with the ultra-low load 

hardness tester indicate that the hardness of the amorphous material is only 45-50% of the 

unimplanted sapphire value (Oliver, 1987). Similar tests in implanted metals (pethica and 

Oliver, 1982) indicate that ion implantation results in a hardness profile below the surface. 

Maximum hardness increases of 50% were reported at 70nm below the surface in 

Ti6A14V implanted with nitrogen, falling away to 5% at the largest depth measured 

(300nm). Pivin et al (1987) reported similar relationships for nitrogen implanted titanium, 

and found that the hardness profile followed the concentration profile of implanted 

nitrogen. Since much of the damage caused by the implanted ion as it comes to rest will 

have been annealed by the thermal spike in this material this result indicates that solid 

solution hardening is the dominant hardening mechanism. In ceramic materials (Oliver, 

1987) the hardness profile correlates better with the damage profile below the surface, 

showing the dominance of radiation induced hardening. 

The hardness of the amorphous material can also be estimated by the soft surface layer 

model of Burnett and Page (1984a). In this model the effective hardness of a surface 

layer (hardness H2) on a substrate (hardness HI) is given by 

~rr=HjVI+H2V2 

Vj+V2 

[3.2] 

where VI and V2 are the deformation volumes of the surface layer and bulk respectively. 

Fitting this equation to hardness data obtained at a range of loads enables an estimate of 

the hardness of the amorphous material to be obtained. In practice a better fit was 

obtained by incorporating an empirical factor V/(Vj+V2) into the Hj term of equation 3.2 

which weights the effective hardness in favour of the surface material at low loads. By 

this method the hardness of amorphous silicon was estimated to be 600VHN, which is 

about 50% of the hardness of the unimplanted material at penetration depths comparable 

to the thickness of the implanted layer. This approach has been extended by Bumett and 

Rickerby (1987) for use in predicting the composite hardness of hard coatings on a softer 

42 



STRESSED 
LAYER 

/ 

TRESSED 

Figure 3.1.5: A schematic representation of the expected modification to the 

median/radial crack system around a hardness indentation. due to the presence of a 

surface compressive or tensile stress. 

Ca) 

Cb) 

Figure 3.1.6: Reflected light micrographs of a 500g Vickers indentation in Ca) 

unimplanted MgO and (b) 2x1016 Ti cm-2 implanted MgO. The indentation diagonals are 

aligned with <100> so that four <110> radial cracks form on indentation in the 

unimplanted material. In the implanted material these are replaced by an irregular array of 

cracks which predominantly show <100> orientations. 



substrate. Factors are incorporated into equation 3.2 to account for the difference in 

elasticity and the change in shape of the plastically defonned region between the coating 

and the substrate. 

3.1.2 Indentation Fracture 

Changes in the characteristic fracture around Vickers hardness indentations have been 

extensively investigated in ion implanted ceramics (e.g. Jensen et al, 1976; Bumett and 

Page, 1984a, b; Sklad et al, 1984; Burnett and Page, 1985a). The approach has been used 

to obtain "toughness" measurements for surfaces according to the methods developed by 

Lawn and co workers (e.g. Anstis et al, 1981). Such values are meaningless in bulk 

engineering property tenns as they are mainly a function of the stress state of the 

implanted layer (see section 3.3). In most cases ion implantation results in the surface 

being placed in compression and this results in the shortening of the radial crack traces 

around indentations (see Fig. 3.1.5), 

Early observations by Jensen et al (1976) revealed that the lengths of radial cracks in 

proton irradiated glass increased as a function of dose. In this case a tensile surface stress 

is produced and thus there is a driving force to extend the cracks beyond their lengths in 

unimplanted material. Bumett and Page (1984b) conducted a detailed examination of the 

cracks around Vickers indentations in (1012) sapphire and silicon. They concluded that 

implantation had little effect on the formation of radial cracks, but observations on 

sections broken open along lines of the radial cracks revealed that the semicircular crack 

trace became oblate for the implanted specimens. This behaviour was found in both low 

and high dose implanted specimens and thus the change was attributed to the surface 

stress state. Crack retarding traction is confined to a very narrow surface layer which is 

small compared to the size of the crack, but it can still exert sufficient force on the crack 

front to change the crack profile around the indentation. Similar results were observed for 

SiC (Roberts and Page, 1982; Yust and McHargue, 1982). 

For both Alp 3 and SiC no change in radial crack path with implantation was reported, 

however for MgO the same is not true (Burnett and Page, 1984d). Four <110> crack 

traces on the (001) surface of MgO are produced on indentation in unimplanted material 

(Fig. 3.1.6), however these are replaced by an irregular array of cracks in implanted 

material. The cracks in the unimplanted material are consistent with a model of crack 

nucleation based on dislocation reactions. After implantation the cracks are nucleated at 

the points of highest stress concentration, namely the corners of the indentation. Thus the 

apparent increase in toughness due to the reduction in the length of the radial crack traces 

is due to both changes in crack nucleation properties and the presence of surface 

compressive stresses. 

Observations of the radial fracture around Vickers indentations in soda-lime glass 

(Battaglin et al, 1984a) show a similar reduction in crack length on implantation with 
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argon. However in this material there is also a reduction in the number of radial cracks 

formed in parallel with the reduction in length of those that do form. In the dose range 

1014 to 1016 cm-2 for 100kV Ar-implanted glass, virtually no radial cracks were formed_ In 

this case ion implantation has suppressed crack nucleation as with MgO, but this cannot 

be due to a dislocation mechanism in this material. 

For fully stabilised zirconia, Cochran et al (1984) found a decrease in the lengths of 

radial cracks when implantation was carried out with 1016 or 4x1017 Al cm-2
• In contrast to 

this Burnett and Page (1987) found that partially stabilised zirconia had a decreased 

fracture toughness on implantation. The difference in behaviour was attributed to the fact 

that ion implantation has resulted in a suppression of the transformation toughening 

mechanism in this material. 

Subsequently the change in crack lengths has been used to determine the level of 

surface stress (Burnen and Page, 1985a). These results are discussed in section 3.3. 

As well as changing the lengths of the radial cracks around Vickers indentations, ion 

implantation is known to affect the subsurface lateral fracture. Roberts and Page (1982) 

noted the reduction in lateral fracture around indentations in SiC implanted with nitrogen. 

Further studies (Roberts and Page, 1986) indicated that the extent of lateral fracture was 

reduced above doses of 1017 N; cm-2 and at the highest doses no such fracture was 

observed. Breaking open these indentations revealed that the lateral fracture was 

increasingly moved to greater depths as the implantation dose was increased. Similar 

effects were observed in sapphire (Burnen and Page, 1984b) and soda-lime glass (Burnen 

and Page, 1985a). 

Thus the changes in indentation fracture induced by ion implantation may be divided 

into two types:-

(1) Surface stress induced changes - i.e. the reduction in length of the radial crack 

traces around Vickers indentations by surface compressive stresses (or extension by 

tensile stresses) and the driving of lateral fracture to greater depths below the 

surface_ 

(2) Nucleation changes - such as the disappearance of radial cracks in Ar-implanted 

glass or the the disappearance of lateral cracking in glass, AlP3 and SiC. 

3_1.3 Hardening Mechanisms in Ceramic Materials 

The hardness of a ceramic material is known to be dependent on plastic flow in the 

material (Hockey, 1971)_ Thus any mechanism which impedes dislocation motion would 

be expected to result in an increase in hardness. There are a number of factors that can 

affect the hardness of a material via their interaction with dislocations, including the 

presence of point defects, the chemistry of the surface and the occurrence of precipitates. 

The following sections detail the hardening mechanisms that are most relevant to ion 
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implantation. 

3.1.3.1 Solid-Solution Hardening 

In metals and ceramics it is generally observed that the introduction of solute atoms 

into a pure material will result in some strengthening. Depending on the size of the solute 

atom, either an interstitial or a substitutional solid solution may be formed. Solid solution 

hardening is thought to arise in one (or more) of the following ways:-

(1) Elastic Interactions: the introduction of a misfitting atom into a crystal lattice results 

in a localised strain field being set up around that atom. This strain field will interact 

with the strain field associated with a dislocation and the interaction may produce an 

overall reduction in strain energy. The result of this is that an extra energy input is 

required to move the dislocation past its pinning solute atom and the yield stress 

(and hardness) of the material is increased. The yield stress has been calculated as 

being 

[3.3] 

where 't is the flow stress, G is the shear modulus, £ the misfit strain and c the 

solute concentration (Honeycombe, 1961). This equation applies to situations where 

the distortion due to the solute atom is symmetrical, but it has been modified by 

Fleischer (1962a,b) to account for the tetragonal distortions that are often found in 

radiation damage situations. 

(2) Cottrell Atmospheres: dislocations may be pinned by large interstitial atoms which 

migrate to the dislocation core and become trapped in the areas of maximum elastic 

strain (Cottrell, 1967). The hardening occurs from the locking of the dislocations by 

the elastic interactions between these solute 'atmospheres' and the dislocation core. 

(3) Electrical Interaction: it is observed that AlP3 doped with tetravalent cations (e.g. 

Ti4+; Pletka et al, 1975), and MgO doped with trivalent cations (such as Fe:H; 

Davidge, 1967; Ahlquist, 1975) show much greater hardening than when doped with 

isovalent ions which often had larger misfits. Gilman (1974) proposed a model that 

if aliovalent ions are present in an ionic crystal then in order to maintain charge 

neutrality, a defect complex is formed. Consequently when a dislocation cuts through 

a defect complex the dipole energy of the system is increased as the anion/cation 

separation in the complex becomes increased. Ahlquist (1975) used a modified 

version of equation 3.3 for a defect complex in MgO to obtain reasonable agreement 

to experimental results. Pletka et al (1977) also achieved reasonable results with the 

Gilman theory. Mitchell and Heuer (1977) attempted to improve the model further 
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but found that the hardening produced was always underestimated. Other electrostatic 

effects were found to play only a minor r6le in the hardening and it was thus 

suggested that elastic interactions between the defect complexes and the dislocation 

were more important than the electrostatic interactions. 

(4) Configurational Effects: solid solutions are rarely completely random and contain a 

reasonable amount of short range order. The action of moving a dislocation through 

such a material would result in a disordering of these regions and the configurational 

entropy of the system would thus increase. Thus the energy to move a dislocation 

through the material would be increased and there would be some hardening. 

(5) Chemical Interactions (Suzuki Effect): in many materials dislocations dissociate in 

order to lower their energy. The material bounded by such partial dislocations 

usually has a different free energy to the matrix and this may be changed by the 

addition of small amounts of solute material to the crystal. This may take place 

because the solute lowers the stacking fault energy of the crystal as a whole, or 

because solute atoms migrate to the faulted material and hence stabilise it (if the 

stacking fault energy is lowered). If the faulted material is stabilised, cross slip is 

prevented and thus hardening occurs (Suzuki, 1952). 

All these mechanisms will apply to differing extents in ceramics. The interaction of 

these mechanisms in metals is discussed in more detail by Wyatt and Dew-Hughes 

(1974), Cottrell (1967), and Honeycombe (1961). The further complications that arise for 

ceramic materials are considered by Pletka et al (1975). 

3.1.3.2 Radiation Hardening 

Most materials show hardening when subjected to either ionising radiation or particle 

beams (e.g. neutron irradiated steels; Meyer, 1954). In metals this hardening is believed to 

be due to the formation of self-interstitials and vacancies which produce hardening by the 

elastic interaction mechanisms described in the previous section. For a review of these 

hardening processes see Gittus (1978). In ceramic materials the formation of charged 

defects can give rise to additional hardening due to the importance of electrostatic 

interacti ons. 

There is a considerable amount of literature concerning the irradiation of alkali halides 

(e.g. Billington and Crawford, 1961). This work has mainly been done on LiF since this 

material is amenable to dislocation etch pitting techniques. Whapman (1958) found that 1 

Me V electron irradiation resulted in a decrease in the size of etch pit rosettes surrounding 

Vickers indentations in this material. Other workers have found similar results using other 

radiations (Lerma and Agullo-Lopez, 1969). 

The materials implanted in this study are resistant to hardening by some ionising 

radiations, but ion implantation will produce defects capable of producing hardening. 
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Figure 3.1.7: Schematic variation of the hardness of a precipitation hardening alloy 

with annealing time. The initial hardness is due to solid solution hardening, however, this 

decreases, as the first precipitates form. Hardening now increases because of the increased 

energy required to drive dislocations through these small precipitates (particle cutting). As 

larger precipitates are formed the hardening arises from the bowing of dislocations around 

the precipitates (Ornwan bowing). Further annealing results in the coarsening of the 

precipitates and a reduction in this hardening (after Reed-Hill, 1973). 
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Figure 3.2.1: Flextural strength as a function of implanted ion dose for (000 1) sapphire 

implanted with 300keV nickel ions at lOOK, 300K and 523K. After implantation there is 

an increase in the flextural strength for all dose/ion combinations investigated. This is 

attributed to the effects of implantation induced stresses (from Hioki et al, 1986). 



3.1.3.3 Precipitation Hardening 

The hardening of one phase by another phase dispersed in it has long been known. The 

interaction of dislocations with second phases is responsible for the hardening by a range 

of mechanisms depending on the size and structure of the precipitate phases. Two 

mechanisms are important, namely particle cutting and dislocation bowing. In the former 

case dislocations are pinned by the interaction of their elastic stress fields with the strains 

at the partic1e/matrix interface. Such strains generally result from incoherency. In the 

latter case, which usually occurs with much larger incoherent precipitates, the dislocation 

bows around the precipitates resulting in the formation of dislocation loops, and 

eventually some strain hardening. Generally there is an optimum size and distribution for 

precipitates for peak hardening to be obtained (see Figure 3.1.7). Precipitation hardening 

mechanisms have been reviewed by Kelly and Nicholson (1963). 

The occurrence of precipitation hardening in ceramic materials has been reported by a 

number of workers. For instance Al
2
0

3 
doped with Ti4+ can result in the formation of 

acicular rutile precipitates (pletka et al, 1975; Philips et al, 1980). These precipitates lie in 

the dislocation slip planes and hence hinder dislocation motion. Commercially available 

MgO often contains substantial iron impurities which can produce magnesium iron spinel 

precipitates (Reppich and Knoch, 1975). In general extra oxygen is required for 

precipitate formation in oxide ceramics containing excess metal ions and this may be 

provided by annealing in air. 

3.2 Transverse Rupture Strength 

The tensile strength of a ceramic may be measured by using a bend test in which a 

small beam is loaded at the centre and supported on the opposite sides near the ends (Fig. 

3.2.1). The breaking stress in the outermost layer may then be calculated from a simple 

beam formula, and is called the transverse rupture strength or flextural strength. The value 

is very sensitive to the size and position of surface flaws. 

HioId et al (1984, 1985) have reported such measurements for AlP3 implanted with a 

range of ions. Increases of 50-60% were observed for single crystal specimens implanted 

with argon or nitrogen. Only 10% increases were found with polycrystalline specimens 

since these were produced by sintering and thus had a higher intrinsic flaw concentration. 

The increases were attributed to the presence of implantation induced compressive stresses 

that reduced the stress concentration at the surface flaws on the tensile side of the bend 

specimen. 

3.3 Implantation Induced Stresses 

Ion implantation results in the generation of stresses in the surface layer of the target 

due to the expansion or contraction produced by the incorporation of the implanted ions 
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Figure 3_3.1: Experimental variation of integrated stress with dose for (a) Ti-implanted 
- -

(1012) sapphire (b) Y-implanted (1012) sapphire. There is a well defined stress maximum 

at the onset of amorphisation. (c) schematic variation of integrated stress with dose 

showing the relationship between surface structure and stress. At low doses whilst the 

surface is damaged but crystalline (region I), the integrated stress increases up to a 

maximum at the onset of amorphisation. Once amorphisation occurs, there is some stress 

relief in the amorphous layer and the hardness decreases (regions II and III). 
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Figure 3.3.3: Experimental variation of the integrated stress with dose as detennined by 

cantilever bending (filled symbols) and indentation fracture (open symbols) methods for Ti 
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(circles) and Y (triangles) implanted (1012) sapphire. The stresses measured by the 

cantilever bending method are about an order of magnitude higher than those detennined 

by the indentation fracture method, but the fonn of the curves is very similar (after 

Burnett and Page, 1985a). 



and the damage into the layer. Eernisse (1971, 1974) developed a technique whereby such 

stresses may be measured; a cantilever beam-shaped specimen (fixed at one end) is 

implanted from one side and the movement of the free edge is measured usually by a 

capacitance technique (though there are a number of problems with calibration if this 

method is used-Primak, 1984). The lateral stress, integrated over the whole specimen, S, 

may then be calculated from the formula for the bending of a simple beam. Eernisse 

found that for a range of materials the stress increased linearly with dose up to a 

maximum value (Fig. 3.3.1). The dose at which the maximum occurs has been correlated 

with the onset of amorphisation (Krefft and Eernisse, 1978; Burnett and Page, 1985a). 

The stress is usually compressive, though for some materials (e.g. fused silica - Eernisse, 

1974; Arnold, 1982) the stresses can be tensile. 

The stress increases produced for different ion energy combinations lie approximately 

on the same straight line if plotted as a function of displacement energy density (see Fig. 

3.3.2). Thus the origin of the stress is predominantly the volume expansion of the surface 

layer produced by the damage associated with ion implantation. The presence of the 

implanted ions would also be expected to generate a volume expansion and hence some 

compressive stress, but the effect is much smaller than that due to the damage. 

Tensile stresses measured by Eernisse (1974) in fused Si0
2 

were attributed to the 

compaction of the open glass network by the implantation process. Two mechanisms were 

identified for the compaction process, namely ionisation-induced compaction and 

displacement-induced compaction. For all ions except hydrogen the second mechanism 

was found to dominate. 

The technique has been used to measure the integrated stress for a number of materials 

including silicon (Eernisse, 1974), MgO (Krefft, 1980), Al
2
0

3 
(Krefft and Eernisse, 1978; 

Hioki et al, 1986) and a range of glasses (Eernisse, 1974; Arnold, 1982). In all cases the 

stress increased almost linearly with dose, and for each ion (except hydrogen) exhibited a 

saturation at the onset of amorphisation. Hioki et al (1986) studied the effects of varying 

the substrate temperature on the stress state of Ni-implanted Al
2
0

3
• At lOOK the stress 

maximum occurred at 5xlO15 cm·2 (together with the onset of amorphisation) whereas at 

300K the stress measured was much smaller and the maximum occurred at >lxlOl6 cm·2
• 

This is further continuation that defects are the origin of the stress. 

Burnett and Page (1985a) used a modification of the technique to measure the stresses 

in Ti and Y implanted sapphire. In this case the bending of the specimens was measured 

with a surface profilometer after implantation. Again the stress was found to increase at 

low doses with a maximum at the onset of amorphisation (Fig. 3.3.3). At higher doses the 

stress decreases due to the presence of the weaker amorphous phase. For a subsurface 

amorphous layer the stress reduction is quite significant, but once it reaches the surface 

the integrated stress becomes virtually constant. 
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Figure 3.3.4: The relationship between maximum surface stress and the materials 
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An alternative approach to detennining surface stresses is · to use the change in radial 

crack length around Vickers indentations, as mentioned previously. According to the 

approach of Lawn and Fuller (1984) the relationship linking the stressed (C) and 

unstressed (CO> crack length to the surface stress o. is 

[3.4] 

where 'If is a geometry tenn (-1), Kc is the surface fracture toughness and d is the 

thickness of the stressed layer. 

Burnett and Page (1985a) have compared the results of this technique with stresses 

detennined by the modified cantilever bending technique (Fig. 3.3.3). Though the results 

show identical trends, it was found that the indentation technique underestimates the stress 

by a factor of 6 to 10. However since it requires no special specimen preparation 

techniques it is a useful tool for following changes in the surface stress state. 

A number of workers have attempted to calculate the volume dilation in the surface 

layer as a function of surface stress. Eernisse (1971, 1974) detennined the relationship 

11 V N=3(1-v)cr lE [3.5] 

where v is the Poisson's ratio and E is the Young's modulus. In order to calculate an 

average value of ° it is necessary to divide the integrated stress S by the thickness of the • 
stressed layer (usually assumed to be 411X). Maximum surface stresses have been found 

to be in the range 1-lOGPa (Bumett and Page, 1985a; McHargue, 1987a; Hioki et al 

1986). Figure 3.3.4 shows a plot of cr against E/3(1-v). A reasonable straight line of 
• 

slope I1VN=O.033 may be drawn through the data The data is presented for a number of 

materials, and there are some exceptions to the general trends, probably due to the effects 

of differing dose rates and subsequent beam heating. It does seem that there is a 

maximum surface expansion of around 3.3% which a material can accomodate before it 

undergoes amorphisation to relieve the stress. 

The stress relief on amorphisation has been modelled by Bumett and Page (1985a) by 

assuming that once amorphisation has taken place, the amorphous material produced may 

accomodate only a fraction of the stress in the damaged but crystalline material. The 

model is controlled by four parameters:-

(1) At low doses the stress is assumed to be linear with dose, given by the relation 

S=roj> [3.6] 
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Figure 3.3.5: The integrated stress model of Bumett and Page (l985a) as fitted to 

experimental data for (a) Ti-implanted (1012) sapphire ([}=O.l7 and cr =2GPa) and (b) 
• 

Y-implanted (1012) sapphire ([}=0.05 and (J =0). In both (a) and (b) the predicted stress . 
has been split into contributions from the volume expansion due to the presence of the 

implanted ions S., and the volume expansion due to the presence of the damage and the 

stress supported by the amorphous layer (S and S). The stress due to the presence of the 
<& • 

implanted ions continues to rise after amorphisation (i.e. into regions II and III), due to 

the implant peak being deeper than the displacement damage peak (after Bumett and 

Page, 1985a). 
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Figure 3.3.6: Comparison of the depth profile of implantation induced strain (as 

determined by X-ray rocking techniques) with the predicted Gaussian concentration profile 

resulting from ion implantation. The strain profile peaks closer to the surface than the 

concentration profile indicating that it probably follows the damage profile rather than the 

concentration profile (after MacNeal and Speriosu, 1981). 



The constant a may be determined by experiment. 

(2) The stress supported within the amorphous layer 0 . • 

(3) The partitioning of the stress contributions in the still crystalline material into 

components due to damage Sal and due to implanted atoms Sea' which may be 

represented by 

~SJ(Sal+SJ [3.7] 

(4) The critical energy density at which amorphisation occurs (CECA) which must also 

be determined experimentally. 

The results of this modelling are shown in Fig. 3.3.5 for Ti and Y implanted sapphire. 

For both of these ions, the stress due to the presence of the implanted ions is a small 

fraction of that due to the damage (~0.17 for Ti and ~0.05 for Y). This is reasonable 

since a single implanted ion will produce a large number of defects as it comes to rest. 

For the Ti implant, 0 =2GPa which is about 20% of the maximum stress in the damaged . 
but crystalline material. For the Y -implanted sapphire crazing occurs in the surface layer, 

resulting in considerable stress relief and thus 0 =0 . 
• 

The mechanism of stress relief on amorphisation is probably the vertical expansion of 

the softer amorphous layer in response to the biaxial compressive stresses within it. Krefft 

and Eernisse (1978) suggested that some matrix slip may be occurring on {OOOl}, though 

given the strong therm,ally activated Pierls stress on the slip system (Kronberg, 1962) this 

seems unlikely at room temperature. 

A number of workers have used x-ray methods to measure the implantation-induced 

stresses. Early attempts (Kamins and Meieran, 1973) relied on the assumption that the 

stress state was biaxial, and used x-ray diffraction to measure the strains normal to the 

surface in a single crystal silicon film. The biaxial stress may then be calculated from 

o=-EE!2v 
z 

[3.8] 

This technique can be used to measure integrated stresses by mUltiplying the surface 

stress 0 by the thickness of the stressed layer. However a more useful x-ray technique is 

double crystal diffraction (McNeal and Speriosu, 1981) which may be used to determine 

the depth profile of the strain below the surface (Fig. 3.3.6). This technique has been used 

to determine the strain profiles in magnetic bubble garnets (de Roode and Smits, 1981), 

GaAs (paine et al, 1987; Speriosu et al, 1982), silicon (Speriosu et al, 1982) and 

germanium (Speriosu et al, 1982). The main problem with the technique is that it requires 

computer simulations of rocking curves for arbitrary defect distributions below the surface 
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in order to interpret the experimental results. These curves must be fitted to the 

experimental data to give some idea of the damage structures below the surface. 

A number of other techniques have been used to measure stress, including careful 

channelled RBS (Chami et al, 1987), Lang topography (Gerward, 1978), strain gauges 

attached to the specimen during implantation (Madakson, 1985) and optical interferograms 

(primak, 1984). The latter technique is particularly useful since it can give some idea of 

the stress distribution in the plane, particularly when the material is anisotropic. 

In summary, for implanted ceramic materials, the stress increases linearly with dose up 

to the onset of amorphisation. The stresses are usually compressive, corresponding to an 

expansion of the surface layer produced by the defects generated by the implanted ions. 

On amorphisation, considerable stress relief is observed. Such implantation-induced 

stresses will have an important bearing on the wear properties of implanted surfaces. 

3.4 Friction and Wear Properties 

The friction and wear properties of ceramic materials are primarily a function of the 

mechanical, physical and chemical properties of the contacting surfaces. Since ion 

implantation can change many of these properties as discussed in the previous sections, it 

will have important effects in those tribological conditions where the depth of material 

removal is small compared to the thickness of the implanted layer. Many wear 

mechanisms depend on the surface hardness and surface toughness, and thus the increases 

in hardness and toughness reported in the previous sections should result in an increase in 

wear resistance. 

One of the commonest techniques for studying the wear behaviour of ceramics is the 

single pass scratch test (see section 4.7). This will show the results of changes in surface 

plasticity and fracture properties produced by implantation. Such tests, usually carried out 

with diamond cones, have been performed by a number of workers and the materials 

studied include Al20 3 
(Yust and McHargue, 1982; Bumett and Page, 1984b), TiB2 

(McHargue et al, 1986) and SiC (Roberts and Page, 1982, 1986). In the implanted 

materials the presence of the surface compressive stresses results in a reduction of the 

amount of radial and lateral fracture around the scratch. Thus the amount of brittle 

abrasive wear will be reduced by ion implantation. At low doses, where surface hardening 

occurs, the width of the scratch track is reduced and thus the amount of material removed 

by plastic abrasive wear will also be reduced. After the onset of amorphisation, plastic 

deformation in the amorphous layer dominates the wear behaviour, since even after some 

stress relief has occurred the surface compressive stresses are large enough to drastically 

reduce the amount of surface fracture compared to scratches in the unimplanted material 

(Fig. 3.4.1). At low doses, the debris produced is sharp and angular indicating that its 

origin is in brittle fracture processes. The debris produced at higher doses, after the onset 
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Figure 3.4.1: Secondary SEM micrographs and surface profilometer traces of 500g 
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scratches in (a) unimplanted (1012) sapphire and (b) 5x1016 Y cm-2 implanted (1012) 

sapphire. Subsurface lateral cracking in the unimplanted material causes the surface uplift 

visible in the profilometer traces. In the implanted specimen, both the radial and lateral 

cracking around the scratch has been reduced. 
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of amorphisation. is more rounded indicating that it was fonned by plastic flow rather 

than brittle fracture. 

A more useful test for wear resistance. which is closer to the in-service conditions. is a 

pin-on-disc test where a metallic pin slides on a rotating disc · of material. The test was 

used by Hartley (1975) to measure the friction coefficients of steel implanted with a range 

of ions. In most cases ion implantation was found to reduce the friction and Hartley 

(1979) has correlated this with a reduction in wear. Studies of the coefficient of implanted 

diamond (Hartley. 1982) produced inconclusive results. but indicated that there might be 

an increase in the coefficient of friction for implanted ceramics. Pin-on-disc studies on 

sapphire implanted with a range of ions (Burnett and Page. 1987) determined that the 

friction did indeed increase after low dose implantation. The work reported in Chapter 8 

attempts to build on these preliminary observations. 

Wei et al (1987a. b) and Lankford et al (1987) have studied the wear of a range of 

ceramic pins on ceramic flats coated with a thin metallic film and implanted with 140keV 

argon to a dose of lxlO17 cm·2
• This technique drives the metal atoms from the film into 

the surface of the material and is known as recoil mixing. Reductions in friction can be 

achieved (see Fig. 3.4.2) if suitable metals are deposited on the ceramic surface, 

particularly if these metals promote oxide film formation on the carbide and nitride flats 

used in the experiments. The most common wear mechanism found was delamination 

which depends on the adhesion of the pin to . the disc. Since the mechanical tests 

performed by other workers do not give information on this property, some of the friction 

tests perfonned in this study were aimed at revealing changes in adhesion produced by 

ion implantation. 

3.5 Adhesion 

Since ion implantation can be used to modify the chemical and physical properties of 

the surface of a material, it is likely that it will have large effects on those properties 

which depend on the bonding in this surface layer. One such property is adhesion 

between the implanted flat and other materials, a property which is important both for the 

joining of implanted materials and their wear properties. 

Roy Chowdhury et al (1980) have studied the effects of various surface treatments on 

the adhesion energies at titanium:titanium interfaces. The adhesion energy 'Y was reduced 

by ion implantation by a factor of three. This reduction in adhesion was thought to be the 

explanation for the increased wear resistance produced by ion implantation of titanium. 

However similar studies have not been carried out for ceramics because of the variability 

of adhesion in · the unimplanted state due to the presence of surface adsorbates. 

Observations by Pepper (1979) of the strengths of interfaces between sapphire and metal 

probes in a range of different environmental conditions indicated that changes in contact 
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Figure 3.5.1: Critical nonnalload L, for peeling of a zirconium film on silicon nitride 
p 

as a function of the dose of N+. The film thickness is :::17Onm and the N+ energy 120keV. 

The peeling load increases with dose showing that ion implantation increases the adhesion 

between the metal film and the substrate. No peeling took place for specimens implanted 

to a dose of 5xl016 cm'z or above (after Noda et al, 1986). 



strength could be obtained without the need for the fonnation of interfacial compounds or 

chemical reactions at the interface. 

The area which has received most attention for ceramic materials is the adhesion of 

thin metal films on to ceramics. Baglin (1987) has reviewed the factors affecting this thin 

film adhesion. The important factors are the chemical bonding at the interface, the 

interface morphology, interface impurities, interface toughness and the stress in the film. 

The mechanism of film removal will be a function of all of these, together with failure 

mechanisms that depend only on the substrate such as substrate fracture. Ion implantation 

may be used to modify the interface by creating bond and atom disorder, non-equilibrium 

phases, and chemical changes at the interface. Improvements in adhesion produced by ion 

implantation are dominated by the first two mechanisms. However such improvements are 

nearly always smaller than those that can be produced by careful cleaning (and 

roughening) of the surface. Extended mixing is not necessary for large increases in 

adhesion, though interface chemistry (particularly the effect of interfacial impurities) can 

have major effects on interface strength. 

Early observations of the ion bombardment of a substrate through a thin metal film 

found that the adhesion between the film and the substrate was increased (Collins et al, 

1969). The reason for this increase was traced to atom mixing at the interface between 

the metal film and the substrate as a result of the ion bombardment. These observations 

have generated much interest in "recoil mixing" and more detailed reviews of the subject 

can be found in Moline (1977) or the book edited by Nicolet and Picraux (1984). 

Several methods have been used to measure the adhesion of a metal film to a substrate. 

Perhaps the simplest and most common test is to measure the critical load L at which a 
p 

scratch diamond will remove the film. Noda et al (1985) have used this test to measure 

the adhesion of titanium and zirconium films deposited onto sapphire substrates. The 

peeling load L was found to increase with dose above 1xlOI6 cm,2 for the Zr film. This 
p 

test also caused cracking to occur in the substrate and the critical load for the onset of 

cracking was also measured. As expected from the known surface stress state of ion 

implanted sapphire, the critical load for crack formation increased with dose, The increase 

in adhesion was thus attributed to a combination of interfacial mixing and the fact that the 

compressive surface stresses reduced the amount of surface fracture after ion implantation. 

Similar adhesion results were found for implantation through Zr films on Si3N4 by Noda 

et al (1986 - see Fig. 3.5.1). 

Another test that has been used is tensile testing. Noda et al (1986) used this method 

to measure the adhesion of titanium films to Si3N4 and compare the results to the scratch 

technique. The metal films were soldered to a nickel-plated cast iron holder and tested to 

failure in an Instron tensile testing machine. The critical failure stress was found to 

increase from 2MPa in the unimplanted case to more than 40MPa after implantation with 
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5x1016 N cm-2
_ Above this dose the solder joints failed rather than the metal/Si

3
N. 

interface. The increase in adhesion was again traced to interfacial mixing by RBS. 

Improvements in adhesion of metal films to glass have been reported for bombardment 

with light ions and ionising radiation (Battaglin et al, 1984b; Tombrello, 1985; Baglin and 

Clark, 1985). In this case atom mixing cannot occur during implantation by the recoil 

mechanism and the adhesion must be due to electronic effects. Battaglin et al (1986) 

noted that bombardment with 100keV protons results in an increase in the adhesion of Fe 

and AI films on both soda-lime glass and fused silica. For the iron films, Mossbauer 

studies indicated that the adhesion behaviour is related to the contaminants and atomic 

arrangement at the interface. 

There are two hypotheses which could explain this electronic damage enhanced 

adhesion 

(1) Image charge effects. According to the model of Stoneham and Tasker (1985) the 

presence of charged defects in an oxide placed in contact with a metal will result in 

the formation of an image charge in the metal, thus lowering the electrostatic energy 

of the system. Since the dielectric constant of the metal will always be larger than 

the dielectric constant of the ceramic, there will be a force of attraction between the 

defect and its image charge. This results in an increase in the adhesion between 

metal and ceramic; the effect is short ranged, but large forces can be generated by 

charged defects in the first few atomic layers from the interface. 

(2) Chemical bond formation. Electronic damage may result in partial ionic bonding 

between the metal and the glass or some limited atom migration at the interface may 

result in bond formation. 

For both recoil mixing enhanced adhesion and electronic damage enhanced adhesion it 

is the properties of the interface and its associated impurities and defects which dominate 

the behaviour. A careful study of surface bonding in ceramics, and how this is modified 

by the presence of interfacial impurities is necessary before the changes in adhesion 

produced by ion implantation may be fully understood. 

This chapter has introduced the range of mechanical property changes that may be 

produced by ion implantation and related them to the implant and damage structures 

produced by the process. Of the techniques that have been used to investigate these 

changes by far the most useful have been those based on indentation hardness and scratch 
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testing. The next chapter reviews the literature on these tests and introduces some of the 

techniques used to measure the surface mechanical properties of ceramics used in this 

study. 
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4. Indentation and Scratch Testing: a Review 

In this chapter hardness and indentation fracture are .discussed for both stationary and 

moving indenters. Indentation and scratch methods are often used to investigate the 

surface mechanical properties of materials because of their relevance to those wear 

mechanisms where sharp particles slide over or penetrate the surface of a material. An 

added advantage is the fact that the specimen area required is small, and that no specialist 

specimen preparation techniques are required. The opening sections discuss the hardness 

test and indentation fracture and the latter sections develop these ideas for moving 

indenters. 

4.1 Microhardness Testing 

This section draws information from a number of sources including · the thesis of 

Sargent (1979) and the books edited by Westbrook and Conrad (1973) and Blau and 

Lawn (1985). 

Hardness testing involves the pressing of an indenter of known geometry into the 

surface of a material under a known load. Beneath the indenter shear stresses can be 

developed that are large enough to cause local yielding; elsewhere stress relief can only 

occur by other mechanisms such as fracture. On unloading there is some elastic recovery 

of the indentation, but because of the plastic deformation below the indenter complete 

recovery is not possible and the region around the indentation is left in a state of residual 

stress. 

In the hardness tests carried out in industry loads of -lkg or more are used and this is 

referred to as macrohardness. For brittle materials lower loads must be used in order to 

avoid large scale fracture that makes the hardness impression unmeasurable. These tests 

are usually called microhardness tests. In all cases the hardness H is defined as the load 

divided by the area of the impression. 

A detailed discussion of the models for both the stresses generated and the deformation 

produced by the indentation process in materials can be found in KeUy and MacMillan 

(1986). These can be divided into two sorts:-

(1) Surface-directed displacement models. These best describe the behaviour of soft 

materials which behave as rigid plastic solids. The material displaced by the indenter 

forms a pile-up around the indentation. The application of slip-line field theory to 

the problem produces the result that H",3Y where Y is the uniaxial flow stress of the 

material (Tabor, 1951). Work by Mulhearn (1959) indicated that this model really 

only works for indenters where the wedge angle is less than 60°, which is much 

smaller than the angles of commonly used indenters (e.g. Vickers indenter -148°). 
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Figure 4.1.1: Schematic representation of the elastic/plastic deformation of solids 

beneath hardness impressions according to the approach of Johnson (1970). The process is 

modelled by the expansion of a hemispherical core beneath the indenter. Surrounding this 

core is a plastic zone confined by an elastic hinterland. 



This observation has been further investigated and confirmed by Sargent (1979). The 

solution for H=3Y assumes a rigid hinterland constraining the plastic region beneath 

the indenter. If the hinterland can deform elastically then the constraint on · plastic 

flow is reduced and thus H<3Y. In this case the material will be displaced radially 

rather than towards the surface. Thus the material must also have low elasticity (i.e. 

low (1-v2)/E where v is the Poisson's ratio and E the Young's modulus) if the 

surface-directed displacement model is to be applicable. The model also requires that 

the elastic/plastic boundary should not penetrate much below the tip of the 

indentation and that there should be large displacements parallel to the specimen 

surface. Experimental observation indicates that neither of these is the case for most 

metals (Mulheam, 1959). 

(2) Radially-directed displacement models. In these models the radially displaced 

material is accomodated by elastic strains in the bulk of the material. A plastically 

deformed region is formed below the indenter and the presence of this region 

prevents full strain relaxation on unloading. The radial displacement model was 

initially analysed in terms of the expansion of a spherical cavity into an 

elastic/plastic solid (Marsh, 1964). Marsh derived an expression for the constraint 

factor in this case 

H/Y=~(1+ln[E/(3(1-v)Y)] 

3 
for 2/35. (RIY) < 3 [4.1] 

where E is the elastic modulus and v the Poisson's ratio of the material. H/Y 

increases with increasing ElY until a limiting value of 3 is reached for materials 

with high ElY (metals). Ceramic materials generally have low ElY and exhibit radial 

displacement of material. Johnson (1970) improved this by replacing the cavity with 

an incompressible hydrostatic core beneath the indenter. In this case the hydrostatic 

pressure is assumed to be equal to the hardness, and the core is hemispherical in 

shape and equal to the size of the impression (Fig. 4.1.1). Surrounding the core is a 

plastic ally deformed region which is also hemispherical in shape and beyond this an 

elastically deformed hinterland. The plastic strains decrease radially over the 

plastically deformed shell until they match the elastic strains in the hinterland at the 

elastic/plastic boundary. There is some evidence that the plastic zone beneath the 

indenter is hemispherical in brittle materials (e.g. for SiC (Lankford and Davidson, 

1979b)). 

The early expanding cavity models completely ignore the free surface and thus 

attempts have been made to modify them (perrott, 1977; Chiang et al, 1982). The 

indentation model due to Perrott (1977) assumes radial displacement of material, but 

57 



not uniform outward movement Perrott's stress field is essentially the elastic stress 

field of Boussinesq (1885) for surface contact by sharp indenters, modified by the 

incorporation of the Von Mises yield criterion. The principle problem with other 

early models was that they implied surface stresses normal to the free surface which 

is physically unreasonable. Chiang (1982) eliminated these stresses to produce a 

more reasonable stress field for the indentation process. A more recent approach by 

Yoffe (1983) models the deformation under the indenter as a series of nested bowls, 

separated by a plastic filler, forced down in turn by the load. The elastic half-space 

reacts against the formation of the spherical cavity by attempting to recover its 

original form. The deformed zone will thus produce stresses which are equivalent to 

the blister field associated with a transformed surface inclusion. 

All these stress fields will be modified by the presence of cracks, and thus the 

deformation process will be altered once cracking has occurred. For this reason it is 

impossible to accurately determine the stresses associated with indentation and results 

from the technique can not easily be compared with bulk mechanical properties. However 

the technique is still very useful for making comparisons between materials and for 

producing plastic deformation in brittle materials at room temperature. 

Since a permanent impression is made during the indentation test in brittle materials, it 

is reasonable to think that irreversible plastic deformation has taken place as a 

consequence of the stresses generated. These will result in both large shear components 

and hydrostatic compression which favours slip and inhibits gross fracture. Indeed 

plasticity has been identified in sapphire during indentation and abrasion (Hockey, 1971), 

though other deformation mechanisms also occur in this material (e.g. twinning - for 

details see Heuer, 1966). 

Gose inspection of the deformation beneath the indenter in glasses raises some 

questions about the validity of the radial distribution models. The deformation processes 

are by no means uniformly distributed within the plastic zone but are manifested as an 

accumulation of shear faults (Hagan, 1979). These shear faults are governed by the stress 

trajectories around the indentation. The existence of such faults is evidence that the shear 

stresses below the indenter are large enough to cause dislocation motion in crystalline 

materials. It has been estimated that the shear stresses under the indenter may be close to 

the theoretical shear strength of some materials and the deformation can thus occur by 

block shear (Hill and Rowecliffe, 1974). A second departure from the ideal models is the 

fact that other deformation mechanisms may occur. Brittle materials rarely show five 

independent slip systems at room temperature and hence it may not be possible to 

generate the required shape change to form the impression without other mechanisms 

operating (Kelly and Groves, 1970). Other deformation mechanisms that have been 

suggested include twinning (Heuer, 1966), grain boundary movement (Sargent and Page, 
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1985), densification (Marsh, 1964) and compaction of porous materials (Naylor, 1982). 

These mechanisms have been reviewed by Sawyer et al (1980). 

Thus, though slip and twinning have been observed to occur beneath the indenter, they 

may not be able to account for all the deformation observed. Other mechanisms have 

been proposed but there is little direct evidence for any of these. 

1.2 Microhardness Anisotropy 

It has been known for many years that there is a measurable anisotropy in the hardness 

of single crystals. This is due to the crystallographic nature of the deformation with shear 

occurring on discrete crystal planes and directions at a critical shear stress. This has been 

modelled in terms of an effective resolved shear stress (ERS), where the forces exerted by 

a loaded stationary indenter are resolved onto each slip system of the crystal. The model 

considers only the indenter facets; the resolved shear stresses due to each facet are added 

for all facets of the indenter and the effects of indenter edges and tips are ignored. The 

presence of the surrounding elastically deformed material will result in some constraint to 

plastic flow and a constraint factor is usually introduced as well to account for this. The 

slip system with the highest ERS is assumed to operate, and the hardness is taken to be 

inversely proportional to the ERS. The original model is due to Daniels and Dunn (1949). 

Other workers have extended this, but the basic assumptions and some of the difficulties 

still remain (Brookes et al, 1971). The existence of hardness anisotropy may be used as 

evidence that some plasticity has occurred, though it may not be the dominant 

deformation mechanism and it is difficult to determine the extent to which plasticity is 

responsible for the observed deformation. 

Anisotropy has been observed in MgO (Brookes et al, 1971), SiC (Sawyer et al, 1980), 

cubic transition metal carbides (Hannink et al, 1972) and Al
2
0

3 
(Brookes and Burnand, 

1973) as well as in a large range of other ionic materials. Sargent and Page (1985) have 

discussed some of the factors which affect the measurement of hardness anisotropy. 

Anisotropy is observed for indentations made with both Vickers and Knoop indenters, 

though it is more marked in the latter case due to the anisotropy of the indenter. Though 

it is chiefly observed in single crystal materials, it has also been noted in materials where 

the microstructure is heavily anisotropic (e.g. oriented Al-Cu alloys (Sargent and Page, 

1985)). 

In order to minimise the effects of hardness anisotropy when making measurements on 

single crystals it is important to use a known indenter orientation for all tests. In this 

study both AlP3 and MgO have been tested and the indenter orientations used are 

detailed in section 5.5. 
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Figure 4.3.1: Variation of Vickers hardness with load for soda-lime glass. The ISE 

index for this material is less than but close to 2 and thus the hardness is nearly constant 

except at the lowest loads. 



1.3 Indentation Size Effect 

The hardness of rigid plastic materials is normally assumed to be a constant, 

irrespective of the load P used to perform the test. In this case 

[4.2] 

where d is the indentation diagonal and a is a characteristic dimension of the impression 

left by the indenter. For ceramic materials the hardness is no longer independent of load 

and is generally observed to increase at low loads (Buckle, 1973; Sargent, 1979). Indeed 

ultra-low load hardness tests where penetration depths are -lOOnm have also confirmed 

that this sort of behaviour occurs for metals at very low loads (pethica and Oliver, 1982). 

Thus equation 4.2 can be modified to 

[4.3] 

where n, the indentation size effect index (lSE), is usually less than 2. This produces the 

sort of hardness indentation diagonal shown in Figure 4.3.1. The value of n can be greater 

than 2 for situations where soft surface layers are produced by, for example, 

chemomechanical effects. 

The origins of the ISE are as of yet unclear, though possible explanations have been 

reviewed by Sargent (1979). As the size of the indentation is reduced it is obvious that 

work hardened sprface layers and layers affected by surface treatments or 

chemomechanical effects will become increasingly important. Also the reduction in the 

amount of indentation fracture in brittle materials at low loads will be important because 

it will alter the stress state of the material. For polycrystalline materials Buckle (1973) has 

proposed that at low loads the indenter has a high chance of sampling a single grain and 

hence produce a "single-crystal" hardness which is larger than the polycrystalline hardness 

since this will be reduced by the presence of weaker grain boundaries. The hardness thus 

increases at low loads. Gain and Cox (1970) suggested that the increase in the hardness 

of single crystals was due to the increase in the stress necessary to operate dislocation 

sources. If dislocations run from the tip of the indenter to the point at which the indenter 

reaches the surface of the material then the radius of curvature of the dislocation will be 

smaller for the smaller indents. Since the bowing stress of the dislocation is given by 

't=Gb/L where G is the shear modulus, b is the Burger's vector and L is the separation 

between the pinning points (Orowan, 1954), and reducing the size of the indent will 

reduce L, the bowing stress of the dislocation will be increased and thus the hardness of 

the material will be increased at small indent sizes . 
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Figure 4.3.2: (a) 500g Vickers hardness indentation in unimplanted MgO. Note the 

square array of slip traces (,picture frame') surrounding the indentation, showing that slip 
is localised into discrete bands around the indentation. (b) Showing the geometry of shear 

band formation. Bands form with a mean spacing d, at an angle e to the specimen 

surface. 
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Figure 4.3.3: Schematic representation of the shear bands in the deformed region 

beneath an indenter. In an ideal material, homogeneous deformation produces an 

indentation of diagonal d. However, some materials show shear band deformation; the 

bands are on average separated by a characteristic distance d and the measured size of 
• 

the indent d is a multiple of this distance which can be smaller than the ideal diameter d 
m 

(by an amount Xl + Xz in this case). 

-



A new approach followed here is the suggestion of Bull et al (1987) that consideration 

should be given to the localisation of the defonnation below the indenter. Many workers 

have shown the existence of discrete shear bands beneath the indenter (e.g. Hagan, 1980; 

Bull, 1984; Page et al, 1987b - see Fig. 4.3.2a) and it is probable that once such a shear 

band is fonned there will be some stress relief in the material near it. Thus as the 

indenter sinks deeper into the material, new shear bands will be produced at the edge of 

the plastic zone and these will be surrounded by some stress relieved material. There will 

be an average separation between the shear bands, determined by the indenter geometry 

and the material under test. Thus the size of the indentation does not vary continuously 

with load as it would in an ideal plastic material, but increases by an amount 

o=d /sin8 as each new shear band is formed (Fig. 4.3.2b). Here 8 is the angle between . 
the shear band and the specimen surface and d is the mean shear band spacing. The final • 
size of the indentation will be determined by the number of shear bands created . in its 

formation. 

Suppose that the defonnation is continuous and that in this case the indentation fonns 

with diagonal d. In this case the hardness is a constant and is given by 

H =kP/d2 
o [4.4J 

where k is a constant (1854.5 for a Vickers indenter if the diagonal is measured in 

microns) and P is the load (in grams). In situations where defonnation occurs in discrete 

shear bands the ideal indentation would form with this diagonal d. However this will only 

be possible if d is an integral multiple of 0 which will rarely be the case. As the indenter 

sinks in, shear bands will be formed until there is no longer a sufficient driving force to 

form them. This will occur when the addition of 0 to the measured diagonal d will 
m 

make it larger than d. The measured indentation diagonal will thus be smaller than the 

ideal diagonal by an amount that will range from 0 to 8. If we assume that this difference 

varies continuously in this range then, on average, the difference between d and d will 
m 

be 0/2. In tenns of the difference in Figure 4.3.3 

d =d-x 
m 

[4.5J 

where x is defined as X
1
+X

2
• 

We may calculate a value of x (and hence a value of 8) from the variation of hardness 

with load. For our modified system equation 4.4 may be rewritten 

H =kP/d 2 
m m [4.6J 
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Figure 4.3.4: Plots of Vickers hardness against indentation diagonal for (a) (1012) 

sapphire (b) (00l) silicon (c) deranox (polycrystalline AlP3) and (d) (0001) SiC. As well 

as experimental values, curves are given for the ISE model (dotted line) and the shear 

band model (solid line) calculated from the fitted parameters in table 5. Over the range of 

data shown a good fit is obtained for both models. At low loads (small diagonals) the 

hardness predicted by the shear band model rises faster than that predicted by the ISE 

index approach. At higher loads the models are in closer agreement. 

Material 

Sapphire (lOT2) 2129 
Deranox 1642 
MgO 791 

. Silicon 699 
SiC (0001) 2513 
REFEL 2461 
zr0

2 1216 

X 

(Ilm) 

1.34 
2.05 
2.58 
3.97 
1.92 
1.10 
1.58 

a n 

(g) 

2.30 1.81 
2.07 1.79 
1.28 1.73 
1.62 1.65 
3.76 1.72 
2.03 1.90 
1.28 1.83 

Table 5: ISE and Shear band Parameters for a Range of Materials 
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Figure 4.4.1: (a) Half surface view (top) and side view of the stress trajectories for the 

Hertzian elastic stress field. (b) Contours of the principal nonnal stress all' a
22

, and a
33 

for the this stress field, plotted in units of fraction of the contact pressure (i.e. hardness -

after Lawn and Wilshaw, 1975). 
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Figure 4.4.2: Growth of 'cone cracks' under loading for Hertzian contact. The cracks 

follow lines of maximum 0"11. (After Lawn and Wilshaw, 1975). 



Combining this equation with equations 4.4 and 4.5 we get an expression for the 

measured hardness in terms of the ideal hardness. 

[4.7] 

Values of x and Ho may be determined by fitting this expression to experimentally 

determined values of H and d . 0 may then be calculated from the value of x (0=2x). At 
m m 

high loads x«d and thus H tends to H. The hardness may be regarded as being 
m m 0 

effectively constant As the load is decreased, then x will become a more significant 

fraction of d and H will increase as observed experimentally. Figure 4.3.4 shows fits of 
m m 

equation 4.7 to the experimental data from several crystalline ceramics. The fit is very 

good for all systems investigated. 

Table 5 shows the Ho' 0, a and n values for a number of ceramic materials. Typical 

values of 0 are -41ilTI. Observations of the spacing of slip bands around Vickers hardness 

indentations (Fig. 4.3.2a) indicate that the spacing of the slip bands is about 211m on the 

surface of the material. Thus the determined values of 0 do not seem unreasonable. A 

more detailed study is needed to confirm if this mechanism provides a better 

understanding of the ISE effect. 

Though the detailed origins of the ISE are as yet unclear, it is an important factor 

which must be taken into consideration when making hardness measurements on ceramics. 

Any effect that changes 0 (such as the hardening mechanisms discussed in section 3.1.3, 

chemomechanical effects or soft amorphous layers) will modify the hardness load 

behaviour and thus comparisons can only really be made between specimens indented 

under identical conditions. 

1.4 Indentation Fracture 

As mentioned previously, some stress relief during the indentation process occurs by 

fracture. The type of fracture is critically dependant on the stress field around the loaded 

indenter and a number of workers have developed fracture mechanics relationships to 

explain the crack patterns produced. For convenience two types of fracture may be 

distinguished, corresponding to blunt and sharp contact:-

1.4.1 Blunt Indenters 

In this case the contact is predominantly elastic. Hertz (1881) has determined the stress 

fields associated with the elastic contact of two bodies and these are shown in Figure 

4.4.1. In the Hertzian tests a ring crack initiates from a surface flaw near the interface 

between the two materials and propagated into a full cone crack at a critical indenter load 

(Fig. 4.4.2). The crack propagates along the surface of maximum crack opening stress (in 
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Figure 4.4.3: Ca) Half surface view of the stress trajectories of the Boussinesq stress 

field for point contact of an elastic half space. (b) Contours of the principle normal 

stresses 0"11' 0"22 and 0"33 in units of fraction of the contact pressure. Note that 0"11 is tensile 

throughout Cafter Lawn and Wilshaw, 1975). 
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Figure 4.4.4: Schematic representation of the fonnation and growth of indentation

induced cracks according to Lawn and Swain (1975). Median cracks fonn during the 

loading part of the indentation cycle (+) and lateral cracks on unloading (-). The dark 

areas represent the zones of plastic defonnation. Both types of cracks nucleate at the 

boundaries of these plastic zones. 



this case given by a). A detailed description of the cracking may be found in Lawn and 

Wilshaw (1975). 

In this study no static Hertzian tests were performed since the load for crack initiation 

in the materials studied was larger than the testing apparatus allowed. Scratches were 

made with spherical indenters, however, and some cracking was observed at the highest 

loads. 

1.4.2 Sharp Indenters 

The fracture around sharp indenters is somewhat more complicated than for the simple 

elastic case, due to the more complicated stress fields produced by radial displacement 

models. The idealised stress field is the Boussinesq field though this has been modified by 

Chiang et al (1982) and Yoffe (1982) to account for the plastic deformation that occurs 

beneath the indenter and to remove the stresses normal to the free surface. Fig. 4.4.3 

illustrates the Boussinesq stress field in terms of the principal stresses a Jl, a
22 

and a
33

• 

Contours for each principal stress are shown, tensile stresses being everywhere positive 

and compressive stresses negative. aJl is everywhere tensile and a
33 

is everywhere 

compressive. a
22 

is tensile up to 9",,51.8° but compressive at larger angles than this. 

Cracks in isotropic materials are though to follow paths of maximum tensile stress. 

Lawn and Swain (1975) have identified the following sequence of events during the 

indentation process (Fig. 4.4.4). Initially a zone of irreversible plastic deformation is 

observed below the indenter. When a critical load is reached, a crack forms below the 

contact point where the stress concentration is greatest. This is the median crack, 

sometimes called the "penny crack" because of its shape. If the indentation can be 

considered as a wedge (a Vickers indentation may be regarded as two perpendicular 

wedges) the median opens in the plane that bisects the wedge. Thus there are usually two 

perpendicular medians parallel to the indenter diagonals for a Vickers indenter. The 

medians grow as the load is increased and at some point may break through to the 

specimen surface. On unloading, the mechanical mismatch between the plastic zone and 

the elastic hinterland will give rise to residual stresses. Prior to complete removal of the 

indenter, a "reversal field" is set up (Lawn et al, 1975), producing compression below the 

indenter and a tensile hoop stress in the near surface region. This tensile stress will open 

up the penny cracks in this region and the result is the production of a crack 

configuration close to a half penny shape. Cracks can be formed on unloading even if no 

median was formed in the loading cycle. These are known as radial cracks. As well as 

these cracks, sideways extending lateral cracks, emanating from a region of maximum 

tensile stress at the elastic/plastic boundary below the indemer, are formed on unloading. 

These run parallel to the surface, growing on complete unloading and may cause chipping 

if they run up and meet the surface. 
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Figure 4.4.5: Schematic representation of the cracks formed around a Vickers hardness 

indentation (a) On loading above a critical load, two penny shaped, mutually 

perpendicular median cracks form. These nucleate at the plastic zone boundary and 

propagate downwards into the material usually on the symmetry planes containing the 

edges of the indenter. Surface radial cracks also form in some materials. (b) On unloading 

the median cracks extend upwards and the radial cracks outwards forming the composite 

median/radial crack system. Lateral cracks may also nucleate at the elastic-plastic 

boundary and grow away from the indentation initially parallel to the surface. These may 

intersect with the surface and give rise to a lateral chip. (c) The indentation as viewed 

from above after removal of the load showing four radial cracks and a chip. 



The early work on cracking has been reviewed by Lawn and Wilshaw (1975). It 

usually suffers from the assumption that the stresses responsible for crack formation are 

elastic in origin and this lead later workers to treat the problem as elastic/plastic from the 

outset (Evans and Wilshaw, 1976). Using a low radius spherical indenter these workers 

were able to produce elastic/plastic deformation in a range of ceramic materials. the first 

cracks to form were shallow surface radial cracks and the subsurface medians were found 

to form and grow separately. However, they were found to grow and merge with the 

radials on unloading to give a coplanar crack front. Only glass was found to behave in 

the manner described by Lawn and Wilshaw (1975). A transition between the two types 

of behaviour was observed; as the ratio HIE was diminished, subsurface medians were 

found to be the dominant cracks on loading. This work also showed that the radial cracks 

formed around Vickers indentations were longer than those produced by the spherical 

indenter. This was attributed to stress concentration at the indenter corners. 

The residucil stresses associated with the formation of the plastic zone were 

incorporated into the fracture mechanics analysis by Lawn et al (1980) in their study of 

the composite median/radial system. The field beneath the indenter was divided into 

elastic and residual components and it was found that the elastic component played a 

relatively small part in crack evolution; it does enhance crack growth in the median 

orientation during loading, but also serves to reduce the surface radial generation so that 

most significant growth occurs on unloading. The residual stress controls crack growth at 

the end of the indentation cycle and is responsible for the conversion of the median/radial 

system into the single half-penny configuration. The residual component (and thus radial 

rather than median cracks) becomes dominant as HIE is reduced which agrees with the 

results of Evans and Wilshaw (1976). 

Marshall et al (1982a) have attempted a similar fracture mechanics study for the lateral 

crack system. Again the residual component was identified as the main driving force for 

crack formation. 

Thus three types of indentation cracks are possible - median, radial and lateral. For 

most materials the first twO may be treated as a composite system. This is shown in 

Figure 4.4.5. A number of workers have developed fracture mechanics formulations to 

explain the observed crack patterns - the best of these treats the stresses as being divided 

into two components, elastic and residual. Of the two crack systems, the median/radial 

system is better understood, but the lateral crack system is likely to be more important in 

wear situations where chipping is the dominant material removal mechanism. 

The various fracture mechanics approaches discussed here have been extended by a 

number of workers to provide a means of determining the fracture toughness K of the 
c 

material. From simple dimensional analysis (Lawn and Fuller, 1975) it can be shown that 
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[4.8] 

where ~ is a constant, P is the load and c is the length of the radial crack trace. There 

are a number of experimental and theoretical studies to determine ~, but all rely on fitting 

this equation to data determined from conventional fracture toughness tests. Since the 

stress fields that operate are not well understood, and there is some debate about the 

propagation and final configuration of the cracks, the values of Kc determined by these 

relationships must be treated with caution, though comparisons between materials are still 

possible. 

The first attempt at correlating indentation fracture toughness to toughness values 

determined by double torsion techniques was made by Evans and Charles (1976). They 

determined the relationship 

[4.9] 

This equation was found to give a good fit for c/a»3 (a is the radius of the hardness 

impression) although some materials show major deviations from the predicted behaviour. 

Lawn et al (1980) used a fracture mechanics approach to justify the presence of the EIH 

term and careful fitting by Anstis et al (1981) determined the relationship 

K =0.016(EIH)lflpC·3/2 
c 

[4.10] 

This assumes that the cracks are well developed (i.e. that they have achieved the half

penny configuration) and that no chipping has occurred. There has been much argument 

in the literature about whether the equations are applicable (e.g. Niihara et al, 1982; 

Lankford, 1982) and the toughness values determined are known to be affected by the 

surface stress state (lkuma and Virkar, 1984). However, although there are problems with 

the technique it provides a useful method for making comparisons between materials. 

1.4.3 Crack Nucleation 

The previous section dealt with the propagation of cracks and their final configuration. 

However it is also useful to consider the conditions under which such cracks nucleate. In 

glasses, Lawn and Marshall (1985) report that cracks are initiated at shear bands beneath 

the indenter and thus can be formed at surfaces free of pre-existing defects. However, the 

nucleation process as modelled by Lawn and Evans (1977) requires the presence of pre

existing crack nuclei within the bulk of the specimen. The model assumes that the plastic 

zone increases in size until it meets a crack nucleus from which the median crack may 
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Figure 4.5.1: Showing the effects of elastic recovery in the absence of other 

topographic effects. The impression recovers in both shape and size when the load on the 

indenter is removed, though the recovery in indentation diameter is negligible for ceramic 

materials. 
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Figure 4.5.2: Plan views of (a) Vickers and (b) Knoop indentations showing the 

directions of the largest compressive stresses in the surface. The elastic recovery is 

expected to be maximum in these directions. 

Figure 4.5.3: Reflected light micrographs of a SOOg Vickers indentation in lx1016 Ar 

cm-2 implanted soda-lime silica glass. In the absence of stress relief by fracture, the 

effects of elastic recovery are apparent in the 'pin-cushioned' shape of the indent. 



develop; if it does not fonn the nucleus will be absorbed into the plastic zone. Lawn and 

Evans calculate p* the critical load for crack fonnation and c * the critical flaw size as 

being given by 

[4.11] 

* C =44.2(KjH)2 [4.12] 

p* is just the load required to produce a crack just visible outside the indentation (that 

implies at p*, c * =a). Hagan (1979) and Page et al (1987) have shown that cracks may be 

nucleated by dislocation interactions below the indenter. For instance, in materials of the 

NaCl structure the interaction of dislocations on (110) and (101) planes will produce a 

sessile dislocation which can act as a crack nucleus. Hagan proposes a model for P * and 

c * for nucleation by dislocations which generates similar equations to the Lawn and 

Evans model, but with different constants. 

Lankford and Davidson (1979a) have detennined experimentally the loads at which 

radial cracks are first fonned in a range of materials. The ordering of p* and c * values 

determined by this method agrees with the predictions of the Lawn and Evans model, but 

the values differ considerably. A system of corrections to the theoretical values following 

the work of Perrott (1977) resulted in better agreement between experimental and 

theoretical values but no reliable predictive technique yet exists to predict the onset of 

fracture. 

1.5 Elastic Recovery 

When the indenting load is removed, a certain amount of recovery will occur in the 

elastic hinterland resulting in a change in shape of the indentation. With spherical 

indenters there appears to be little change in the diameter of the impression, though its 

radius of curvature does change. The impression is shallower than it would be if it had 

the same curvature as the indenter (Tabor, 1951). For Vickers indenters similar results 

have been observed; the indentation diagonal is approximately unchanged but its depth is 

reduced (Buckle, 1973 - see Fig. 4.5.1). 

The magnitude of the elastic recovery strain is given by the ratio of the lateral 

compressive stress Y induced by the loaded indenter to the Youngs modulus E in the 

plane of the material surface. For facetted indenters the magnitude of the lateral stress 

will vary with the shape of the indenter (see Fig. 4.5.2) and will be smaller at the indent 

corners than in the middle of an indent edge. Thus there is less elastic recovery at the 

indenter diagonal than there is at the edges and this can produce "pin-cushioned" indents 

in materials with high elasticity such as glass (Fig. 4.5.3). For Knoop indenters little 
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compressive stress is expected along the long diagonal and thus it is usually assumed that 

there is little or no recovery of this diagonal. However the compressive stresses will be 

much larger along the short diagonal and this will recover to a greater extent. Marshall et 

al (1982b) have suggested a method of determining the HIE ratio for a material from the 

width contraction of the Knoop indenter. A similar method has been proposed by Lawn 

and Howes (1981) using the depth changes of a Vickers indenter. Although the majority 

of elastic recovery is thus in the depth of the impression, there is thus some recovery in 

the shape of the impression. 

Typical elastic recovery strains for ceramic materials have been estimated to be of the 

order of 0.03 (Sargent and Page, 1985). The theory for the recovery in the diameter of an 

impression is not well developed, but an order of magnitude estimate by Johnson (1985) 

gives 

U =(1-2v)(1+v)pa!(2E) 
r 

[4.13] 

for a uniform pressure of p applied over a circular zone of radius a in an elastic material. 

For a ceramic material v-0.25 and p<0.02Y and thus the fractional change in diagonal is 

given by 

U /a<0.006Y lE [4.14] 

For most solids Y lE lies between 10-2 and 10-3 and thus the dimensional changes should 

be undetectable (Tabor, 1984). 

1.6 Chemomechanical Effects 

The environmental sensitivity of the surface mechanical properties of ceramics has long 

been known and properties such as creep, fracture and fatigue have been shown to be 

susceptible to changes in environment. These effects are often called Rehbinder effects 

after the pioneering work of Rehbinder (1931). Most relevant to hardness testing is the 

effect known as "anomalous indentation creep" which has been observed by Westbrook 

and co-workers and Westwood and co-workers in a number of ceramic systems. For 

instance, Hanneman and Westbrook (1968) have investigated the time dependence of the . 

hardness of a range of materials measured in a range of solvents. Metals were found to 

have a constant, time-independent hardness in all solvents. However for ionic, covalent 

and Van der Waals solids, different results were found. In dry toluene the hardness ·was 

time independent, but in moist air a lower, time-dependent hardness was observed. The 

hardness was found to drop as the indentation time was increased. This was referred to as 
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anomalous indentation creep. Westbrook and Jorgensen (1968) found that different 

crystallographic orientaiions of the same material had different envirorunental sensitivity. 

Harmeman and Westbrook observed that a softening of about 10-20% occurred in the 

presence of adsorbed water layers on these materials. Subsequent studies (Westwood et al, 

1973) have confirmed that it is the presence of these adsorbates that controls these 

chemomechanical effects. A variety of mechanisms have been proposed to explain these 

observations:-

(1) Surface charges and changes in carrier density due to adsorption. These effects have 

been shown to be several orders of magnitude too small to explain the observed 

hardness changes. 

(2) Surface free energy reductions. The motion of dislocations that produce surface steps 

could be affected by surface active environments in that the presence of adsorbates 

would be expected to change the surface energy of the material. If this were reduced 

then dislocation propagation would become easier. However non step-forming 

dislocations are also affected by these surface active environments so this mechanism 

seems unlikely. 

(3) Indenter/substrate friction changes. The presence of surface adsorbates would be 

expected to modify the frictional behaviour of the interfacial region. Bowden and 

Tabor (1954) noted that the presence of adsorbate films on ceramic materials 

reduced the friction between the surface and a diamond slider. Similar effects could 

be happening in the static indentation case. 

(4) Dislocation interactions with adsorbates. These fall into two categories, namely direct 

mechanical interactions such as dislocation drag, and electronic or strain interactions. 

The first of these effects has been eliminated as it would generally be expected to 

result in a hardening of the surface layer (Westbrook, 1967) though some 

mechanisms such as dislocation egress might produce the required softening, though 

over a much smaller surface layer than actually observed. The latter mechanisms 

have not been eliminated or proven. It is suggested that adsorption results in the 

bending of the energy levels of the crystal near the surface and this will effect the 

energy levels in the core of the dislocation (similar to the theory of Hirsch (1981; 

1984) for the effect of dopants on the mechanical properties of semiconductors). In 

this way changes in dislocation mobility may be induced. 

These mechanisms are discussed in detail by Westwood et al (1981). In general 

maximum hardness is associated with minimising the surface charge (at least as measured 

by the s-potential (MacMillan et al, 1973». At this condition the mobility of the 

dislocations in the surface layer (as measured by etch-pitting techniques) is minimum and 

any change in surface charge (which may be due to adsorbates) results in an increase in 
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dislocation mobility and a reduction in hardness. The mobility of edge dislocations is 

affected to a greater extent than that of screw dislocations and this leads to characteristic 

etch-pit rosettes around indentations. 

Ion implantation is known to reduce the chemomechanical effect in MgO (Bumett and 

Page, 1985b). Further investigations into this effect can be found in Chapter 9. 

1.7 Moving Indenters 

In the previous sections the behaviour of materials under static indentation has been 

discussed. The situation becomes more complicated when a tangential force acts on the 

indenter as well as the normal force, though many comparisons may be drawn with the 

static indentation case. 

1.7.1 Scratch Testing 

When sharp indenters are used a well-defined scratch track is produced in brittle 

materials (Broese van Groenou et al, 1975) showing the importance of plasticity in the 

scratching process. Indeed a scratch hardness H may be defined by • 

[4.15] 

where P is the load and d is the scratch width. This assumes a circular contact spot of 

radius d/2. In general the scratch track width (and hence its depth) produced by the 

moving indenter is less than the width of the impression produced by a static indentation 

with the same indenter (Brookes, 1981). Much of this effect has been attributed to the 

sensitivity of scratch hardness to anisotropy; the crystallographic direction of the scratch 

is expected to control the scratch hardness. However other factors are known to be 

important such as the pile-up of deformed material in front of the scratching particle. 

Brookes et al (1972) have investigated the relationship between indentation and scratch 

hardness in polycrystalline copper and steel where anisotropy effects should be minimised. 

It was found that the presence of a lubricant gave an increased scratch hardness (narrower 

scratch track) but had a negligible effect on the static indentation hardness. A number of 

factors were identified that affect the scratch hardness including adhesion (see section 

4.7.3), work hardening (this will be less important for brittle materials) and the route 

taken by displaced material (pile-up in front of the moving indenter before being 

displaced to the side of the scratch track as compared to the radial displacements of static 

indentations) . 

All these factors must be taken into consideration if comparisons between static and 

dynamic hardness are to be made. A number of the friction and wear models that have 

been proposed (e.g. Archard, 1974) use the static hardness as a measure of surface 
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Figure 4.7.1: Schematic representation of the fracture around the path of a moving 

sharp indenter. Chips may be fOIDled by the breakout of lateral cracks or by the 

interaction between radial and lateral cracks. 
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Figure 4.7.2: Contours of principle nOIDlal stresses (a) cr (b) cr (c)cr for point 
Jl 22 33 

loading of a moving indenter. Data is plotted in units of the contact pressure, for the 

plane containing the contact axis and the direction of motion. Note the asymmetry in the 

stress field (from Swain, 1979). 



plasticity. Perhaps a more reliable approach would be to use the scratch hardness or 

develop models that are hardness independent and depend only on measurable parameters 

such as scratch width. One such model is that of Suh (1986) and this is discussed in 

section 4.7.3. 

1.7.2 Fracture Around Moving Indenters 

The crack patterns fonned by loaded sharp points, moving across a brittle material are 

very similar to those produced around a static indentation (Broese van Groenou et al, 

1975). Tracks made by moving blunt indenters can show partial cone cracks in the track 

base (Misra and Finnie, 1979). The generally observed crack types are shown in Fig. 

4.7.1. Lateral fracture which leads to chipping is an important wear mechanism in ceramic 

materials; it tends to occur at lower loads for sliding contact than for static indentation 

(Swain, 1979). 

A number of workers have attempted to modify the stress fields for static indentation 

by considering the addition of a horizontal traction. This is usually included in tenns of 

the coefficient of friction Il. Swain (1979) considered the problem as an elastic half-space 

subjected to a horizontal as well as a nonnal point load. The problem had previously been 

considered by Mindlin (1949). The resultant stress field is shown in Figure 4.7.2. The 

principal features of this stress field are that the all and a33 components are almost 

entirely tensile and compressive respectively. The a
21 

hoop stress is tensile below the 

indenter but compressive near the surface. The most significant difference between this 

stress field and the field for a static indentation is the asymmetry and this results in a 

strong tensile component all behind the point contact. Thus the fracture associated with a 
, 

moving indenter would be expected to nucleate behind the contact. This has been 

observed by a number of workers (Swain, 1979; Broese van Groenou et al, 1975; 

Veldkamp et al, 1978). 

The stress trajectories for sliding blunt indenters have been analysed by Hamilton and 

Goodman (1966) and the result modified by Gilroy and Hirst (1969). Again there is a 

tensile stress maximum behind the moving indenter for this stress field, similar to the 

result for a sharp indenter. In most wear situations the elastic stress distributions will lie 

between these two extremes. 

1.7.3 Friction 

Most mechanical tests on implanted materials . have been aimed at understanding the 

wear properties of implanted surfaces. Tests have generally been empirical due to the 

complexity of wear processes. In this study single pass scratch tests with indenters of 

known geometry have been used to follow the changes in friction produced by ion 

implantation and some attempts have been made to isolate the various contributions to 

these friction forces from different properties of the implanted target. This section 
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discusses some of the friction mechanisms that are known to operate and how attempts 

have been made to quantify them. 

For more detailed descriptions of friction properties and how these relate to the wear 

properties of materials (particularly metals) see the books by Bowden and Tabor (1954), 

Rabinowicz (1965) and Suh (1986). 

The empirical laws of friction have been known for several hundred years (Amontons, 

1699) and may conveniently be stated as 

(1) The frictional force is proportional to the normal load on the interface. The constant 

of proportionality is known as the friction coefficient Il. 

(2) The frictional force is independent of the apparent area of contact. 

(3) The frictional force is independent of the relative velocities of the sliding surfaces. 

Of the three laws only (1) is rigourously adhered to as it forms the basis for the 

definition of the coefficient of friction Il. (3) is the most dubious of the three as most 

materials have a different value of static and sliding friction. The validity of (2) depends 

on the contact conditions. The presence of surface films such as oxides or adsorbates 

markedly affects the friction properties of materials and this may cause the breakdown of 

this law. 

Friction coefficients in air are usually in the range 0.1 to 1.0 with coefficients for 

metals being around 0.5 to 0.7 (Bowden and Tabor, 1954) and the values for ceramics 

being somewhat smaller at 0.2 to 0.4 (Buckley, 1974; Broese van Groenou et al, 1975; 

Adewoye and Page, 1981). Oean ceramic surfaces measured in vacuum have much higher 

friction coefficients due to the removal of surface adsorbate layers which reduce friction. 

Values of J.L up to 1.8 have been reported for sapphire scratched with a hemispherical 

diamond rider in vacuum (Buckley, 1974). 

1.7.3.1 Area of Contact 

Contact between the surfaces of two material can be considered in terms of two basic 

contact mechanisms, namely elastic and plastic contact. For the elastic contact Hertzian 

theory gives the expression for the radius of contact of two spherical bodies within the 

elastic limit as 

a=(3WR/4E')1f3 [4.16] 

where W is the applied load, R the reduced radius of curvature given by the relationship 

[4.17] 
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Figure 4.7.3: Showing the difference between the real area of contact (b) and the 

apparent area of contact (a) for a surface containing asperities. (c) Cross section through 

the contact spot showing that contact occurs at the top of asperities (d) sliding contact for 

metals increases the real area of contact (so called 'junction growth') (e) Magnified 

representation of a single asperity contact showing the mean slope angle of a single 

asperity. 



where the subscripts 1 an 2 refer to each of the bodies in contact in turn. Similarly EO is 

the composite elastic modulus defined by 

[4.18] 

Since the contact area A=7ta2 it follows that from equation 4.16 that 

A=KWW [4.19] 

where K is a constant. Thus if the second law of friction holds the friction coefficient will 

be proportional to W·){J. This is very much an ideal situation however. Practical surfaces 

are not ideally flat as assumed for this calculation, but consist of a number of asperities 

with a distribution of heights about a mean value (see Fig. 4.7.3). The distribution is 

normally Gaussian and it can be shown that the actual contact area is now directly 

proportional to load. The true contact area will be very much smaller than the apparent 

contact area due to the presence of these asperities. 

The true contact pressure p is defined by the relationship 

A=W/p [4.20] 

Thus since A is proportional to W, p will be constant and independent of load. 

For plastic contact where the asperities deform the contact area will be given by 

W=Ap' [4.21] 

where p' is a measure of the surface plasticity. This is essentially the same as equation 

4.20 and thus the total area of contact is proportional to applied load whatever the contact 

conditions for most contacting surfaces. The main exception to this is the contact of 

brittle materials at low loads where the surface plasticity cannot be regarded as constant 

due to the effect that manifests itself as the indentation size effect. In silicon carbide 

scratched with a diamond hemisphere, where a visible scratch track is produced, the 

relationship between J.l and load W takes the form 

[4.22] 

The exponent is dependent on crystallographic orientation (Buckley and Miyoshi, 1984). 

Relationships of this form show a complex interdependence of load and contact area. 
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Figure 4.7.4: Schematic representation of a scratch track in a plastically deformed 

material, showing the projected area of the track Az. For calculation of the ploughing 

friction force this area is multiplied by the surface plasticity P' (after Bowden and Tabor, 

1954). 



At low loads the contact between diamond spheres and SiC is dominated by elasticity. 

In this case fiction coefficients proportional to W-I13 have been measured by Buckley and 

Miyoshi (1984) for SiC in vacuum. This implies that for a polished ceramic surface the 

distribution of asperities does not affect the true contact area and thus the elastic contact 

equations may be used in this situation. 

1.7.3.2 The Origins oJ Friction 

There are a number of different mechanisms that account for the measured friction. All 

will operate to a certain extent, but in general the friction will be dominated by adhesion 

and ploughing (Bowden and Tabor, 1954). The following sections describe some of the 

more important mechanisms in ceramics:-

(1) Adhesion - when two surfaces are pressed in contact, junctions will be formed 

between the two materials which are large compared to molecular dimensions. 

During sliding these junctions will be formed and sheared. For metals the shear 

strength of this adhesive bond dominates the friction behaviour. The detailed origins 

of the adhesion force will be a function of the contacting materials and the surface 

state of each and thus adhesion is likely to be altered by any surface treatments that 

the materials undergo. 

The friction force will be determined by the true area of contact and the shear 

strength of the junctions formed and is thus given by 

F=A't 
I 

[4.23] 

For calculation the true area of contact Al must be estimated. It is often difficult to 

make such calculations and expressions of the apparent area of contact as described 

in the previous section are used. 

(2) Ploughing - if one of the surfaces is harder than the other, then asperities in the 

harder material may cut through the softer material. Thus a groove will be cut 

requiring some plastic defonnation of the · softer surface. This process is known as 

ploughing. According to Bowden and Tabor (1954) the friction force due to 

ploughing is given by 

[4.24] 

where A2 is the projected cross-sectional area of the scratch track (see Fig. 4.7.4) 

and p' is the mean pressure to displace material in the surface. For a spherical 

asperity 
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A =<P/l2r 
2 

[4.25] 

where d is the scratch track width and r is the radius of the scratching particle. In 

general the ploughing friction is small compared to the adhesion friction. 

(3) Surface Roughness - the interaction between the asperities of two contacting 

surfaces can have a marked effect on the frictional force. Work must be done in 

deforming the asperities of the softer material in order for one material to slide past 

another. Such deformation may be elastic or require some plastic deformation. The 

plastic deformation of asperities has been analysed by Suh and Sin (1981) using slip

line field theory and the results were found to be dependent on the average slope of 

the asperities. An upper limit to the friction due to elastic deformation of asperities 

may be determined by considering the case when rigid asperities slide over each 

other without causing any deformation in either surface. In this case, according to 

Bowden and Tabor (1954), the coefficient of friction is given by 

I1=tane [4.26] 

where e is the mean angle of slope of the asperities (Fig. 4.7.3e). For most polished 

materials 8$10 and thus ~O.017. This is small compared to the values of friction 

coefficient measured for most materials. 

(4) Fracture - At high contact stresses significant fracture occurs around scratches in 

brittle materials. In this case the friction coefficient is much larger than for just 

elastic and plastic contacts and most of the frictional energy is dissipated in fracture 

processes. Thus has been modelled by Swain (1979) who obtained an expression for 

the fracture toughness in terms of the friction coefficient for scratches produced with 

a sharp indenter. This is similar to the relationships obtained for static indentations 

derived by Lawn and . co-workers (see section 4.4.2). In this study loads were chosen 

so that no cracking occurred around the scratches in order to reduce the complexity 

of the friction calculations. 

The preceding sections show how the various friction mechanisms have been analysed 

in terms of a single rider of known geometry scratching a substrate. Other workers have 

tried to analyse the friction properties in terms of the deformation of asperities (Challen 

and Oxley, 1979). This approach is relevant to the friction of rough metallic surfaces in 

contact but is less useful for ceramic materials where plasticity is limited. 

According to Bowden and Tabor (1954) the total friction force (and hence the total 

friction coefficient) may be expressed as the sum of the friction forces due to all these 
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mechanisms. Thus 

1l=1l +Il +Il p • r 
[4.27) 

where the subscripts refer to ploughing, adhesion and roughness respectively. In practice 

the components are not fully independent (Challen and Oxley, 1979) but the expression 

remains a reasonable approximation. 

A more recent approach by Sin et al (1979) has calculated the ploughing component of 

friction in terms of the scratch track width and radius of the scratching particle alone. For 

more details of the calculation see chapter 8 or Suh (1986». By this method the forces 

acting on a small element of the contact region are considered and an expression obtained 

by integrating over the whole contact area. The model assumes a constant contact 

pressure over this region which may not be the case, but otherwise gives a very useful 

expression for the ploughing friction 

[4.28) 

A similar approach may be used to calculate that adhesion component of friction (Suh, 

1986), though this depends on the shear strength at the interface s, and the surface flow 

stress p. 

Il =4s(2r/d)2(1-( 1_(d/2r)2)1f2) . - [4.29] 

7tp 

In this study these equations have been used to estimate Il and calculate sip ratios for 
p 

the implanted materials by comparison with the measured friction. 

In this chapter indentation testing has been briefly reviewed in order that its use in 

measuring the implantation-induced changes in surface plasticity and fracture introduced 

in the previous chapter be more fully understood. The hardening mechanisms that are 

known to operate in ceramics have also been discussed. Finally the last section has briefly 

described some of the factors that influence the friction coefficients of ceramic materials. 

The changes in the surface plasticity of ceramics produced by ion implantation should 

affect ploughing friction, but may also affect other friction mechanisms. Thus a careful 

study of the changes in friction produced by ion implantation has been undertaken (see 
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Chapter 8). The next chapter briefly describes the materials and implantation procedures 

used in this study. together with some of the experimental techniques that have been used 

to characterise the implanted surfaces. 
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Figure 5. L 1: The crystal structure of sapphire (a-alumina). The stacking of the 

oxygens has a two layer repeat (ABAB .. type) whilst the aluminium layers show a three 

layer repeat (Cl' Cz, C
3
). The repeat in the direction of the c-axis is thus six oxygen layers 

(After Czemuska, 1985). 
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5. Experimental Procedures 

This chapter details the preparation techniques used for the materials investigated in · 

this study. These are predominantly model single crystal or glassy systems, though some 

polycrystalline materials have been investigated. Also given are details of the 

implantation, analysis, and subsequent mechanical tests performed on the specimens. 

5.1 Materials and Preparation 

5.1.1 a-Alumina 

This material was used in two forms. The majority of this study has concentrated on 

the use of single crystal sapphire to follow the changes in mechanical properties induced 

by ion implantation at a range of temperatures, and the effects of ion implantation on 

wear resistance. Also tests have been performed on a commercial alumina for comparison 

with the single crystal results. 

Sapphire is rhombohedral, but is usually indexed on a hexagonal cell (a=b=4.76A, 

c=13.00A) with c/a=2.73. The oxygen atoms are approximately close packed with the Al 

cations filling two thirds of the available octahedral interstices. There is a repeat of six 

approximately close packed layers (Fig. 5.1.1) in the direction of the c axis. According to 

the approach of Pawing (1960) the bonds in a-alumina are predominantly ionic, and from 

the ionicity it can be shown that the material is 60% ionic. 

High purity Czochralski grown single crystal sapphire wafers of {1O 12} surface were 

supplied by GEC (Wembley) with one side prepolished to a mirror finish. The wafers are 

silicon-on-insulator substrates and hence are cut 2° off the {1012} orientation to 

minimise mismatch with silicon when it is deposited on the surface. The wafers were 

76mm in diameter, 0.43mm thick, with a flatness of <25Jl.IIl (as determined by surface 
- -

profilometry). The wafers were scored along the traces of (1102) and (0112) with a 

diamond stylUS and cleaved into 20mm square specimens. All specimens from the edge 

on the wafer were discarded as these were found to have unacceptable curvature. The 
- - -

traces of (1102) and (0112) were located by reference to a flat parallel to (0112) on the 

. edge of the wafer. 

High purity Imm thick AlP3 single crystals having <0001> normal to the surface 

(supplied by Crystal Systems Inc, Salem, USA) were given an optical grade polish and 

then annealed at 1400°C for 120 hours. Following this treatment the crystals were almost 

defect free. The crystals were then cut into 4x8 mm sections with [2110] - i.e. the a axis 

- parallel to the largest dimension and carefully ultrasonically cleaned prior to 

implantation. 
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Figure 5.1.2: The crystal structure of MgO projected on to (001). The structure is of 

the NaCl type. 
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Figure 5.1.3: The crystal structures of 0:- and ~- Si3N4' (a) Projection of the unit cell of 

a-Si3N4 in the basal plane. There are four different nitrogen atomic sites (NI-N4) and two 

different silicon sites (Si1 and Si4). (b) Projection of the unit cell of ~-Si3N4 in the basal 

plane. There are now only two different nitrogen sites and a single silicon site type . 

(After Edington et al , 1978) 
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The polycrystalline alumina was a fully dense, cold pressed alumina supplied by 

Feldmilller. This was found by x-ray diffraction and x-ray microananlysis to consist of 

a-alumina grains held together by a thick film of mullite (Si02 :AIP3) at the grain 

boundaries. The material was supplied in the fonn of rods with a circular cross section. 

These were cut into 0.5mm thick slices with a Capco Q35 high speed annular diamond 

saw and polished using a series of diamond impregnated laps and cloths until a good 

finish was achieved (to 1/4 J.Ull diamond paste). 

5.1.2 Magnesium Oxide 

MgO is cubic with a face-centred lattice with a=4.21A. The oxygen anions are 

approximately cubic close packed with the Mg cations occupying the octahedral interstices 

- the structure is of the NaCl type (see Fig. 5.1.2). Bonding in MgO is predominantly 

ionic - the Pauling ionicity is -70%. 

High purity (99.9%) [100] habit MgO was supplied by W & C Spicer (Cheltenham). 

The crystals supplied were lOx5x5mm and were . immersed in liquid nitrogen and cleaved 

along (100) into sections -lOx5xO.5mm using a razor blade. The sections were 

ultrasonically cleaned and examined by reflected light microscopy. Those specimens 

which showed a low density of cleavage steps were selected for implantation and the 

uncleaved side of the specimen scratched with a diamond to mark this. 

5.1.3 Soda-Ume-Silica Glass 

This is a modified silica glass where Ca, Mg and Na ions fonn ionic bonds within the 

covalently bonded Si-O network. The fonn of the ionic bonding is 

-Si-D' 

I 
'O-Si

I 

There is also some AI present which can either fonn ionic bonds or become incorporated 

into the network. These glasses are denser than amorphous Si02 (2.73 gcm·3 for soda

lime glass as opposed to 2.2 gcm·3 for fused silica). 

The soda-lime glass used in this study was obtained in the form of commercially 

available microscope slides of composition 22% Na
2
0, 10.6% CaO, 5.4% MgO, 1% AlP3 

- balance Si0
2 

(all in atomic %). The slides had a good surface finish and so the only 

treatment used after cleaving into 25x20x2mm sections was a thorough ultrasonic clean. 

5.1.4 Silicon Nitride 

Crystalline Si3N4 exists in two hexagonal forms (ex and ~) based on the silicon 

nitrogen tetrahedron joined so that each nitrogen is shared by three tetrahedra. The 
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Figure 5.2.1: A schematic of the Cockroft-Walton Implantation facility at AERE 

Harwell, showing the ion source, mass-analysing magnet and implantation chamber. (From 

Dearnaley et al, 1973). 
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Figure 5.2.2: Showing the configuration of a typical implanter system. Ions produced at 

the ion source are accelerated _and focussed into a beam. This is mass analysed 

magnetically and then scanned across the surface of the specimen with electrostatic scan 

coils. 
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bonding is -70% covalent in character. In a-Si3N" the unit cell c dimension is twice that 

in ~-Si3N" whilst the a dimension is the same in both materials. The development of the 

two fonns is primarily detennined by kinetic considerations, though the a-phase has a 

slightly higher free energy of fonnation (Moulson, 1979). 

The Si3N4 used in this . study was Norton NC350, a reaction bonded material supplied 

in a highly porous state (21 % porosity). The porosity is very fine scale, typically $1J.l.Ill in 

size, and homog~neously distributed throughout the material. Very little residual silicon 

could be found in the material which had a grain size of "'lj.t.m. X-ray diffraction analysis 

indicated that the samples contained about 75% a-Si3N4, the balance being the ~ phase. 

5.1.5 WC/Co 

This was supplied by Sandvik (UK) and consists of angular WC grains of 5-1OJ..lm size 

in a cobalt binder matrix which accounts for 9% of the total compact. Blocks of 

1Ox5x5mm were sectioned into 5x5xO.5mm slices using the Cap co Q35 annular diamond 

saw. One side of the specimen was then polished to a 1/10 J.l.Ill finish with a range of 

diamond cloths and laps. There is inevitably some polishing relief which is usually 

attributed to the difference in hardness between the Co and the WC. 

5.2 Ion Implantation 

Most specimens produced in this study were implanted in the 500 kV Cockcroft

Walton facility at AERE Harwell (Fig. 5.2.1). The machine consists of an ion source, an 

acceleration column, a mass analysing magnet, a main beam line incorporating a set of 

focussing coils and X-Y scan plates, and finally the implantation chamber. This is shown 

schematically in Fig. 5.2.2. 

The implantation chamber is pumped by a diffusion pump and has liquid nitrogen cold 

traps near the specimen. With these traps pressures of 10-6 Torr may be achieved. The 

chamber is equipped with a goniometer specimen stage and a specimen magazine 

allowing several specimens to be implanted without breaking the vacuum. In all cases the 

ion beam was focus sed and scanned across the target over an area of "'100mm2 with a 

current density of a few J..lA cm-2• Ion energies in the range 100-400keV were used 

depending on the ion/target combination. The (0001) sapphire and MgO specimens were 

implanted with their surface normal oriented at 7° to the ion beam to minimise the 

effects of channelling. All other implantations were carried out with the surface ion beam 

normal to the specimen surface. 

The doses were monitored by integration of the charge deposited on the target in the 

Cockcroft -W alton implanter. For insulating materials specimen charging during the 

implantation process caused large errors in dose measurement. Post- implantation analysis 

was perfonned by RBS using the IBIS (Intense bunched ion source) 3MeV Van der Graaf 

79 



generator at AERE Harwell. 2 Me V alpha particles were used and the number of particles 

scattered from a heavy implanted species may be determined by comparison with a 

standard of known composition (bismuth in silicon). 

Though the substrate temperature was set (and allowed to equilibrate for at least an 

hour) before implantation commenced, it could not be maintained during the implantation 

process due to the effects of beam heating. Implantations were carried out with a beam 

current of 2~Acm-2 and for an accelerating voltage of 300kV this will produce a beam 

power of 0.6 Wcm-2 which must be dissipated in the specimen. Since the thermal contact 

between the specimen and its carousel holder cannot easily be made very good, the 

specimen must lose heat mainly by radiation. This has been confirmed experimentally by 

a number of workers (e.g. Dearnaley et al, 1973; Parry, 1976). In this case the 

temperature rise in the specimen will be given by the difference between the beam power 

and the radiative power loss divided by the heat capacity of the specimen (parry, 1976). 

Thus 

dT=P-£cr(T'-T 4) _ 0 [S.l] 

dt Sdp 

where T is the specimen temperature, To is the starting temperature, t is the time, P is the 

beam power, cr is Stefan's constant, S is the specific heat capacity of the specimen, d is 

the specimen thickness, p is the specimen density, £ is the fractional radiative efficiency. 

£ must usually be determined by experiment and it is often taken to be O.S. In this case it 

has been assumed that £= 1 to give an upper limit to the temperature rise in the specimen 

produced by ion implantation. 

Equation S.1 may be solved by evaluation of dT for a fixed small time increment dt. 

The time increment may be converted to a dose increment using the equation 

[S.2] 

where 4> is the dose and I is the beam current. Figure S.2.3 shows the computed 

temperature rise with dose for sapphire held at all the substrate temperatures investigated 

in this study and implanted with 300keV ions at 2~A cm-2. The temperature rise due to 

beam heating reaches a maximum at doses less than 1x1016 ions cm-2 which was the 

lowest dose used in this study. The final temperature of the specimen occurs when 

dT/dt=O and thus may be calculated from the equation 

[S.3] 

For To=300K and 300keV implantation into sapphire (S=1088 J kg-I KI, d=0.43mm, 
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Figure 5.2.3: The calculated temperature rise during implantation for sapphire for a 

range of starting temperatures assuming heat loss by radiation only. The temperature rise 

for specimens held at room temperature is :::::250°C. Above 5x101s ions cm·2 the specimen 

has reached equilibrium temperature. 



Sapphire (300kV ions at 2~A cm'~ 

Temperature !K To T Temperature Rise 

150 521 371 

300 534 234 

473 592 119 

673 726 53 

760 798 38 

MgO (300kV ions at 2~A cm'~ 

Temperature !K To T Temperature Rise 
150 540 390 
300 552 252 

473 606 133 

673 734 61 

760 804 44 

Table 6: Maximum Specimen Temperature Rise on Implantation 

TARGET ION Eo R M{ Xd ~Xd E P P • (keV) (~m) (~) (~) (~) (keV/ion) 

Sapphire Ti 300 0.143 0.041 0.088 0.051 125 
Y 300 0.081 0.023 0.046 0.028 152 
Cr 300 0.130 0.038 0.080 0.047 131 
Zr 300 0.079 0.023 0.045 0.028 153 
N 45 0.071 0.027 · 0.040 0.022 19.7 
N 90 0.149 0.041 0.087 0.033 29.7 

MgO Ti 300 0.153 0.043 0.094 0.054 125 

Sodalime C 100 0.247 0.067 0.220 0.058 30 
Glass N 90 0.203 0.060 0.181 0.054 30 

N 45 0.104 0.040 0.093 0.036 20 
Ar 300 0.256 0.067 0.213 0.077 114 
K 300 0.243 0.065 0.202 0.074 113 

Si3N4 C 100 0.210 0.055 0.168 0.048 28 

WC/Co Ti 400 0.103 0.046 0.067 0.044 177 

Table 7: Range and Damage Parameters for the Materials Implanted in this Study 



p=3970kg m'\ P=0.6W cm·2
) and o=5.67x1O-S W m·2 K-4 this gives a final specimen 

temperature of 534K, which is a temperature rise of -230K. From Fig. 5.2.3 it can be 

seen that the temperature rise will be larger for the specimens maintained at lower 

temperatures. Table 6 shows the starting temperatures, final temperatures and temperature 

rises for both the sapphire and MgO specimens implanted in this study. For MgO S=454 

J kg·1 KI, d= 0.75mm and p=3520 kg m·3
• The temperature rise for the MgO specimens is 

slightly greater than for the AlP3 specimens due to the smaller thermal mass of this 

material. 

In practice, some heat will be lost to the implantation chamber by conduction, though 

this is usually assumed to be only a small fraction of the total heat input during 

implantation (Ryssel and Ruge, 1986). The heat generated by the stopping ions produces a 

thermal spike below the surface. This heat must be transferred to the surface by thermal 

conduction in the target in order that it be lost to the target chamber by radiation. Thus 

the temperature in the implanted layer will be somewhat higher than the bulk temperature, 

particularly in the latter stages of the implantation process when the damage created 

reduces the thermal conductivity in this layer. This will prevent the substrate reaching an 

eqUilibrium temperature, and a temperature gradient will be set up between the front and 

back faces of the specimen. However, this temperature difference will be small compared 

to the overall temperature rise. 

Several N
2
+ implantations were also performed using a PIMENTO prototype 

implantation machine at AERE Harwell (see Dearnaley and Goode (1980) for a detailed 

description). The machine has a large target chamber (vacuum 10-5 Torr) and may be 

used to implant a larger specimen area than the Cockcroft-Walton machine but can only 

produce ion beams from gaseous elements (usually nitrogen). The beam is not mass 

analysed and contains about 75% N
2
+ at 90 keY and 25% N+ at 90 keY. It is usually 

assumed that the N
2
+ splits up on contact with the surface into 2xN (charge state 

unknown) at 45keV. Thus the actual dose of N+ will be 7/4 the nominal dose of N
2
+. The 

dose rate was 5 j..t.A cm·2 which is expected to produce a temperature rise of - 300°C for 

a room temperature implant. 

Table 7 shows a summary of the substrate/ion!energy combinations used in this study, 

the calculated range and damage parameters and the energy deposited in damage 

processes per incident ion. 

5.3 Depth Profiling of the Implanted Species 

In this study depth profiling was performed by RBS. This technique is described in 

detail in section 2.1.5.1 

The RBS was carried out with a 2MeV beam of a-particles generated in the IBIS Van 

der Graaf generator at AERE Harwell. For depth profiling the beam was kept at normal 
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incidence to the target (except for MgO where channelling would occur) with a beam 

diameter of -1mm. A solid state detector was used to capture the backscattered particles, 

mounted at an angle of 1500 to the incident beam. The background vacuum was lO-s 

Torr. The spectra were gathered for constant counting times which corresponded to the 

deposition of 2J..LC of charge on the target. The specimens were mounted on a carousel 

that enabled up to twelve specimens to be analysed without breaking the chamber 

vacuum. The energy/depth calibrations were carried out as described in section 2.1.5.1 

using the parametric forms of the electronic stopping powers listed by Chu et al (1978). 

For non-elemental targets Bragg's rule (see Mayer and Rim ini , 1978) was applied to give 

an average stopping power for the material under consideration. 

For channelled RBS a tilt-rotate goniometer was used, equipped with computer 

controlled precision motor drives. Alignment was achieved by accurately mounting the 

specimens on the goniometer and setting it to a few degrees from the channel. The 

channel was then located by making angular scans in two planes and looking for the 

minimum yield. This process was repeated once the channel had been located until the 

minimum yield in the channel was found. This was necessary because best results are 

obtained from axial channels (down symmetry axes in the crystal) rather than planar 

channels (between crysatllographic planes) which are more numerous and easier to find. 

As before spectra were gathered for a total charge of 2J..LC so that direct comparisons 

could be made between channelled and random RBS. 

S.4 Microscopic Analysis of the Implanted Surfaces 
---.. 

The surfaces of the implanted materials were examined by a range of techniques 

including reflected light microscopy, Scanning Electron Microscopy (SEM) and 

Transmission Electron Microscopy (TEM). Reflected light microscopy was conducted with 

an Olympus CH series metallographic microscope fitted with an Olympus OM2N camera, 

allowing magnification up to 500x onto a 35mm negative. SEM analysis was performed 

in a Cambridge Stereos can S2 electron microscope and a Camscan S4 microscope. Some 

backscattered analysis was performed in the Camscan S4 which is fitted with a Robinson 

type (Le. large area scintillator) backscattered electron detector. Energy dispersive x-ray 

spectroscopy (EDX) was used to analyse the composition of certain surface features 

(particularly wear debris around scratch tracks). This was carried out on an ISI 100 

microscope fitted with a Link EDX system. TEM analysis of the implanted layers was 

performed in a Philips EM300 Transmission Electron Microscope. 

No special specimen preparation techniques (apart from careful ultrasonic cleaning) 

were performed for optical microscopy. Both SEM and TEM require some specimen 

preparation and the techniques are described in more detail in the following sections. 
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5.4.1 TEM 

This is potentially a very powerful technique for examining the extent and the levels of 

damage produced by ion implantation. Uses of the technique have been discussed in 

section 2.1.5.4. However, these studies have all used sophisticated microscopy or difficult 

specimen preparation techniques which are beyond the scope of the present study. In this 

study only plan view specimens were produced, in order that diffraction patterns might be 

obtained. These will show diffuse rings if amorphisation has occurred, rather than the well 

defined spot pattern obtained from a crystalline target. Thus the formation of amorphous 

material may be detected by this technique. 

The specimens were prepared by the following method. The implanted specimens were 

waxed to a glass slide implanted-face downwards. The wax used was a low melting point 

wax (Lakeside 70). The specimens were then polished down to -1501lm using 400 grade 

silicon carbide paper. The polished surface was then polished with a series of cloth laps 

impregnated with diamond pastes of various sizes to produce a good surface finish 

(-1 jlffi). By the time this process is complete the specimen thickness has been reduced to 

- l00jlffi. 3mm discs were then cut from the polished material using a Kerry 'Sonorode' 

ultrasonic drill. In order to obtain sufficient thin area to view in the TEM the specimens 

were perforated by thinning from the unimplanted side in an ion beam thinner. Thinning 

rates of -ljlm per hour were obtained and specimens thus took about 4-5 days to 

perforate. 

The specimens were viewed uncoated in a Philips EM300 microscope operating at 

100kV. Despite the fact that the specimens are insulating, no conducting coating proved 

necessary at the magnifications used in this study. 

5.4.2 Scanning Electron Microscopy 

The range of signals available for imaging in the SEM have been reviewed by Holt et 

al (1974), Goldstein et al (1981) and more recently by Newbury et al (1986). The signals 

contain a wider range of information about surface topography, surface composition, 

crystallography and electronic properties - thus SEM has been used extensively in this 

study to investigate the implanted surfaces. 

The following sections describe the various different imaging modes and how they 

have been found to be useful in this study. 

5.4.2.1 Secondary Electron Imaging 

This is the basic imaging mode of most SEMs. The primary beam electrons (energy 

-30kV) are injected into the surface of the material where they lose energy in collisions 

with the electrons of the target atoms. If these electrons are given sufficient energy they 

can be ejected and escape from the material. By the time they leave the surface they have 

energies :S;50e V and in order to be able to escape they must have their origin in the top 

83 



(a) (b) 

6" 

E E 

Figure 5.4.1: Schematic variation of (a) backscattered electron yield 11 and (b) 

secondary electron yield 8 with primary electron energy in the SEM. The backscattered 

yield increases with energy, whereas the secondary yield is reduced after a low energy 

maximum. 
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Figure 5.4.2: Monte Carlo simulations of electron irradiation for (a) silicon at 5kV (b) 

silicon at 30kV (c) gold at 5kV and (d) gold at 30kV showing the variation in the size of 

the interaction volume with beam energy and atomic number/density. In both silicon and 

gold the size of the interaction volume increases with beam energy. For low atomic 

number (and low density) materials such as silicon the electron range is longer than for 

high atomic number (and high density) materials such as gold. Thus the interaction 

volume is shifted deeper into the material for silicon and hence it has a lower 

backscattering coefficient 11. 



few nanometers of the target. Thus secondary electron imaging is surface sensitive - the 

secondary electrons do carry some topographic infonnation but this is masked by the 

detection system which employs a positively charged grid to draw the secondary electrons 

towards the detector. The contrast mechanisms for secondary electron emission have been 

reviewed by Seller (1983). These may include topographic, voltage, magnetic, and 

materials dependent propenies such as composition. It is the first and last of these 

mechanisms which are most important for the ceramic specimens implanted in this 

investigation. 

Figure 5.4.1 shows the schematic variation of the total electron yield (both 

backscattered and secondary) with primary electron voltage for a ceramic material. The 

ideal voltages to use for sapphire occur when 11+o~l.O since there is no net charging of 

the specimen at this voltage. However, this is below the voltage range possible for the 

SEMs used in this study and images produced at this voltage have poor signal-to-noise 

characteristics. Thus specimens were coated with a thin conducting layer of carbon or 

gold in order to reduce the effects of charging. 

5.4.2.2 Backscattered Electron /maging 

The backscattered electron signal carries a lot of infonnation about the crystallography, 

atomic number and topography of the target. This is reviewed in detail by Niedrig (1978). 

However, there are problems with the technique at high magnifications where poor signal

to-noise characteristics result in inadequate images. Backscattered images were found to 

highlight the cracking around hardness indentations more than secondary images. 

Enhanced emission of secondary and backscattered electrons associated with the sharp 

crack edges results in flaring in the secondary image where all the electrons produced are 

collected by the detector. In the backscattered image only those electrons whose 

trajectories are directed towards the detector are collected (a small proportion of the total) 

and hence no flaring occurs. 

The backscattering yield is approximately proportional to the square of the atomic 

number and thus the backscattered signal can be used to detect small differences in 

atomic number. In order to investigate the variation in backscattering coefficient 11 with 

implanted dose, a Monte Carlo computer simulation of the interaction of a primary 

electron with a given target was written by the present author for the BBC 

microcomputer, based on the programs described by Joy (1984). Fig. 5.4.2 shows typical 

output for 5kV and 30kV primary electrons in targets of low and high atomic number. 

The effect of increasing the atomic number is to move the teardrop-shaped interaction 

volume towards the surface and thus increase the backscattering yield 11. Reducing the 

operating voltage reduces the size of the interaction volume and thus increases the 

resolution of the backscattered image. However this increase in resolution will be 

accompanied by a reduction in signal-to-noise ratio and the backscattered images obtained 

84 



Figure 5.4.3: An SEM selected area channelling pattern (Robinson-type detector, 30kV) 

obtained from a single crystal of (1012) sapphire. 



at low kV may be of poor qUality. Implantation of a heavy ion into sapphire results in a 

slight increase in the backscattering coefficient as might be expected by introducing 

material of a higher atomic number into the surface layer. This effect is proportional to 

the concentration of high atomic number material and thus is expected to be proportional 

to dose. The results from the simulation confirm this, but indicate that the changes in 11 

are small and will only be clearly visible at high doses. This is indeed observed for the 

implants investigated in this study. Much more apparent at low doses is a change in 

secondary electron yield at low doses but the reasons for this change are as of yet 

unclear. 

Crystallographic information is also carried in the backscattered signal. Electrons, like 

ions, may also be channelled deep into a single crystal if the beam is close to the Bragg 

angle for diffraction of 1O-40kV electrons by the crystal planes normal or nearly normal 

to the specimen surface. The degree to which this occurs is a function of the degree of 

crystallinity of the surface layer. Since 30kV electrons penetrate at most only a few 

microns in a ceramic material the crystallographic information is surface specific, coming 

from the top -100nm of the target (Joy et al, 1982). A typical electron channelling pattern 

(ECP) is shown in Figure 5.4.3. Dark lines are produced when the incident electrons are 

nearly at the Bragg angle and are diffracted into the material rather than backscattered to 

the detector. This simple picture requires more rigourous treatment using Bloch waves 

(Hirsch and Humphreys, 1970) if the pattern is to be fully understood. 

If the crystal contains defects then the sharpness of the ECP will be reduced. Indeed 

Davidson and Booker (1970) have used ECPs to quantitatively monitor the damage 

introduced by ion implantation (see section 2.3.3.). 

There are two methods by which channelling patterns may be obtained in the SEM: 

(1) With large single crystals (-lDmmx1Dmm) a low magnification backscattered image 

results in the beam being scanned through a range of angles that allows channelling 

conditions to be fulfilled for a number of planes. These are known as Wide Area 

Channelling Patterns (W ACP). 

(2) If the specimen is smaller the beam may be fixed at a point and rocked about this 

point, thus producing the range of angles needed for channelling patterns to be 

produced. This generates Selected Area Channelling Patterns (SACP). 

In this study only the first technique was used. Specimens were lightly gold coated 

before being viewed with as near parallel an electron beam as possible (30kV in a 

Camscan S4) and the patterns were recorded with a Robinson detector. 

5.4.2.3 Cathodoluminescence 

For inorganic materials, irradiation with electrons causes electrons to be excited into 

the conduction band thus creating electron hole pairs. Upon recombination the system 
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Figure 5.5.1: Ca) Stereogram of a-alumina showing the crystaliography of possible 
- -

radial crack trajectories on a (1012) face. For a (1012) test surface only one of the 
- - -

{211O} cleavage form (i.e. (1210» is perpendicular to the surface and produced a [1011] 
- --

crack trace G. Of the {1012) cleavage form, both (0112) and (1102) are very nearly 
-

perpendicular to the test surface producing the near orthogonal <2201> traces F. (b) 
-

When viewed on the (1012) surfaces traces G and F produce intercrack angles of =45° 

and =<90° (after Bumett and Page, 1984b). 
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Figure 5.5.2: (a) Stereogram of a-alumina showing the crystallography of possible 

radial cracks for the (0001) face. All of the {2110) cleavage form are perpendicular to 
-

the surface and will produce crack traces A, Band C on the surface. The {I 0 12 ) 
cleavage form produces crack traces at 57.6° to the specimen surface and it might be 

expected that no cracks are formed from this form. However, when viewed on the (0001) 

surface (b) with the indenter oriented so that one of the {2ll0) traces is aligned with the 
-

indenter diagonal cracks from the {1012) form D, E, F are also present. These run at 

57.6° to the specimen surface and are responsible for an increase in the amount of lateral 

chipping compared to the (1012) orientation. 

F 

o 



may return to equilibrium by losing energy in radiative transitions which results in the 

crystal being luminescent. This phenomenon is termed cathodoluminescence (CL). The 

detailed origins of the CL signal are not clearly understood though a variety of radiative 

transitions have been proposed to account for it (Muir and Grant, 1974). Two important 

types of luminescence have been identified:-

(1) Lattice luminescence (i.e. band gap transitions) - which occurs as a result of 

recombination in perfect crystals. 

(2) Defect luminescence (i.e. sub . band gap transitions) - which occurs as a result of 

recombination at defects including vacancies, interstitials, voids, and dislocations. 

As well as these, changes in stress state may deform the band structure locally and 

allow luminescence to occur (pennycook and Brown, 1979). This is particularly apparent 

in MgO where dislocations luminesce in the visible range whereas the lattice 

luminescence is outside the visible region of the electromagnetic spectrum. Thus CL is a 

useful technique for investigating the extent of deformation in MgO. 

In this study CL was carried out on a Cambridge Instruments S2 fitted with a 

photomultiplier detector with a quartz lens focussed on the · specimen surface. The 

microscope was operated at 1SkV in backscattered mode to reduce scintillation from the 

secondary electron photomultiplier assembly. 

5.5 Indentation Testing 

Microhardness indentations were performed with a Leitz miniload 2 microhardness 

tester. All indentations were made under standard conditions (ambient temperature, 

humidity SO%-80%, laboratory air, 1Ss dwell time) and the indenter diagonals carefully 

aligned with known crystallographic directions to minimise the effects of hardness 

anisotropy. For the (1012) sapphire specimens, the long indenter diagonal (Knoop) or one 

of the indenter diagonals (Vickers) was aligned with [0112]. For the (0001) sapphire 

specimens the long Knoop diagonal or one of the Vickers indentation diagonals was 

aligned with [2110]. For MgO a similar alignment was made with [100]. To follow the 

change in surface hardness low load Knoop indentations were used. Loads in the range 

109 to SOg were chosen (dependent on material) in order that the majority of the plastic 

zone associated with the indentation would lie in the implanted layer. For statistical 

reliability six indentations were performed at each load. After indentation and prior to 

measurement all specimens were lightly gold coated to increase the reflectivity of the 

surfaces. For measuring changes in surface stress state the changes in the lengths of the 

radial crack around Vickers indentations in the load range 100g to SOOg was investigated. 
-

For the (1012) sapphire specimens Bumett and Page have given a detailed description of 

the cleavage crack geometries expected around indentations (Fig. 5.S.1) . In the present 

86 



Figure 5.5.3: Reflected light micrographs of 500g Vickers indentations in (a) (1012) (b) 

(0001) sapphire showing the typical crack patterns produced. The cracks are labelled as 

determined in Figures 5.5.1 and 5.5.2. Note the increase in subsurface lateral cracking on 

(0001). 
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Figure 5.6.1: Schematic diagrams of (a) the top view of the stylus retaining ann and 

(b) the complete scratch rig (Le. the arm, load and specimen translation assemblies) 

shown from the front. 



-
study only the well developed <0221> traces of the {1102} cracks were measured since 

the other crack system would probably have a different work of fracture. For the (0001) 
- -

sapphire specimens, two distinct sets of cracks form from the {1102} and { 10 12 } 

cleavage forms. Only the traces of the {1102} cracks were measured to allow comparison 

with the (1012) sapphire results (Fig. 5.5.2). Cracks ending close to the indentation, or 

showing significant branching were ignored. In all cases sufficient indentations were 

performed so as to obtain 20 crack measurements. For some materials (implanted glasses) 

this involved making large numbers of indentations because only one indent in ten 

showed any cracking. 

All measurements (both crack lengths and indentation diagonals) were made by 

reflected light microscopy using the optical system of the hardness tester. A few 

measurements were subsequently confirmed by SEM and good agreement between the 

measurements was found (to within s::0.5J.l.II1). 

For the specimens that preoduced well-developed radial cracks, the change in the 

indentation crack length after ion implantation was used to measure the surface stresses 

(Lawn and Fuller (1984) - see section 3.3). The thickness of the damage layer was 

assumed to be 4tlX
d

• Fracture toughness values obtained from indentation cracks were 

used, derived using the formulation of Anstis et al (1981). Surface stresses were then 

calculated from the equation 

[5.3] 

Here Co is the radial crack length in unstressed material, C the crack length in the 

implanted specimen, K the fracture toughness, d the thickness of the implanted later 
c 

(4LlX
d
) and S the integrated stress. 

5.6 Scratch Testing 

Specimens were scratched in air under ambient conditions on a single pass scratch rig 

(Fig. 5.6.1) at a sliding speed of 0.25ms· l
. Scratches were made with 90° diamond cones 

and 3.17mm radius spheres of a range of materials held in a screw holder. The diamond 

cones (supplied by Shaw Abrasives) were found to contain a number of angular asperities 

at their tips in the as-received state. These asperities were broken off or polished smooth 

in the first few scratches that the cones made. Thus the cones were worn in by repeated 

scratching on unimplanted material until no further deformation of the diamond could be 

detected in the SEM. After this treatment the ends of the cones were found to be 

approximately parabolic in cross section and the curvature was measured from SEM 

micrographs. The spheres were run in on unimplanted materials in a similar manner 

though in this case no deformation was observed on the sphere or flat. Thus the running-
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in process was continued until the spheres gave repeatable friction measurements on 

unimplanted materials. The spheres, diamond cones and implanted and unimplanted flats 

were all carefully ultrasonically cleaned and de greased in alcohol prior to the 'running-in' 

process. 

The diamond cones. and sphere holders were mounted on the end of a balanced 

parallelogram arm and pressed onto the test surface by a dead-weight load. The tangential 

forces were measured with a strain gauge assembly on the moving arm of the scratch rig. 

The specimen was moved linearly beneath the diamond or sphere by means of an 

electrically driven micrometer screw. One element of the balanced parallelogram ann was 

made of spring steel, the other of brass to give some rigidity to the arm. The strain 

gauges were mounted on opposite sides of the spring steel ann with a proprietry strain 

gauge cement (Kyowa CC-15A) and connected to the amplifier in a half bridge 

configuration. The ann was calibrated by dead loading and the response was found to be 

linear in the range of loads used in the experiment. Further details of the rig construction 

can be found in Mercer (1985). 

Scratches were made up to 8mm in length depending on specimen geometry. In the 

sapphire specimens scratches were always made in the [0112] direction in order to 

minimise the effects of anisotropy. The tangential force was measured on a chart recorder, 

averaged over the length of the track and divided by the load to obtain the coefficient of 

sliding friction J.l. Loads in the range 109-WOg were chosen to give scratches that lie 

predominantly in the implanted layer and show little or no fracture. Some higher load 

scratches were also performed up to a maximum load of 500g to look at the effect of ion 

implantation on the cracking around the track. For statistical reliability 5 scratches were 

made at each load and the measured friction averaged over these. 

5.7 X-ray Diffraction 

Analysis of single and polycrystalline specimens was perfonned with a Philips PW 

1050/25 vertical x-ray diffractometer. Both Cu Ko: and Cr Ko: radiation were used, the Cr 

because it has a smaller penetration depth into oxides than the Cu radiation and thus gives 

more surface specific infonnation. The ranges of 2e used varied within the limits 60 to 

1400 which for the Cu radiation gives a range of plane spacings from 14.73 to 0.82A. 

The diffractometry results were compared with those in the JCPDS Powder diffraction 

file to identify the phases present. For the polycrystalline materials the powder diffraction 

file was used to check the structure of the as-supplied material. For tests in which the 

implanted specimens were annealed the new phases that fonned were identified in this 

manner. 

Single crystal specimens require careful orientation in the diffractometer if reflections 

other than those that lie in the plane of the specimen are to be recorded. The 
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Figure 5.7.1: X-ray peak profiles of the (2024) reflection in Ti-implanted (1012) 

sapphire (a) 1xlOI6 Ti cm-2 (b) 5xlOI6 Ti cm-2 (c) 1xlOI7 Ti cm-2 (d) 5xlOI7 Ti cm-2• The 

sharp peak in the low dose implanted material (showing resolved K a , and Ka peaks) is 
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replaced by a broader, more diffuse peak as the dose of Ti is increased. On amOIphisation 

a broad gaussian hump centred on a slightly lower 2e angle (hence a higher d-spacing) is 

fonned. 
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diffractometer is set up to record only those reflections from crystallographic planes 

parallel to the surface of the material and thus the specimen must be mounted in its 

holder at a known angle for other reflections to be recorded. This is a laborious task and 

thus only this orientation was genenilly used. Step scans were recorded across the (2024) 

reflection in AlP3 at 0.020 intervals with 4 seconds count time at each angle. This 

allowed accurate determination of the peak profile which was found to be sensitive to the 

presence of amorphous material in the surface layer (see Fig. 5.7.1). A sharp well defined 

peak was formed for damaged but crystalline, or unimplanted surfaces. This peak is split 

into two due to the resolution of the Ka and Ka, at the angle (-820 2e) at which the 
1 2 

peak occurs. For amorphised surfaces a broader, flatter peak was found centred at an 

angle close to the Bragg reflection angle. This peak could be fitted with a Gaussian 

function - thus it seems that on amorphisation, though the crystallinity is lost the atom 

spacing normal to the specimen surface varies about a mean value close to the old crystal 

plane spacing, in an approximately Gaussian distribution. The broad peak occurs at 

",,81 0 2e for Ti-implanted sapphire (er Ka radiation) and the (2024) Bragg reflection at 

82.30 2e. Using the Bragg equation these correspond to plane spacings of 1.764A and 

1.739A respectively. Thus to form the amorphous material there has been a 1.4% 

expansion of the surface layer normal to the specimen surface. For the still crystalline 

specimens which produced a measurable Bragg peak the position of the peak was 

determined by fitting a parabola to the peak corresponding to the more intense of the Ka 
1 

and Ka lines. This was used to calculate the plane spacing in the direction of the surface 
2 

normal. By comparison with the same value in unimplanted material the strain E was 
• 

calculated. According to Kamins and Meieran (1973), if the implantation induced stress 

state is biaxial compressive, the biaxial stress cr may be calculated from this value using 

cr=-EEj2V [5.4] 

This value can be converted to an integrated stress by multiplying by the thickness of the 

stressed layer (usually taken as 4ilX). Stresses determined by this technique have been 
d . 

used to check the results of stresses determined by the indentation fracture technique and 

also uniquely determine the stresses in implanted MgO where the indentation technique 

cannot be used. For MgO the cracks are nucleated by dislocation reactions and the usual 

lateral/median/radial crack system does not form. Thus the Lawn and Fuller equation, 

which assumes ideal semicircular cracks cannot be applied to this material. The situation 

is further complicated by the fact that ion implantation is known to change the crack 

morphologies around Vickers hardness indentations in Mgo (Bumett, 1984). This is a 

further reason why the approach should not be used. 
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Figure 5.9.1: Schematic variation of the absorption coefficient for x-rays in the vicinity 

of an absorption edge showing the arbitrary division of the structure into near edge 

(XANES) and extended (EXAFS) components. 



5.8 IR Spectra 

In order to investigate the bonding in Ti-implanted MgO, specimenS implanted to doses 

in the range lxlOI4 Ti cm·2 to 5xlOI7 Ti cm·2 were studied using transmission Infrared 

spectroscopy (IR). The specimens were cleaved to O.5mm thickness and an area 25mm2 

masked off on the implanted side of the specimen with IR opaque aluminium foiL The 

specimens were carefully ultrasonically cleaned and degreased in alcohol before masking. 

They were then placed in a Perkin Elmer 4000 IR spectrometer with the masked 

implanted side towards the IR source. Spectra were recorded in the two beam setting, in 

laboratory air and normalised with respect to the second beam in which no specimen was 

present Further details of the IR technique can be found in Little (1966). 

The spectra were stored and subsequently printed by the electronic system of the 

machine. Standard slit and filter settings were used for all spectra (slit= 1, filter= 1) and the 

spectra were all plotted out at the same scale. 

Only implanted MgO had a sufficient water content that it could be detected by 

transmission IR. Both transmission and surface reflection IR was attempted for A1Z03 

specimens but the results were inconclusive and it is likely that the adsorbate 

concentration is below the detection limit of the technique. 

5.9 EXAFS 

In order to understand the hardening mechanisms that operate in ion implanted 

ceramics it is necessary to know both the charge state and detailed environment of the 

implanted atoms. The technique needs to be able to provide sub-surface information in 

specimens which are considerably thicker than the implant profile and where the ions are 

only present in, on average, small concentrations. 

X-ray absorption spectroscopy methods would seem to be suitable for this, since they 

are powerful techniques for obtaining chemical and structural information about particular 

species which can be selected from those in a compound system by measurement of a 

characteristic absorption. The spectrum in the vicinity of the absorption edge can be 

divided into two regions. The x-ray absorption near-edge structure (XANES) which can 

be used qualitatively to distinguish one structure from a limited number of model 

structures (pendry, 1983) and the extended x-ray absorption fine structure (EXAFS) which 

consists of weak oscillations of the absorption coefficient above the absorption edge due 

to the interference of excited electrons with that part of their waves backscattered from 

surrounding atoms. These are shown schematically in Fig. 5.9.1. The EXAFS oscillations 

exhibit periodicities of 2kR. where R are the radii of the shell of atoms surrounding the 
J J 

characteristically excited one and k is the wavenumber of the excited electrons concerned. 

Experimentally k is scanned using an x-ray spectrometer. Using Fourier transform 

techniques (Bourdillon et al, 1979) the atomic shell radii around a selected species may 

90 



be determined. This method was used in this study since it is the simplest way of making 

comparisons between the system under investigation and a set of standards. More details 

of the analysis can be found in Bourdillon et al (1986). 

Conventionally EXAFS is obtained from spectral measurements of x-ray transmission 

from a thin specimen. However, data of high statistical accuracy is required for this 

method of collection since background noise can obscure the fine structure. This can be 

overcome by measuring characteristic fluorescence emission which occurs after absorption. 

A specimen of {lOI2} sapphire was implanted to a dose of 2.3xlO17 Ti cm·2 in the 

Cockcroft Walton facility at AERE Harwell in the same way as specimens implanted in 

this study. In order to reduce the background noise during the EXAFS studies, the 

unimplanted side of the specimen was polished to -IOOJl.m thickness using diamond laps 

and cloths. 

The specimen was mounted in the fluorescence EXAFS apparatus attached to the 

synchrotron radiation source at the SERC Daresbury Laboratory. The incident radiation 

was focussed in the vertical plane before monochromation by a channel cut (111) silicon 

crystal. This beam then passed through an ion chamber intensity monitor before striking 

the specimen, which was oriented at an arbitrary angle to avoid low angle Bragg 

reflections being superimposed on the spectra. A further post specimen ionisation chamber 

provided transmission data. 

The fluorescence detector was placed a short distance from, and in good view of, the 

specimen (0.3m) in a horizontal direction perpendicular to the horizontally plane polarised 

incident beam. The detector was a scintillator/photomultiplier combination mounted 

behind a beryllium window. Pulse height analysis of the amplified signal was used. 

Several spectra were recorded over a long period (-lO hours) with an electron ring 

storage current of about 200mA at 1.8 or 2GeV. Calibration shifts were found to be less 

than 20 seconds of arc and so the spectra were added together for increased statistical 

reliability. 

In order to identify the environments of the implanted ions, a number of standards 

were used. These were finely ground Ti0
2

· and TiO powder and more coarsely ground 

TiP3' From these both fluorescence and more conventional EXAFS spectra were obtained 

since the rate of data acquisition was much faster. 

The Ti-implanted sapphire specimen was then annealed in air for two hours at 

1150°C and further spectra obtained. This heat treatment is known to reduce the level of 

radiation damage and produce a variety of precipitates (e.g. Burnett and Page, 1984c). 
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This chapter has introduced some of the experimental techniques used in this study. 

The next chapter looks at the effects of varying the temperature of the sample during ion 

implantation, since the annealing of damage during the process is known to be important 

in determining the final damage state (and hence the mechanical properties) of implanted 

ceramic surfaces. 
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Ion Substrate Doses Ions cm-z 

Damaged but Subsurface Surface 
Crystalline Amorphous Amorphous 

Ti AlP3 2.5xlO'6 lxlO'7 7xlO17 
y 

AlP3 1.1xlO'6 9.9xlO'6 8.5xlO17 
Ti MgO 101• 1016 1017 

Table 8: DoselSubstrate combinations investigated 



6. The Effect of Specimen Temperature During Implantation 

Previous studies have concentrated on the effects of room temperature implantation on 

the mechanical properties of ceramics. During the implantation process, however, there is 

potential for a significant amount of dynamic annealing of damage in ceramic materials. 

This is due to annealing processes stimulated by radiation enhanced diffusion and the 

temperature rise produced in the thermal spike. Such annealing mechanisms in ion 

implanted metals have been discussed by Thompson (1969). For metals the amount of 

annealing is large compared to ceramic materials. However, annealing of damage in 

ceramics will still have an important effect on the mechanical properties of ion implanted 

. ceramics. Hence, in order to study the effects of this annealing during the implantation 

process, specimens have been implanted at a range of temperatures and doses to ascertain 

the effects of substrate temperature during implantation on these mechanical properties. 

6.1 Implantation Conditions 

Two model single crystal materials were investigated, sapphire and MgO. The two are 

known to have different post-implantation annealing characteristics (Bumett, 1984) with 

damage in the MgO annealing at lower temperatures (-800°C) than damage in sapphire 

(-llOO°C). Both materials were implanted with 300kV Ti ions and sapphire specimens 

were also implanted with 300kV Y since this heavier ion will produce different damage 

levels within the target and may thus be expected to have different annealing behaviour. 

Five different substrate temperatures were chosen which covered the full range of 

temperature that the target chamber on the Cockcroft Walton implantation facility at 

AERE could manage. Liquid nitrogen cooling was used to achieve a target temperature of 

150K and 300K and a combination of this cooling, and radiation heating was used to 

maintain the specimens at 473K, 673K and 760K. These temperatures could be controlled 

to an accuracy of ±lO°C. Details of the target chamber may be found in the book by 

Deamaley et al (1973) . 

Doses were chosen with reference to the known amorphisation behaviour of sapphire 

and MgO implanted at room temperature. Three doses were implanted, one which was 

known to produce damaged but crystalline substrates at room temperature, one that 

produced a subsurface amorphous layer and one that produced a surface amorphous layer. 

For sapphire this gave doses in the range lx1016 to 8.5xl017 ions cm·2 and for MgO the 

doses were in the range lx1014 to lx1017 ions cm·2
• The doses used are tabulated in table 

8. 

The doses were measured by a Faraday cup arrangement during implantation and 

checked by post implantation RBS. For the low dose specimens good agreement was 
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Figure 6.2.1: Wide area channelling patterns obtained in an SEM at 30kV across the 

implanted/unimplanted boundary for (1012) sapphire implanted to Ca) 2.5xlO16 Ti cm-2 at 

150K Cb) 2.5xlO16 Ti cm-2 at 300K Cc) 2.5xlO16 Ti cm-2 at 760K Cd) lxlO17 Ti cm-2 at 

150K (e) 1xlO17 Ti cm-2 at 300K and (t) lxlO17 Ti cm-2 at 760K. For implantation at 

150K the pattern is completely degraded in the implanted region indicating the presence 

of an amorphous layer extending to the surface. Higher temperature implants are still 

crystalline at the lower dose whereas at lxlO17 Ti cm-2 the pattern is completely degraded 

at both 150K and 300K, but not at 760K, indicating that the surface layer is crystalline at 

the highest temperature. 



Temperature /K Dose Ions cm-2 

2.5xl016 lx1017 7xl017 

150 A A A 

[ECP, XRD] [ECP, TEM] [ECP, TEM] 

300 C A A 

[ECP, XRD, RBS] [ECP, RBS] [ECP, XRD, RBS] 

473 C A A 

[ECP, XRD] [ECP] [ECP, XRD] 

673 C A A 

[ECP, XRD] [ECP, TEM] [ECP, XRD] 

760 C C A 
[ECP, XRD] [ECP, TEM] [ECP, XRD] 

Table 9: Surface Structure of Ti-Implanted Sapphire 

Temperature !K Dose Ions cm-2 

1.1x1016 9.9x1016 8.5x1017 

150 A A A 

[ECP, XRD] [ECP, TEM] [ECP, XRD] 

300 C A A 

[ECP, XRD, RBS] [ECP, RBS] [ECP, XRD, RBS] 

473 C A A 

[ECP, XRD] [ECP, TEM] [ECP, XRD] 

673 C A A 

[ECP, XRD] [ECP, TEM] [ECP, XRD] 

760 C A A 

[ECP, XRD, TEM] [ECP, XRD, TEM] [ECP, XRD] 

Table 10: Surface Structure of Y-Implanted Sapphire 



found between the Faraday cup dose and the value detennined by RBS. For instance, of 

the specimens nominally implanted to lx1016 Ycm·2
, the specimen implanted at 150K was 

found to contain a dose of 1.6x1016 cm·2
, and the specimen implanted at 760K was found 

to contain a dose of 1.48x1016 cm·2
• At higher doses there is a bigger difference between 

the measured dose and the nominal implanted dose. However, reasonable agreement was 

maintained between the specimens implanted at different temperatures. The inaccuracies at 

high doses are probably due to the charging of the substrate and subsequent beam 

deflection. Specimens nominally implanted to 8.5x1017 Y+ cm·2 were found to contain 

doses in the range 6xlO17 to 7.6x1017 cm·2 depending on the temperature of implantation. 

6.2 Surface Characterisation 

Attempts were made to analyse the damage produced by ion implantation by a number 

of methods. Unfortunately this particular batch of as-supplied sapphire wafers were of 

poor surface crystallinity and it proved difficult to find channels to record channelled 

RBS. Some electron channelling patterns were obtained. as well as x-ray line profiles and 

diffraction patterns in the TEM, and thus it was possible to detennine which specimens 

had been amorphised. However, the thickness of the amorphous layer of most in the 

specimens is uncertain. 

For the Ti-implanted sapphire, Fig.6.2.1a-c shows electron channelling patterns for the 

specimens implanted to 2.5x1016 at 150K, 300K and 760K. It can be seen that at 150K 

the pattern has completely degraded whereas above this temperature the patterns are still 

clearly visible. Thus it can be concluded that the sapphire has been amorphised at this 

dose at 150K, but above this temperature it is still damaged but crystalline. Fig:6.2.1d-f 

shows the electron channelling patterns for sapphire implanted with lxlO17 Ti cm·2 at 

150K. 300K and 760K. In this case the two lower temperature implantations can be seen 

to have produced amorphous material whereas the 760K implant leaves the target still 

crystalline. No evidence for crystallinity was found in any of the specimens implanted to 

7xl017 Ti cm·2
• 

Table 9 shows the crystalline/amorphous nature of all the Ti dose/temperature 

combinations implanted in this study together with the methods used to detennine whether 

the surface was crystalline or amorphous. All implantations carried out at 150K produced 

amorphous surface layers. As the temperature was increased the amount of amorphous 

material decreased as expected, until by 760K only the highest dose implanted specimen 

went amorphous. 

Table 10 shows similar data for Y-implanted sapphire. Since Y is a heavier ion it does 

more damage and the amorphisation dose is lower at room temperature. However. the 

behaviour with temperature was found to be similar to the Ti-implanted case. At 150K all 

specimens were rendered amorphous by ion implantation. At temperatures above this the 
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(a) 

(b) 

(c) 

Figure 6.2.2: Wide area channelling patterns across the implanted/unimplanted 

boundary obtained in an SEM at 30kV for (1012) sapphire implanted to (a) 1.1x lOl6 Y 

cm-2 at 150K (b) 1.1xlOl6 Y cm-2 at 300K (c) 1.1xlOl6 Y cm-2 at 760K (d) 9.9x lO16 Y 

cm-2 at 150K (e) 9.9xlO16 Y cm-2 at 300K and (f) 9.9x lO16 Y cm-2 at 760K. For the lower 

dose implants the channelling pattern is completely degraded at 150K indicating the 

presence of amorphous material in the surface layer. However, at higher temperatures the 

surface is crystalline. At 9.9x lO16 Y cm-2 the patterns are completely degraded for all 

temperatures indicating a surface amorphous layer has formed on all the specimens. TEM 

observations show that there is some subsurface amorphous material for the 9.9x lO16 Y 

cm-2 at 760K. 



Ion T <\Ic:ril <\10 
K U 

K ions cm·2 ions cm·2 (keV cm·I)lI2 eV 

Ti 300 8xlOI6 3.40xlO14 126 0.0013 

760 2xlOI7 

y 300 2.8xlO16 2.93xlOJ4 177 0.0022 

760 6xIQI6 

Table 11 .- Morehead and Crowder Fitting Parameters for Sapphire 
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Figure 6.2.3 : (a) Fits of the Morehead and Crowder amorphisation model to 
-

experimental data for Ti and Y-implanted (1012) sapphire using an annealing energy 

value of 0.OO18eV (determined by taking the average of the best fit values for the two 

different ions). The model predicts that implantation at 150K will produced amorphous 

material for all specimens implanted to doses >lx lO16 which is observed. (b) The same 

fitted lined replotted in terms of damage energy density. At low temperatures the damage 

annealing rates (and hence the amorphisation doses) are nearly equivalent for the two 

ions. At higher temperatures, the higher damage densities created by the heavier ion 

results in the critical amorphisation energy being lower for Y (as observed by Bumett and 

Page, 1984b) 
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dose at which amorphisation starts is increased, though by 760K it is still less than 1017 Y 

cm·z. 

From this data it is possible to estimate the temperature variation of the amorphisation 

dose using the model of Morehead and Crowder (1971). These workers derived the 

relationship 

[6.1] 

where K is a measure of the damage efficiency of the ion relating the initial energy 

deposition (dE/dx)o to the final damage concentration, U is the activation energy for 

annealing of the amorphous material and <1>0 is the dose at which all target atoms are 

displaced. According to Morehead and Crowder 

If. =E N(dE/dx)·1 cm·z 
'1'0 d 0 

[6.2] 

where E d is the target atom threshold displacement energy, N is the atomic density and 

(dE/dx)o is the energy independent nuclear energy loss per unit path length (related to Sn -

see section 2.1.1) given by 

[6.3] 

where MI and ZI are the mass and atomic number of the ion, and Mz is the mass of the 

target This equation is only an approximation; the best way of detennining <1>0 would be 

by fitting a larger number of amorphisation dose/temperature combinations to equation 6.1 

in a three parameter fit for <1>0' K and U. 

For the Y-implanted sapphire the amorphisation dose at 300K has been detennined to 

be 2.8x1016 ions cm·z by RBS. At 760K the amorphisation dose can be estimated to be 

-6x1016 ions cm·2
• For the Ti-implanted sapphire the amorphisation dose at 300K is 8x1016 

cm-z as determined by RBS. At 760K this dose rises to ~xlO17 cm-z as with the 

Y-implant. 

Table 11 shows the dose temperature combinations to which equation 6.1 was fitted, 

together with the fitted values of K and U and the calculated values of <1>0. The fit is 

plotted in Figure 6.2.3a. 

Values of the annealing energy for the two ions are comparable since small changes in 

U do not have a significant effect on the dose/temperature behaviour. A reasonable 

average value of O.0018eV may be used to predict the amorphisation dose/temperature 

behaviour for both ions, and gives a reasonable fit to the measured amorphisation dose. 

95 



The value of the annealing energy is much smaller than the value that Morehead and 

Crowder obtained for silicon (according to Morehead and Crowder U=O.06eV for Silicon). 

This result is not surprising since in predominantly covalent materials there is only a 

. small amount of in situ annealing of amorphous material. These annealing energies are 

very much smaller than the activation energies for thermal annealing of defects in these 

materials (typically of the order of 5eV - Crawford, 1984), showing the importance of the 

thermal spike and the high damage concentrations on the diffusion properties during 

implantation. 

The values of K are less comparable, since small changes in K result in large changes 

to the amorphisation dose/temperature curve. According to Morehead and Crowder the 

constant K is a function of the vacancy diffusion coefficient and the time t in which 

atoms in the displacement spike are rearranged by thermal processes. Since the 

displacement spike for the Y-implanted sapphire is much more localised, it might be 

expected that as a large number of vacancies are created in a small volume the value of 

the local diffusion coefficient will be larger for this material. However, the main function 

of K is to account for the vacancies produced in secondary collisions, since the model 

assumes that the displacement .damage caused by the ion is a function of the initial energy 

deposition in displacement processes. Since Y is a heavier ion, it is expected to transfer a 

larger amount of energy to any target atom it collides with and thus more secondary 

collisions are likely and the value of K is expected to be larger than for Ti. Indeed the 

value for K is much larger for this ion, though given the accuracy of the curve fitting it is 

difficult to make any further inferences about this. 

A more useful ,way to understand the onset of amorphisation is the concept of the 

critical energy deposition for amorphisation (CECA) introduced in section 2.3.4. 

According to this approach, amorphisation will occur when a critical amount of damage 

energy has been deposited below the surface. This will occur at the peak of the Gaussian 

damage profile and the critical damage energy deposition at this point is given by 

PCECA=<I>EcXIO" 
mL:.X

d 

[6.4] 

where Ec is the energy deposited in damage processes. Using equation 6.4 together with 

equation 6.1, the variation of amorphisation dose with temperature may be converted into 

the variation of CECA with temperature. 

PCEC/T)==po [l-K(dE/dx)"lflexp( -U/kT)]2 

CECA 
[6.5] 
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Ti-Implanted Sapphire Temperature 

150K 300K 760K 

2.5x1016 cm-2 0.105Jlm 0 0 

lx1017 cm-2 0.180Jlffi 0.085Jlffi 0 
7x 1017 cm-2 0.215Jlffi 0.18Jlm 0.14Jlm 

Y -Implanted Sapphire Temperature 
150K 300K 760K 

1.1x1016 cm-2 0.0375Jlm 0 0 
9.9x1016 cm-2 O.1Jlm 0.0725Jlffi 0.035Jlffi 
8.5xlO17 cm-2 0.115Jlm 0.107Jlm 0.0925Jlffi 

Table 12: Estimated Thickness of Amorphous Layer 

Temperature Dose Ions cm-2 

K lx1014 lx1016 lx1017 

150 C A A 

[ECP, XRD] [ECP, XRD, TEM] [ECP, XRD] 

300 C C A 

[ECP, XRD, RBS] [ECP, XRD, RBS] [ECP, XRD, RBS] 

473 C C A 

[ECP, XRD] [ECP, XRD] [ECP, XRD] 

673 C C C 
[ECP, XRD] [ECP, XRD] [ECP, XRD] 

760 C C C 
[ECP, XRD] [ECP, XRD] [ECP, XRD] 

Table 13: Surface Structure of Ti-Implanted MgO 



Figure 6.2.6: Wide area channelling patterns (30kV) for MgO implanted with Ti. (a) 

Unimplanted (b) lxl016 Ti cm·z at 300K (c) lx1016 Ti cm-z at 473K (d) lxl016 Ti cm-2 at 

673K (e) lx1016 Ti cm·z at 760K. In all cases the channelling contrast is present 

indicating that the specimens have remained crystalline during implantation_ However, 

those specimens implanted at higher temperatures show less degraded patterns, indicating 

that some damage annealing has occurred_ . 
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Figure 6.2.7: (a) Fits of the Morehead and Crowd er model to amorphisation dose data 

for Ti-implanted MgO (U=0.OO12eV, K=118 (keV cm-1)112) to determine the theoretical 

amorphisation dose variation with implantation. The form of the curve is almost identical 

to that for Ti-implanted sapphire. (b) The same curve plotted in terms of damage energy 

density, showing the variation of critical amorphisation energy with temperature. 

Ion 

Ti 

T 

K 

300 8.5xlO16 

473 1 X 1017 

2.08xlO14 118 0.0012 

Table 14: Morehead and Crowder Fitting Parameters for MgO 



Fig. 6.2.3b shows a plot of CECA against temperature. At very low doses the energy 

deposition required for amorphisation is the same for both ions, but at intermediate and 

higher temperatures the behaviour diverges, with Ti-implanted sapphire requiring a higher 

energy deposition for amorphisation than Y -implanted sapphire. This sort of behaviour 

was observed by Bumett and Page (1985a) who quoted values of 8xlO23 keY cm·3 for Ti

implanted sapphire and 6xlO23 keY cm·3 for Y-implanted sapphire. The difference between 

these values was attributed to heating effects within the implanted specimens. The fact 

that the damage produced by Y-implantation occupies a much smaller volume might 

allow stable defect complexes to form whilst the spike is still 'hot' and thus the amount 

of damage annealing is reduced. This could explain the difference between the two 

curves. However, the detailed mechanisms of damage recovery during implantation in 

sapphire remain a mystery. 

Such a variation in the dose at which amorphisation starts below the surface will result 

in a variation in the thickness of the amorphous layer produced for higher dose implants 

. depending on what temperature the material was implanted at. Fig. 6.2.4 shows the 

amorphous layer thickness dose behaviour calculated by the method of Bumett and Page 

(1984a - detailed in section 2.3.4) for Y -implanted sapphire implanted at 300K and 760K. 

Changing the amorphisation dose shifts the curve along the dose axis, but does not affect 

the shape of the curve. Thus as the temperature is increased and the dose at which 

amorphisation starts is increased. the thicknesses of the amorphous layer produced at a 

much higher dose will be reduced until it eventually disappears. This change in 

amorphous layer thickness. together with the fact that some specimens implanted to the 

same dose can be still crystalline or have an amorphous layer depending on which dose 

they were implanted at. will have major effects on the mechanical properties of these 

specimens. Similar plots for Ti-implanted sapphire are shown in Figure 6.2.5. In all cases 

the thickness of the amorphous layer is reduced as the implantation temperature is 

increased. Calculated amorphous layer thicknesses using this method are given in table 

12. 

For the MgO samples implanted at a range of temperatures. similar behaviour to the 

sapphire implants was observed. Table 13 shows the doses and temperatures used. 

together with whether the implanted layers were crystalline or amorphous after 

implantation. Implantation at l50K produced amorphous layers on the specimens 

implanted to doses above IxlOl6 Ti cm·2
• Above this temperature implantation to 1xlOl4 or 

1xlOl6 did not render the surface amorphous and by 473K no amorphous material was 

produced. At room temperature this material amorphises at 8.5xlO16 Ti cm·2
• This dose is 

increased to 1xlOl7 at 473K which is similar to the temperature behaviour of Ti-implanted 

sapphire. Table 14 shows the fitting parameters for MgO. Although the lowest dose at 

which amorphisation occurs is somewhat lower than for the sapphire implant. the values 
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Figure 6.3.1: Variation of microhardness with implantation temperature for Ca) 2.5x 1016 

Ti cm-2 (b) l x 1017 Ti cm-2 and Cc) 7x 1017 Ti cm-2 implanted (1012) sapphire. For the 

lowest dose implant the specimen has been amorphi sed at 150K and shows a lower 

hardness than at higher temperatures where the hardness is almost constant. For the higher 

dose specimens the hardness increases with temperature as the amorphous layer is 

progressively reduced in thickness. 
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Figure 6.3.2: Variation of microhardness with temperature of implantation for (a) 

l.lxl016 Y cm-2 (b) 9.9x1016 Y cm-2 and (c) 8.5x1017 Y cm-2 implanted (1012) sapphire. 

As with the titanium implants the hardness increases as the amorphous layer thickness is 

reduced with increasing temperature. However, there is also an increase in hardness with 

temperature at 1.1x1016 Y cm-2 where no amorphous material is present. 



of K and U are almost identical. Thus the annealing during implantation is not dependent 

on the structure of the target material, but more on the damage produced by the implanted 

ion. Fig. 6.2.7 shows the variation of amorphisation dose with temperature for Ti

implanted MgO and the variation of CECA with temperature for the material. Again the 

CECA values are similar to those of sapphire, which is expected as the ionicity of the 

two materials are comparable (-60-70%). 

6.3 Variation of Microhardness with Implantation Temperature 

The variation of amorphisation behaviour detailed in the previous section manifests 

itself in changes in the microhardness of the implanted materials. Figure 6.3.1 shows the 

hardness behaviour with temperature for the Ti-implanted sapphire specimens. At 150K 

the 2.5xlO16 Ti cm-2 implanted specimen is much softer than at any higher temperature. 

This is because the specimen implanted at 150K has been amorphised whereas the ones 

implanted at higher temperatures remain damaged but crystalline. The fact that the 

measured hardness at 150K is less than the hardness of the unimplanted material implies 

that the amorphous layer extends to the surface of the material. For the specimens 

implanted to lxlO17 Ti cm-2 the hardness increases with temperature. This is due to the 

decreasing amount of amorphous material as the implantation temperature is increased; the 

amorphous layer thickness decreases from a maximum for implantation at 150K to zero 

for implants at 760K. Comparison with the hardness of unimp1anted material indicates 

that a surface amorphous layer is formed for implantation at 150 and 300K, and a 

subsurface amorphous layer at temperatures above this. Similar behaviour is observed for 

the 7xlOI7 Ti cm·2 implant though changes in the thickness of the thicker surface 

amorphous layer produced by implantation to this dose have a smaller effect on the 

measured hardness. 

For the Y -implanted sapphire the hardness variation with implantation temperature is 

shown in Figure 6.3.2. For a dose of 1.1xlOI6 Y cm-2 the hardness increases from 

implantation at 150K to implantation at 760K. The hardness at 150K is very close to the 

hardness of unimplanted material. Electron channelling patterns indicate that this specimen 

is amorphous and thus it would appear that the amorphous layer extends to close to the 

surface in this specimen. At higher temperatures the implanted layer is damaged but 

crystalline. 

For 9.9xlO16 Y cm·2 implantation the hardness is constant with temperature up to about 

473K where the hardness begins to increase. By 760K the hardness rises above the 

unimplanted value, though electron channelling patterns indicate that there is still some 

amorphous material present, probably subsurface. At 8.5xlO17 Y cm·2 the hardness is 

approximately constant over the temperature range implanted here. A thick amorphous 

layer is formed, extending to the surface, and small changes in its thickness due to the 
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Figure 6.3.3: Variation of 2Sg Knoop microhardness with dose for (a) Y -implanted 
- -

(1012) sapphire (b) Ti-implanted (1012) sapphire for all the temperatures investigated in 

this study. The hardness decreases with increasing dose for all but the highest temperature 

Ti-implants. This is due to the presenCe of soft amorphous material at high doses and low 

implantation temperatures. 

Ion species Ionic radius 

Al3+ 0.51 
Cr>+ 0.63 
Ti3+ 0.76 
Ti4+ 0.63 
y3+ 0.89 
zt+ 0.79 

Table 15: Ionic Radii of the Implanted Ions 
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with increasing dose due to the thickening of the soft amorphous layer. At 760K, the 

amorphisation dose has increased sufficiently so that some hardening is observed before 

the decrease in hardness due to some radiation hardening occurring before the softening 

on amorphisation. 
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Figure 6.3.5: Variation of Knoop microhardness with implantation temperature for 

(1012) sapphire implanted to (a)2.5xI016 Ti cm·2 (b) 1.1x1016 Y cm·2 and (c) lx1016 Cr 

cm·2
• For all three implants the hardness increases from 150K to 300K due to the 

annealing of the amorphous material formed by low temperature implantation. Above 

300K the hardness of the Ti-implant is approximately constant, whereas the hardness 

increases for Y and decreases for Cr implants. 



annealing of amorphous material during implantation do not have a noticeable effect on 

the measured hardness. 

Care is necessary when making indentations in Y -implanted sapphire implanted to 

doses where amorphisation has occurred. In this case surface crazing occurs and it is 

important that the indentations are placed in the material between crazes for greatest 

accuracy. The crazing phenomenon is discussed in detail in section 6.5. 

The importance of amorphisation on the measured hardness is perhaps more clearly 

shown in Fig. 6.3.3, where the hardness against dose behaviour is plotted for 25g 

indentations in the two implantation systems discussed here. For the Ti results in Fig. 

6.3.3b, the hardness increases from a relatively constant value for implantation at 150K. 

At intermediate temperatures the hardness decreases with increasing dose as expected for 

the chosen doses based on room temperature implantation results. At 760K the 

amorphisation dose has increased sufficiently that maximum hardness occurs at around 

1017 Ti cm·2
• Similar results are observed for the Y-implanted sapphire (Fig. 6.3.3a) 

though in this case the low dose, high temperature implants have a higher hardness than 

might be expected. 

The increase in hardness with temperature for 1.1x1016 Y cm·2 implantation is 

somewhat surprising. Increasing the temperature of implantation is expected to increase 

the amount of annealing during the implantation process. This would reduce rather than 

increase the hardness at higher temperatures. The fact that the hardness of 2.SxlO16 Ti 

cm·2 implanted sapphire is constant at temperatures above 300K implies that damage 

annealing in the damaged but crystalline material is not very significant in this 

temperature range. Thus some temperature dependent hardening mechanism must be 

occurring which seems to be implanted-ion specific. To check this, specimens were 

implanted with lx1016 er cm·2 at temperatures in the range lS0K to 760K. For this ion 

the specimen's surface amorphises at 150K, but is damaged but crystalline at all other 

temperatures (as determined by electron channelling patterns). The hardness is maximum 

at 300K; it decreases slightly at temperatures above this, and quite dramatically at lower 

temperatures (Fig. 6.3.Sc). The low temperature decrease in hardness is due to 

amorphisation, but the decrease at higher temperatures must be due to some other 

mechanism. 

Comparing the results for these three implanted ions gives some insight into the 

mechanisms that might be operating. One possible explanation for the observed hardness 

changes comes from considering the size and charge state of tlle ions and their 

contribution to solid solution strengthening. The effectiveness of a particular solute ion at 

producing hardening in ceramic materials is known to be a function of both the size 

mismatch between the solute ion and the ion it replaces, and the charge state the solute 

ion is present in (Mitchell and Heuer, 1977). In fact charge effects are often more 
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important than mismatch strains. Table 15 shows the ionic radii of all the ions implanted 

in this study (Weast, 1976). It can be seen that the ionic radius of y3+ is much larger than 

Ti3+ which is much larger than Cf+. Thus it might be expected that Y will produce the 

most solid solution hardening in the absence of charge effects, followed by Ti and Cr. 

This assumes that all the ions are substitutional to the same extent. Now suppose that 

increasing the temperature of implantation increases the amount of substitutionality for all 

the implanted ions. This damage recovery mechanism will reduce the number of 

interstitials in the implanted layer and might be expected to reduce the hardness of the 

layer because of this. It might also be assumed that the ions will adopt the charge state 

determined by the local coordination (+3 for replacing the AI in sapphire), particularly if 

this is the most thermodynamically stable charge state of the implanted ion. This is the 

case for Cr and Y, though not for Ti since its most stable charge state is +4. In sapphire, 

the greatest hardening is achieved if the ion is in a higher charge state than the one it 

replaces (Mitchell and Heuer. 1977). Thus it is expected that the charge state contribution 

to solid solution hardening is not particularly · significant for Cr or Y. The CrplAIp3 

system is known to exhibit complete solid solubility (Levin and McMurdie. 1975) and 

this it is expected that er is a highly substitutional ion in alumina. The Cf· ion has the 

smallest mismatch with the AP+ it would replace and thus its size mismatch contribution 

to solid solution hardening would be relatively small. The balance between damage 

recovery and solid solution effects might thus result in a reduction in hardness at high 

implantation temperatures. The titanium ions are less likely to become substitutional than 

either Y or Cr since their most thermodynamically stable charge state is 4+. EXAFS 

studies (see chapter 11) indicate that Ti is present in a range of charge states between +2 

and +3 and thus some substitutionality may occur. However, the maximum contribution to 

solid solution hardening occurs when this ion is in the +4 charge state and thus its 

hardening effects may not be significant. 

A possible explanation for the hardening produced by the y3+ ion at low doses. comes 

from considering the large size mismatch between y 3• and AI3 
• • In order for the y 3+ ion to 

be substitutional a large misfit strain will be produced. This strain may be reduced by 

defects becoming associated with the substitutional ions. Such solute-defect interactions 

will increase the effective charge state of the substitutional ion and thus would be 

expected to produce a strong solid solution hardening effect and hence increase the 

hardness. Indeed there is some EXAFS evidence that the yttrium in Y -doped sapphire has 

a tendency to be present in a charge state higher than +3 (Loudjani et al. 1985). If the 

amount of substitutionality increases with temperature then this mechanism will produce 

an increase in hardness with temperature as observed for the Y -implanted sapphire 

specimens. 
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Figure 6.3.6: RBS spectra of (1012) sapphire implanted with 8.5x1017 Y cm-2 at Ca) 

150K Cb) 300K and Cc) 473K. As the implantation temperature is increased the implant 

profile moves towards the surface due to the recrystaliisation of amorphous materiaL The 

implanted ion is carried on the interface between the crystalline material and the 

amorphous layer as it moves towards the surface. 
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• In all cases little damage is visible in the 

aluminium and oxygen subarrays and the implant peak has remained approximately 

Gaussian. This shows that no migration of the implant (driven by recrystallisation or some 

other mechanism) has occurred. 
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Figure 6.3.8: Variation of Knoop microhardness with implantation temperature for 

MgO implanted with (a) lxlO14 Ti cm·2 (b) lxlO16 Ti cm·2 and (c) lxlO17 Ti cm·2• The 

hardness increases from 150K where the surface has become amorphised for all doses 

. investigated, up to a maximum at between 300K and 473K. Above this dose the hardness 

is reduced due to annealing of damage. 



There is some evidence that the substitutionality of Cr implanted into sapphire 

increases with annealing temperature on post-implantation annealing (Naramoto et al, 

1983). RBS studies indicate that the increased substitutionality occurs at temperatures 

above 700°C. This is somewhat higher than the substrate temperatures used in this study, 

but the presence of the 'thennal spikes' and damage caused by implanted ions is expected 

to significantly increase the effective temperature in the implanted layer. Thus this 

substitutionality mechanism could be occurring. Observations by Farlow et al (1984) 

indicated that ions nonnally present in the trivalent state (e.g. Cr, Fe, Ga) showed a 

greater tendency for substitutionality than ions that are not nonnally trivalent (e.g. Ti, Ni). 

Titanium does show some partial substitutionality, but to a much smaller extent than Cr, 

according to Farlow's data. y3+ is known to act as an isovalent donor in sapphire (El-Ai at 

and Kroger, 1982) and so some other dislocation/solute interactions (possibly electronic) 

may be taking place. 

However, Ohkubo et al (1985) report that in order for increased substitutionality the 

Cr-implanted sapphire must either be annealed in oxygen, or there must be some 

rearrangement of the er profile driven by recrystallisation of the amorphous material. er 

is carried forward by the interface between the amorphous and crystalline material as this 

moves towards the surface on annealing. It thus seems that high temperature implants, 

where such recrystallisation takes place during implantation, should produce visible 

changes to the er profile. Observations of the implanted yttrium profile (implantation dose · 

8.5x1017 cm-2
) by RBS show that the peak of the profile migrates towards the surface at 

higher implantation temperatures (Fig. 6.3.6). This is evidence that the amorphous layer is 

being annealed , at these temperatures. Such a migration should allow increased 

substitutionality at the higher temperatures, but this will take place at doses far in excess 

of the low doses where the dramatic changes in hardness have been reported. Careful 

investigation of the RBS profiles of Cr and Y implanted sapphire implanted to these low 

doses (Fig. 6.3.7) indicates that no such migration has taken place. Thus it is likely that 

the increased substitutionality will take place by some other mechanism if it occurs. 

The hardness/implantation temperature behaviour for Ti-implanted MgO is shown in 

Fig. 6.3.8. For the specimen implanted to 1014 Ti cm-2 the hardness increases up to a 

maximum at 473K. Above this temperature the hardness decreases again. Similar 

behaviour is observed for implantation to lx1016 Ti cm-2 and lxlO17 Ti cm-2
• Thus, at 

temperatures above 473K some damage annealing occurs and the hardness is reduced. 

Post-implantation annealing studies by Bumett (1984) show significant annealing occurs at 

800°C whereas the above results show that annealing is occurring at above 400°C. Thus 

the effective temperature during implantation may be regarded as 400°C higher than the 

nominal substrate temperature. 
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Figure 6.3.9: Plots of 2Sg Knoop microhardness against dose for Ti-implanted MgO for 

all the temperatures investigated in this study. At low temperatures the hardness increases 

with dose up to a maximum at the onset of amorphisation. At higher implantation 

temperatures the maximum is less well defined due to the annealing of radiation damage. 

(a) Cb) 

Figure 6.3.10: Cathodoluminescence images of SOOg Vickers hardness indentations 

(taken in the SEM at lSkV) in MgO implanted with lx1016 Ti cm-2 at (a) 300K and (b) 

673K. The picture frame contrast, showing the onset of dislocation motion in the surface 

layer, is much more marked for the higher temperature implant, indicating that some 

damage annealing has occurred at this temperature. 
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all the temperatures investigated in this study. At low temperatures the hardness increases 

with dose up to a maximum at the onset of amorphisation. At higher implantation 

temperatures the maximum is less well defined due to the annealing of radiation damage. 
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Figure 6.3.10: Cathodoluminescence images of SOOg Vickers hardness indentations 

(taken in the SEM at lSkV) in MgO implanted with lx1016 Ti cm-2 at (a) 300K and (b) 

673K. The picture frame contrast, showing the onset of dislocation motion in the surface 

layer, is much more maliced for the higher temperature implant, indicating that some 

damage annealing has occurred at this temperature. 
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Figure 6.4.1: Variation of Integrated stress (compressive) with implantation temperature 

for (1012) sapphire implanted with (a) 2.5xlO16 Ti cm-2 (b) 1x1017 Ti cm-2 (c) 7xlO17 Ti 

cm-2
• The presence of the thick amorphous layer at low temperatures gives marked stress 

relief. At higher temperatures the stress is reduced due to the annealing of implantation 

induced damage. For the high dose implants, the annealing of amorphous material also 

results in some stress relief. 



The amorphisation behaviour affects the measured hardness below 473K. The dose at 

which amorphisation starts at 300K is measured at 8.5x1016 cm-2 by RBS, and the 

hardness falls above this dose for implantation at 300K. At lower temperatures (150K) the 

amorphisation dose occurs somewhere between 1014 and 1016 cm-2
• By 473K no 

amorphisation occurs in the dose range investigated in this study. This is shown in Fig. 

6.3.9. 

Thus, in summary, the measured hardness is critically dependant on the occurrence of 

both amorphisation and the annealing of damage at high temperatures. On amorphisation 

the hardness is reduced since the amorphous material is softer (-60% of the hardness of 

the unimplanted material). Annealing of amorphous material occurs at a lower temperature 

than the annealing of damage in damaged but crystalline material. Some other effects, 

such as solute defect interactions, are also important in the damaged-but-crystalline 

material. 

6.4 Implantation Induced Stresses 

Like the hardness results, the surface stresses generated by ion implantation are 

expected to be a function of both amorphisation and damage annealing. Results from 

room temperature implants show that significant stress relief occurs on amorphisation 

(Bumett and Page, 1985a). 

Fig. 6.4.1 shows the variation of integrated stress with substrate temperature for the Ti

implanted sapphire specimens. For implantation to 2.5x1016 Ti cm-2 the stress rises from 

its lowest value for implantation at 150K to a maximum for implantation between 300K 

and 473K. At higher implantation temperatures the stress is reduced. Similar behaviour is 

observed for implantation to lxlO17 Ti cm-2 except that the stress peak is closer to 300K. 

For implantation to 7x1017 Ti cm-2 it proved impossible to measure any stresses at 150K, 

though above 300K the stresses decrease with increasing temperature. 

The low stresses measured for the 150K implants are due to the thick amorphous 

layers produced for these specimens. Considerable stress relaxation has taken place on 

amorphisation. Indeed for implantation to a dose of 7x 1017 Ti cm-2 the amorphous layer 

is so thick that nearly complete stress relaxation has occurred within it and no stresses 

were measurable by the indentation method. At temperatures above 300K the stress is 

reduced due to annealing of the damage. The removal of amorphous material above this 

temperature might be expected to increase the measured stresses since no stress relaxation 

can occur in the material that has not amorphised. However sufficient annealing of the 

stresses must occur as the temperature is increased to balance any increase produced by 

the reduction in thickness of the amorphous layer. The stresses produced in the high dose 

specimens (both lx1017 Ti cm-2 and 7xlO17 Ti cm-2
) are comparable and decrease at the 

same rate with temperature. This is further evidence that the annealing process does not 
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Figure 6.4.2: Plots of compressive integrated stress against implantation temperature for 

(1012) sapphire implanted .with (a) 1.1xlO16 Y cm·2 (b) 9.9xlO16 Y cm·2 (c) 8.5xlO17 Y 

cm,2. The formation of amorphous material at low implantation temperatures results in 

considerable stress relief. At higher implantation temperatures there is also some stress 

relief due to both the annealing of damage, and, at high implantation doses, the annealing 

of amorphous material. 



(a) (b) 

Figure 6.S.1: Reflected light micrographs of SOOg Vickers indents in the surface of 

(1012) sapphire implanted to (a) 2.SxlO16 Ti cm·2 (b) 7xlO17 Ti cm·2 at lS0K. The low 

dose implant shows no visible surface topography whereas the high dose implant shows 

increased surface roughness due to the formation of small crystallites in the amorphous 

. layer. 
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Figure 6.5.2: X-ray line profiles across the (2024) reflection in (1012) sapphire 

implanted to (a) 2.5xlO16 Ti cm·2 at lS0K (b) 7xlO17 Ti cm·2 at lS0K. The low dose 

implant shows a broad Gaussian peak characteristic of a thick surface amorphous layer. 

The high dose implant shows a much sharper peak characteristic of a crystalline material. 



depend on the detailed damage structure, but is chiefly controlled by the temperature of 

the substrate. 

Fig. 6.4.2 shows the same plots for Y -implanted sapphire. For this material similar 

high temperature behaviour is observed (>473K); the stresses are annealed above this 

temperature and the annealing is more dramatic than for Ti-implanted sapphire. For the 

Ix1016 Y cm-2 no stresses could be measured at 150K. This is probably due to the 

presence of a thick amorphous layer resulting in stress relief. At 300K or above the stress 

behaviour is dominated by damage annealing. For the 9.9xlO16 Y cm-2 implanted specimen 

the stresses increase with temperature up to 473K. This is consistent with the amorphous 

layer thickness being reduced with temperature, and the associated reduction in stress 

relief. A similar increase in stress is observed for implantation to 8.5xlO17 Y cm-2
• Here 

the stress increase is more marked than for the lower dose implant. 

The stress behaviour of the Y -implanted sapphire is affected by the presence of crazes 

in the surface layer of the material. Crazes form when an amorphous layer is formed and 

the mechanism of craze formation is discussed in the next section. However it should be 

noted that crazing will produce further stress relief in the amorphous layer. The crazing 

phenomenon makes measuring the cracks associated with indentations difficult, and the 

craze structure often influences crack paths and hence is likely to affect the measured 

stresses. Comparing heavily crazed regions and only partly crazed regions on the 

specimen implanted to 9.9x1016 cm-2 at a temperature of 300K, the measured stresses are 

very similar. Thus the stress relief associated with the crazing phenomenon is small and 

the damaged but crystalline material below the amorphous layer dominates the stress 

behaviour. Indeed the stresses measured on specimens implanted to this dose at 300K 

(where crazing is marked) and at 473K (where crazing is relatively infrequent) are also 

comparable. The stresses shown in Fig_ 6.4.2 were checked by x-ray diffraction and were 

found to show the correct trends, even if the absolute values were about an order of 

magnitude smaller. 

6.5 Development of Surfa~e Topography 

6.5.1 Ti-Implanted Sapphire 

For the Ti-implanted sapphire specimens no topographic features were found to 

develop after implantation for the majority of the implanted specimens. However, 

implantation to 7x lO17 Ti cm-2 at 150K produced a heavily modified surface as shown in 

Fig. 6.5.1. Implantation to this dose will result in a peak Ti concentration of 36 atom%_ 

Implantation at 150K will mean that this high concentration of titanium is accompanied 

by a high damage concentration. Thus it seems likely that considerable reorganisation will 

have taken place in the amorphous layer. No new phase formation could be detected by 

x-ray diffraction_ This may be due to the fact that the amorphous layer is not truly 

103 



-
Figure 6.5.3: Bright field TEM micrographs of the amorphous layer in (1012) sapphire 

implanted to 7xlO17 Ti cm'z at 150K. The amorphous layer consists of an array of small 

(::::5Onm) crystallites with smaller subgrains within them. 

(a) (b) 

-
Figure 6.5.4: Showing the crazes within 7xlO17 Ti cm'z implanted (1012) sapphire, 

implanted at 150K (a) reflected light micrograph (b) secondary SEM micrograph. The 

crazes are broad tears in the heavily damaged amorphous layer. 



amorphous but consists of a large number of small crystallites «5Onm in diameter) which 

are randomly oriented. Such an arrangement would produce an amorphous diffraction 

pattern. Some idea of the size of crystallites necessary can be produced by particle size 

broadening calculations. The broadening of an x-ray line produced by a particle of size D 

is given by 

d«sin8)!A)= lID [6.6] 

In terms of the full-width half maximum <I> of the diffraction peak (measured in degrees 

28) 

d((sin8)!A)=1t<l>cos8~ 

180A 

[6.7] 

where 8~ is the Bragg angle. Combining equations 6.6 and 6.7 an expression for the 

particle size in terms of the width of the diffraction peak is produced 

D= 180A [6.8] 

An x-ray line profile across the (2024) peak for 7xlO17 Ti cm-2 implanted sapphire is 

shown in Fig. 6.S.2b. Despite the fact that both electron channelling patterns and TEM 
~ 

indicate that this material is amorphous the x-ray diffraction pattern has a well defined 

peak which is usually associated with crystalline materials. The width of the peak is 

0.38° 28 which is larger than the width of the peak in unimplanted material (0.34°). The 

broadening of 0.04° corresponds to a particle size of 0.4J.lIIl. Fig. 6.5-3 shows a bright 

field TEM image of this specimen. Crystallites of around O.4llm are clearly visible but 

within these an array of much smaller subgrains can also be seen. The x-ray diffraction 

line profiles of sapphire specimens implanted at 300K show no visible Bragg peak but a 

broad Gaussian hump centred on 81 ° 28. This hump has a FWHM of 1.98° and thus the 

broadening associated with this peak is 1.64° 28 giving a particle size of 1O.Srun. This is 

beyond the resolution limit of the microscope used in this study. 

The mean size of the small cells is about 6Srun in the specimen implanted at lS0K. If 

these are recrystallised areas they are randomly oriented and nucleate and grow as a 

function of the damage created by the ion beam. 

Examination of the surface of this specimen by reflected light microscopy and SEM 

(Fig. 6.5.4) indicated that the surface is in fact crazed. The craze network is superimposed 

on the arrangement of crystallites; some crazes can be seen to run between these 
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Figure 6.5.5: Showing the variation of surface topography with implantation dose and 

temperature for Y implanted (1012) sapphire. Reflected light micrographs of 500g Vickers 

indentations in each of the specimens implanted in this study. The boundary between 

amorphous and crystalline material is marked with a broad solid line. Note that visible 

crazes only form in materials where the amorphous layer extends to the surface. 



crystallites. Since no other Ti-implanted specimen shows these features the crazing 

phenomenon must be associated with high damage levels. It appears that the crystallites 

have boundaries delimited by amorphous material. The boundaries between two different 

crystallite orientations may promote the nucleation of the crazes since the crystallites are 

separated by a film of amorphous material which is weaker than the crystallite and hence 

acts as an easy crack path. Possible mechanisms for craze formation are discussed in 

detail in the next section. 

6.5 .2 Y-Implanted Sapphire 

The crazing phenomenon is a much more common occurrence in sapphire implanted 

with Y. Burnett and Page (1984b) commented upon this but were unable to explain the 

origins of the crazing phenomenon. Fig. 6.5.5 shows micrographs of surfaces implanted 

with Y at a range of temperatures and doses, together with a line marking the boundary 

between amorphous and damaged but crystalline material. It can be seen that crazes are 

only formed when amorphisation has taken place. At 150K a random array of crazes is 

formed at doses of 9.9x1016 and 8.5x1017 Y cm-2_ These crazes are equivalent to the larger 

crazes seen for the Ti-implanted sapphire. At the higher dose there is also evidence for 

the cell-like structure of fine scale crazes. At 300K less crazes are formed at both these 

doses, and the appearance of those that do form is much the same. At 473K no crazes 

form at 9.9x1016 Y cm-2 and only a small number form at the higher dose. The crazes that 

form at 673K show strong crystallographic orientation. The crazes are oriented 

perpendicular to the trace of (0001) plane reflecting the elastic anisotropy of sapphire. 

Ell (OOOl)<EII [0001] (425 and 460 GPa respectively) resulting in the maximum elastic 
"-

strains in the substrate being parallel to the (0001) trace. If the origin of these crazes were 

(0001) slip in the matrix then the crazes would be parallel to the (0001) traces. For the 

8.5x1017 cm-2 implanted specimen the cell structure is still present, however for the 

specimen implanted to the same dose at 760K, only a few crazes are present. This reflects 

the annealing of the amorphous material at this temperature. 

This crazing phenomenon has previously been attributed to the soft amorphous material 

being pulled apart as the specimen bends in response to the compressive stresses in the 

surface (Burnett and Page, 1984b). However, the specimens implanted in this study do not 

show appreciable bending when investigated by surface profilometry. The variation in 

crazing with implantation temperature is further evidence that another mechanism must be 

operating. 

A possible mechanism for the generation of crazes comes from considering the thermal 

expansion mismatch between the amorphous layer and the crystalline sapphire substrate. 

The thermal mismatch strain generated between a material of thermal expansion 

coefficient aB with a surface layer of thermal expansion as with an initial equilibrium 

temperature T are given by 
e 
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Figure 6.5.6: Variation of thennal expansion coefficient with temperature for sapphire 

and YP3' The thennal expansion coefficient of the implanted layer is expected to lie 

between these lines, however, due to the damage introduced by ion implantation (and the 

fact that the Young's modulus may be reduced by around 30%) the actual value may be 

somewhat higher as with the dotted line here. 

Figure 6.5.7: Bright field TEM micrograph of the surface of room temperature 8.5xlO17 

Y cm·2 implanted (1012) sapphire. A similar crystallite structure to that produced by 

lower temperature high dose Ti implantation is produced. 



[6.9] 

where To is the final temperature of the composite material. This may be converted to a 

craze opening stress (assuming that the thermal mismatch stress will be biaxial) 

cr=l~£ 

1-v 

[6.10] 

which can be convened to an integrated stress by multiplying by the thickness of the 

amorphous layer. 

Due to the effects of beam heating, the equilibrium temperature of both the 

amorphous layer and substrate will be the final specimen temperature reached by the 

specimen during the implantation process. This is always greater than room temperature. 

Thus at the end of the implantation process when amorphisation has occurred there will 

be no crazes present. The crazes will form on the subsequent cooling down to room 

temperature. In order for this to occur as must be greater than as since Te>T and tensile 

stresses are required for craze formation. 

Fig. 6.5.6 shows the variation of a with temperature for AlP3 and YP3 (data for 

AlP3 from Yates et al (1972) and for Y
2
0 3 from Stacey and Wilder (1973)). Since the 

implanted layer will contain both AI-O and Y -0 bonds, the thermal expansion coefficient 

of the implanted material should lie somewhere between the two extremes delimited by 

these curves. According to Megaw (1971) the thermal expansion coefficient for a mixture 

of phases showing complete solid solubility is given by a simple method of mixtures 

a ="L,a.xJL.x, 
IS I 1 1 I 1 

[6.11] 

where a , is the thermal expansion coefficient of phase i and x, its volume fraction. Most 
I , 

materials show slight deviations from this rule (e.g. Shelby, 1976) but it provides a 

reasonable first approximation. Thus the thermal expansion coefficient of the AIP3:YP3 

will lie between the extremes defined by the Al
2
0

3 
and Y

2
0

3 
behaviour in an ideal phase 

mixture provided that the materials show complete solid solubility. The curves cross at 

about 500°C. Thus for materials implanted below this temperature (as -as»O and the 

strains generated on post implantation cooling will be tensile. Since a is a function of 

temperature the strains will be given by 
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Figure 6.5.8: Phase diagram for the AlP3:Y.P3 system. The equilibrium microstructure 

for all the implants used in this study is a mixture of Yttrium Aluminium Garnet and 

AlP3 (from Levin and McMurdie, 1975). 



[6.12] 

As T is decreased (as -O"B) is increased and the expansion strain increases at a faster 

rate. In order that crazes can fonn this thennal stress must be larger than the implantation 

induced compressive stresses. 

Using this approach 6.£ can be taken as the area between the implanted layer curve 

and the curve for sapphire bounded by room temperature and the final specimen 

temperature during implantation. Maximum temperature values are quoted in table 6, 

calculated by assuming heat loss by radiation only. For the room temperature implant the 

temperature rise is 250°C and thus the thennal mismatch strain estimated from Figure 

6.5.6 is 2.5xlO"'. For Y -implanted sapphire this would result in an integrated stress in the 

amorphous layer of - L5xlO's MPa m·ln (using equation 6.12). This is about an order of 

magnitude smaller than the implantation induced compressive stresses. However, the 

discrepancies could be explained by a number of factors. 

During the implantation process there will not be a sudden change from bulk to surface 

properties - the thennal expansion mismatch between bulk and implanted layer will be a 

function of dose and thus considerable thennal strains may develop during implantation. 

As noted previously, crazing only develops on highly damaged materials. This will have 

two major effects particularly for implantation with heavy ions where the damage is 

highly localised. The presence of the damage will reduce thennal conductivity in the 

surface layer (since it disrupts phonon modes) and thus heat dissipation from the thennal 

spikes may be less easy in these specimens. Hence there would be an increase in surface 

temperature over the bulk which would increase the thennal mismatch strain on 

subsequent cooling. Another effect of the damage would be to increase the thennal 

expansion coefficient, since it might be expected that damaged material is less strongly 

bonded. This can be seen from equation 6.11 where increasing the number of defects will 

reduce the density and thus increase the thennal expansion coefficient. At high doses 

crystallite fonnation may also play a part. Fig. 6.5.7 shows that large crystallites are also 

fonned in Y-implanted sapphire which give rise to a diffraction pattern characteristic of 

crystalline material at high magnifications, whereas at low magnifications diffuse 

amorphous rings are fonned. New phase fonnation will result in changes in the thennal 

expansion coefficient. In the case of Y -implanted sapphire, a dose of 5xlOI7 Y produces a 

peak Y concentration of 42 atom% Y. 

From the phase diagram (Fig. 6.5.8), if it is assumed that all the implanted Y is 

present as Y
2
0

3
, then the equilibrium phase expected from this composition would be a 

mixture of Yttrium-Aluminium Garnet (YAG - Y
3
Al

S
O

I2
, a cubic material with the Garnet 
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structure) and AlP3' According to Gupta and Valentich (1971) YAG has a thennal 

expansion coefficient of 8.9xlO-6 K'l which is somewhat higher than the corresponding 

mixture of AlP3 and YP3' Thus YAG fonnation would be expected to promote craze 

fonnation. Another important factor will be stress relaxation in the amorphous layer - the 

fact that crazing only occurs within amorphous material implies that at least some stress 

relief is necessary for the thennal mismatch strain to be large enough to result in craze 

fonnation. Work by Bumett and Page (1985a) indicated that the amorphous layer in Ti

implanted sapphire could support -2GPa implantation-induced stresses whereas the 

stresses supported by the Y -implanted amorphous layer were zero. This difference was 

attributed to stress relief due to the crazing process. However. it seems from this study 

that the stress relief is produced by the damage associated with the implantation of a 

heavy ion (or at least at low temperatures) and the crazing can only occur once some 

stress relief has taken place. For this reason crazing is observed for Y -implants but not 

for Ti-implants in sapphire implanted at room temperature. 

The detailed mechanism of crazing can thus be described as follows. The specimen is 

heated up to temperature in the implantation chamber. During the implantation process the 

thennal expansion coefficient of the implanted layer is progressively changed. At . the 

onset of amorphisation some stress relief occurs in the amorphous layer. perhaps by flow 

or expansion of the material nonnal to the specimen surface. This reduces the 

compressive implantation induced stresses. At the end of the implantation process the 

specimen will have reached its equilibrium temperature and the implanted layer and the 

bulk will be in thennal and mechanical eqUilibrium. On cooling down to room 

temperature the thennal expansion mismatch between the implanted layer and the 

substrate will result in the generation of opposite stresses in the surface layer and below. 

The thennal expansion difference between the bulk and substrate will depend on the 

temperature which the substrate reaches on implantation (and how good the thermal 

contact between the specimen and its holder is). From Fig. 6.5.6 it can be seen that the 

thennal expansion mismatch behaviour shows two distinct regions with a crossover at a 

temperature of around 50QoC. At low temperature the surface layer will expand or 

contract more than the substrate and thus as>a
B 

and the thennal expansion mismatch 

stress are tensile. Thus crazing should occur for all low temperature implants. For 

implants at temperatures around the crossover point the difference in thermal expansion is 

small but it will increase as the specimen cools down. For implants above the croSsover 

temperature as <aB initially and the stresses generated will be compressive. As the 

specimen cools the mismatch is reduced and in the low temperature region there are 

tensile stresses generated again which will counteract the compressive thermal expansion 

mismatch stresses produced at high temperatures. There will be a temperature for which 

these compressive stresses balance the tensile stresses and no crazes will form. 
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(a) 

(b) 

Figure 6.5.9: Reflected light micrographs showing the two distinct types of crazes that 

form in yttrium implanted (1012) sapphire. (a) A random network of crazes forms at low 

temperature. (b) At higher temperatures the crazes become more crystallographically 

orientated. 
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Figure 6.5.10: Surface profilometer trace across crazes in 8.5x1017 Y cm-2 implanted 

(1012) sapphire, implanted at 300K. The crazes are ",100nm deep and penetrate down to 

the damaged but crystalline material beneath the amorphous layer. 
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Figure 6.5.11: Plots of (a) craze depth and (b) craze width against implantation 

temperature for 8.5xlO17 Y cm·2 implanted (1012) sapphire. Both plots show a minimum 

at =473K where is close to the region where the thermal expansion coefficient of the 

implanted layer is the same as that of the bulk. 
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Figure 6.5.12: Secondary SEM micrographs of cross section through crazes in 8.5x1017 

Y cm·2 implanted (1012) sapphire implanted at Ca) 150K and Cb) 673K. the low 

temperature specimen shows a craze formed by tensile stresses in the implanted layer. 

The high temperature specimen shows crazes formed in compression as evidence by the 

buckling of the amorphous layer around the craze. 



Figure 6.5.13: Ca) Secondary and (b) backscattered SEM micrographs of the crazed 

regions in lxlO17 cm-2 Y-implanted sapphire, showing both the craze network and blisters 

projecting above the specimen surface. The atomic number contrast in the backscattered 

image indicates that the crazes project through the surface amorphous layer, into the 

lower atomic number damaged region beneath. Region X marks a blister from which the 

lid has been removed. Cc) a TEM (lOOkV) micrograph showing a craze in plan view in 

5x1017 cm-2 Y -implanted sapphire. The material either side of the craze is amorphous, yet 

the bottom of the craze shows many bend contours and can be shown to be crystalline 

(by diffraction), if highly stressed. (d) Blisters in 5xlOl6 cm-2 Y-implanted sapphire, 

showing that these form at lower doses where crazing has not occurred. 



Observations of Y -implanted sapphire show that crazing is less apparent for those 

specimens implanted at 473K indicating that the crossover temperature could be around 

600K for this material. Specimens implanted at higher temperatures than this will have 

compressive thermal expansion mismatch stresses. Thus two distinct types of crazes 

should be formed; those that form in response to tensile stresses at low temperatures, and 

those that form in response to compressive stresses. Indeed examination of the crazes 

formed in Y-implanted sapphire (Fig. 6.5.9) show two distinct types of crazes depending 

on implantation temperature. At low temperatures a random network of crazes is formed 

in response to the tensile thermal expansion mismatch stress. Crazes formed at high 

temperatures show strongly crystallographic orientation (perpendicular to the trace of 

(0001» and careful examination indicates that the edges of the craze are raised. This is 

consistent with a craze formation mechanism resulting from the compressive buckling of 

the surface material. 

Surface profilometer traces across these crazes in 8.5x1017 Y cm'z implanted sapphire 

indicate that the mean craze depth is 113nm and the mean craze width is -3.2Jl.1Tl for 

implantation at 300K (Fig. 6.5.10). Fig. 6.5.11 shows a plot of craze width and craze 

depth against implantation temperature. At low temperatures the crazes are about lOOnm 

deep and 4Jl.1Tl wide. As the temperature is increased the crazes width is reduced until at 

473K it reaches a minimum. This temperature is near to the crossover temperature and 

thus the driving force for craze formation is smaller producing narrower and less deep 

crazes. Above this temperature there is a dramatic increase in both craze depth and craze 

width. This is further evidence that the crazes have formed by compressive buckling of 

the amorphous layer. 

Fig. 6.5.12 shows cross-sectional micrographs of crazes formed at low and high 

temperatures. The low temperature crazes show regions where the amorphous layer has 

been torn apart by tensile stresses and the crazes appear as short, relatively broad cracks 

in the surface layer. For the high temperature crazes the amorphous layer has been forced 

to buckle upwards under the compressive thermal expansion mismatch stress. The material 

either side of the craze is forced to bow upwards and fracture can occur at the top of the 

bow (see Fig. 6.5 .12c). This can also be seen in the surface profilometer trace across 

8.5xlO!7 Y cm'z implanted sapphire (673K) where there is an increase in the surface level 

just before the craze and the craze is very deep because of this. 

Fig. 6.5.13 shows a bright field TEM image of a craze in 8.5xlO!7 Y cm'z implanted 

sapphire (implanted at 300K). The bonom of the craze shows a number of convoluted 

bend contours indicating that it is highly strained. The bottom of the craze is still 

crystalline, whereas the surface material has become amorphous. The craze thus runs right 

through the amorphous layer into the damaged-but-crystalline material beneath. The crazes 

also penetrate into the damaged but crystalline material in specimens implanted at high 
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Figure 6.5.14: Plots of mean craze width against annealing temperature for 8.5x1017 Y 

cm·2 implanted (1012) sapphire, implanted at 673K. As the temperature increases, the 

craze width is reduced until it is minimum close to the implantation temperature. Above 

this temperature the craze width increases until at 840°C there is a rapid increase in craze 

width corresponding to annealing of the amorphous layer. Once the amorphous layer is 

removed the craze width is virtually unaffected by reducing the temperature. 
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Figure 6.5.15: Secondary SEM stereo pair of blisters in 5xl017 cm-2 Y-implanted 

sapphire. The blisters are lenticUlar in cross-section, with some surface cracking, 

consistent with formation by compressive upward buckling of the substrate. 
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Figure 6.5.16: Channell~d and aligned RBS profiles of 5xlO17 cm-2 Y-implanted (l012) 

sapphire. There is no evidence for a peak in oxygen concentration below the surface. 



Figure 6.5.17: Nomarski interference micrograph of a blister from which the lid has 

been removed in 3xlO17 cm·2 Y-implanted (1012) sapphire. One edge of the blister is 

delineated by a craze, indicating that crazing may alter the shape of a blister. 

Figure 6.5.18: Reflected light micrograph of a blister in lxlO17 cm·2 Y -implanted 

sapphire. The blister has acted as a nucleation site for crazes, which both run out radially 

from it and skirt its edge. 



temperatures. 

In order to check the effects of thermal expansion on craze formation, a specimen 

implanted to 8.SxlO17 Y cm·2 at 673K was heated in a vacuum furnace. The width of a 

craze is reduced (Fig. 6.5.14) up to -SOO°C when the craze begins to get wider again. At 

-840°C there is a rapid change in appearance of the surface layer and an associated 

increase in width of the craze. This is due to recrystallisation of the amorphous layer. On 

cooling the crazes in recrystallised material do not change appreciably in width. This 

behaviour is evidence that the origin of the crazes is in thermal expansion mismatch 

between the amorphous layer and the bulk. 

Another feature that is apparent in Y -implanted sapphire is blistering. This is shown in 

Figure 6.S.13. Blisters form on all specimens implanted at doses of 3xlO16 or greater. The 

blister is a lenticular bump that forms on the surface. This is most commonly found on 

those specimens where the amorphous layer has reached the surface. Surface profilometer 

traces indicate that blisters are -D.8 Ilm high. The blisters are very fragile and may be 

ruptured by the surface profilometer stylus (or handling damage) leaving a small pit in the 

surface. Fig. 6.5.15 shows a stereo pair of a blister showing that it is much wider than its 

height in its undisturbed form. The appearance of the blister is similar to those blisters 

observed in high dose gas implantation of metals (Roth, 1976; Gusev et al, 1979). 

Backscattered SEM and x-ray microanalysis of the broken blisters indicates that the 

majority of the implanted yttrium occurs in the blister cover. 

However, these blisters form without the implantation of gaseous species and thus must 

form from the damage produced by ion implantation. This could either be from the 

vacancies and other damjlge produced in the displacement spike, or the release of gaseous 

oxygen from the substrate. Fig. 6.S.16 shows the RBS profile of SxlO17 Y+ cm-2 implanted 

sapphire. There is no evidence for the required increase in oxygen concentration below 

the surface. Early models of blistering (primak and Luthra, 1967) were based on forces 

entirely due to the presence of pressurised gas in the blister. However, according to 

Eernisse and Picraux (1977), it is the lateral compressive stresses that are responsible for 

blister formation by upwards compressive buckling of the surface layer. Since there is no 

evidence for gas formation it seems more likely that this mechanism is responsible for 

blister formation. 

Surface profilometry traces show that the depth of the pit left when a blister bursts is 

about the depth at which the damage profile is a maximum. Nomarski micrographs (Fig. 

6.S.17) show that the depth of the pit is also comparable to the depth of a craze. Crazes 

can be seen running along the edges of blisters and can determine the final shape of a 

blister. If the blister forms in response to lateral compressive stresses it will form before 

the crazes and thus the blisters can act as craze nuclei. Two distinct types of crazes can 

be seen around blisters (Fig. 6.5.18); crazes that run out radially from the blister and 
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Figure 6.6.1: RBS spectra of Ti-implanted (0001) sapphire implanted to (a) 7.4x101s Ti 

cm·2 (b) 3.SxlO16 Ti cm-2 and (c) 7.8xlO16 Ti cm-2• At the lowest dose the random and 

channelled spectra do not coincide whereas for both the higher doses coincidence occurs 

below the surface implying that an amorphous layer has been formed. The amorphisation 

dose in this material is estimated to be 2xlO16 Ti cm-2
• 



Figure 6.6.2: RBS spectra of Ti-implanted (1012) sapphire, implanted to (a) 3.2x1016 

Ti cm-2 (b) 6.3x1016 Ti cm-2 and (c) 1.5x1017 Ti cm-2
• At the lowest dose the damage peak 

is apparent but does not touch the random spectrum, at the intennediate dose the damage 

peak is much closer to the random spectrum, but does not quite touch it. Whereas at the 

highest dose the random and channelled spectra are coincident below the surface, 

indicating that an amorphous layer has formed. The amorphisation dose in this material is 

estimated to be 8x1016 Ti cm-2• 



crazes that skirt its edge. Once the blister fonns, the material around it will be stress 

relieved. Thus the tensile stresses due to thennal expansion mismatch will be largest 

around the blister and crazes will nucleate and grow around it, before they fonn 

elsewhere in the material. This behaviour will be further increased if the blister contains 

some gas and is pressurised. Blisters tend to burst once crazing has occurred. 

Two topographic features have been shown to result from ion implantation, namely 

crazes and blisters. Crazes fonn because of the thennal expansion mismatch between the 

amorphous layer and the damaged but crystalline bulk. In order for craze formation to 

take place some stress relief must take place in the amorphous layer. Two craze formation 

regimes occur - at low implantation temperatures the crazes fonn from tensile tearing of 

the amorphous layer. At high implantation temperatures the crazes form due to 

compressive buckling of the surface layer. Blisters form in response to the lateral 

compressive stresses induced by implantation,. In order to fonn the blister high damage 

levels are needed so that a weak interface can be formed below the surface. Once formed, 

the blisters can act as nuclei for crazes. 

These topographic features may be a problem if the implanted materials are to be used 

for tribological applications. Thus it is important to study the surfaces of implanted 

materials, particularly when implantation produces high damage levels. 

6.6 Comparison Between (0001) and (1012) Sapphire Implantation 

Observations by McHargue (1987b) indicated that there was some disparity between 

the dose at which amorphisation starts for (0001) sapphire and (1012) sapphire. This 

disparity was somewhat larger than could be accounted for by the variation of the 

displacement energy E d in the directions nonnal to these planes. Such a difference makes 

it difficult to compare the results of McHargue and co workers with the results of Bumett 

and Page, since the first group have generally used (0001) sapphire and the latter group, 

(1012). 

In order to study the difference between the two oriemations, specimens of (0001) and 

(1012) were implanted to doses in the range 1x1015 to 5x1017 Ti cm-z at 300kV under 

identical implantation conditions (at room temperature). 

Post implantation RBS of the (1012) sapphire (Fig. 6.6.2) showed that amorphisation 

occurred at 8x1016 Ti cm-z, but for the (0001) sapphire the amorphisation dose was found 

to be only 2x1016 Ti cm-z (Fig. 6.6_1)_ The factor of 4 difference between these doses is 

larger than can be explained by variations in E
d

- According to Pooley (1975), a rough 

guide to the value of Ed for displacement of a target atom in a particular direction can be 

obtained by considering the lattice binding energy E
b

- According to Weast (1983) for an 

ionic crystal this is given by 

III 



(a) 

6000 

Ti (0001) Sapphire 
5000 • 25g 

4000 z 
I 
~ 3000 

2000 

1000 

( b) 

6000 

5000 

z 4000 

1016 1017 

Dose / Tt cm-2 

Ti (1012) Sapphire 

~ 3000 j~~~ ---
2000 

1000 
1016 1017 

Dose / T( cm-2 

• 50g 

• 25g 

• 50g 

Figure 6.6.3: Plots of Knoop microhardness against dose for Ti implantation in (a) 

(0001) and (b) (1012) sapphire. The hardness maximum occurs at a lower dose for the 

(0001) implant as expected from the difference in amorphisation behaviour. 
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Figure 6.6.4: Plots of integrated stress against dose for (0001) and (1012) sapphire 

implanted with 300kcV Ti. The stresses were determined by the indentation fracture 

method, using 500g Vickers indentation. The stress peaks at a lower dose for (0001) 

implantation due to the stress relief associated with arnorphisation. 
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Figure 6.6.5: Comparison between the arnorphisation behaviour with temperature for 

(0001) and (1012) sapphire implanted with 300keV titanium, as determined by fitting 

obseIVed arnorphisation doses to the model of Morehead and Crowder (1970). At low 

temperatures the (0001) orientation amorphises at a lower dose whereas at higher 

temperature the behaviour is reversed. 



[6.13) 

where a is the Madelung constant for the structure, ZI and Zl are the atomic numbers of 

the anion and cation respectively, e is the charge on an electron, and r is the atomic 

separation. The binding energy will thus vary with direction in the crystal since the value 

of r is chosen in the direction of the displacement of atoms and this will depend on the 

crystallographic orientation of the target. It it usually assumed that ions are predominanlty 

displaced in the direction of the incident beam. For the oxygen anions doool is 4.3A and 

dlOil is 7.8A. Thus the displacement energy for atoms in the (1012) planes is -2 times 

the displacement energy for (0001) sapphire and the amorphisation dose should thus be 

-2 times as big. Since it is actually different by a factor of 4 some other factor must be 

affecting it. 

Fig. 6.6.3 shows a comparison between the microhardness behaviour of the two 

materials. The Knoop microhardness rises to a peak at Ix 1016 Ti cm-2 for (0001) sapphire 

and 1xlO17 Ti cm-2 for (1012) sapphire before the onset of amorphisation results in the 

formation of softer material and the hardness drops at higher doses. The hardness 

reduction on amorphisation is more apparent for the (0001) sapphire than for (1012). 

Similar behaviour is shown in Fig. 6.6.4 for integrated stress. The peak in stress at the 

onset of amorphisation occurs at 1xlOI6 Ti cm-2 for (0001) sapphire and at 1x1017 Ti cm-l 

for (1012) sapphire. The integrated stress is approximately constant for the (0001) 

sapphire at doses above 5xlOI6 Ti cm-l. 

A possible explanation for these results comes from the amorphisation dose results of 

Hioki et al (1986)_ These workers found that 300keV Ni implants rendered (0001) 

sapphire amorphous at doses of 2xlOIS Ni cm-l at lOOK and 2xlOI7 Ni cm-l at 300K. 

Fitting this data to the model of Morehead and Crowder (1970 - equation 6.1) for the 

variation of amorphisation dose with temperature produces the parameters U=0_0071eV 

and K=l72 (keV cm-I)I/2. This value for the activation energy for the annealing of 

amorphous material, U, is much larger than the value determined for (1012) sapphire 

(U=O.00 13eV) determined in section 6.1. Using this value of U, the variation of 

amorphisation dose with temperature for the 300kV titanium implants into (ODDI) sapphire 

can be calculated, and is plotted in Figure 6.6.5, together with the same curve for (1012) 

sapphire. At low temperatures, the amorphisation dose is lower for the (0001) sapphire, 

whereas at higher temperatures the opposite behaviour is observed. 

The fact that there is a difference in the activation energy for annealing on the two 

orientations is somewhat surprising. For the model there should be no difference in 

energy since the material is identical and there is no directional requirement in the 

annealing of the damage spikes. The observations of Ohkubo et al (1985) may give some 
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clue as to why this difference is observed. Using x-ray diffraction the precipitates fonned 

on post-implantation annealing of sapphire implanted with a range of ion were studied. 

For several orientations of sapphire, the precipitates that fonn were found to be epitaxial 

for the (0001) sapphire and random for the (1012) orientations. In order for such 

precipitates to fonn it is necessary to render the surface amorphous. When specimens with 

amorphous layers were annealed, Mn was found to be carried on the interface between 

amorphous and crystalline material as it moved towards the surface. The regrowth of 

crystalline sapphire was found to be epitaxial and always occurred perpendicular to the 

specimen surface. This has also been observed by White et al (1985). 

A similar process is probably occurring in the amorphous material annealed during the 

implantation process. Since there are a large density of displacement spikes parallel to the 

surface of the specimen and it is the overlap of these spikes that is responsible for 

amorphisation it seems unlikely that regrowth of crystalline material will occur parallel to 

the specimen surface. The highest temperature gradients will be perpendicular to the 

surface and thus regrowth might be · expected to occur in this direction. It thus seems 

likely that the regrowth kinetics will be sensitive to the orientation of the implanted 

substrate. The activation energy for epitaxial regrowth is greater for growth on a low 

symmetry face than on a high symmetry face in CaTi0
3 

(White et al, 1987). The same 

effect is expected to be occurring in sapphire. For the high symmetry (0001) face, 

epitaxial regrowth will require significant structural rearrangement (Le. diffusion) if the 

atoms in the amorphous layer are to be incorporated into their correct structural sites. For 

the low symmetry (1012) face the amount of diffusional rearrangement is expected to be 

smaller. Thus the activation energy for annealing will be smaller on this plane. For the 

recrystallised amorphous material in this study on both (0001) and (1012) the regrowth is 

epitaxial and there is no evidence that material is growing in other orientations (from both 

TEM and x-ray diffraction). Thus it seems that the difference in annealing characteristics 

of the amorphous material and hence the difference in high temperature amorphisation 

dose is entirely due to the epitaxial regrowth of the amorphous material once it fonns. 

6.7 Summary and Conclusions 

The effects of specimen temperature during implantation on the mechanical properties 

of ceramics can thus be divided into two main areas:-

(1) Annealing effects - particularly the annealing of amorphous layers. 

(2) Development of surface topography including crazes and blisters. 

The effects of annealing have been found to depend on both the implantation conditions 

(Le. the choice of ion, the beam energy and the temperature of the target) and the choice 

of target material. Implantation at low temperatures (in this case 150K) results in the 
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fonnation of amorphous layers at all the doses investigated in this study in both sapphire 

and MgO. At higher temperatures, the behaviour is more complicated and depends on the 

annealing of the displacement damage created during implantation. In the temperature 

range studied, there is little or no evidence for annealing of damage in the damaged but 

crystalline material above 300K for sapphire, though annealing of the amorphous layer 

once this has fonned was found to be important. For MgO, both the annealing of 

amorphous material and some damage annealing above 473K occurred. 

The changes in amorphisation behaviour have important consequences for the hardness 

and surface stresses in the implanted materials. At low implantation temperatures, where 

thick amorphous layers are produced, the hardness and integrated stress are relatively 

small. As the temperature is increased the hardness increases (due to the annealing of the 

soft amorphous material) as does the integrated stress (due to the reduction in the stress 

relief in the amorphous material). At the highest temperatures some damage annealing 

occurs for the implanted MgO, resulting in a reduction in hardness. The mechanical 

properties are thus a sensitive function of the presence and amount of amorphous material 

produced by the implantation process. 

High dose implantation produces surface topography, particularly where the damage 

levels are high (Le. at low temperatures and for implantation with heavy ions). Both 

blisters and crazes are fonned, the fonner in specimens where the implantation induced 

stresses are significant, and the latter in situations where an amorphous layer extending to 

the surface has been fonned. Blisters are fonned by upward buckling of the surface in 

response to the implantation induced compressive stresses. Crazes are fonned by the 

stresses produced by thennal expansion mismatch between the amorphous layer and the 

bulk. Two distinct sorts of crazes are fonned; a random network fonns at low 

temperatures due to a tensile thennal expansion mismatch stress, whilst a craze network 

with a strong crystallographic orientation is fonned at higher temperatures where the 

stresses are compressive. 

The amorphisation behaviour has also been shown to be dependent on the 

crystallographic orientation of the substrate; (0001) sapphire amorphises at a lower dose 

than (1012) sapphire implanted under identical conditions. This is attributed to different 

annealing kinetics for the amorphous material in the two orientations. 

Some general conclusions may be drawn from the results presented in this chapter. 

(1) The mechanical properties of ion implanted ceramics are dependent on the 

implantation conditions as well as on the choice of ion/target combination. Changing 

the temperature (and also probably the dose rate) of the specimen during 

implantation will result in changes to the damage levels produced in the target and 

this will affect the mechanical properties. 
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(2) The presence of amorphous material after implantation has significant effects on the 

mechanical properties since it is softer than the unimplanted material and is usually 

responsible for some stress relief. 

(3) Development of surface topography is most pronounced at high damage levels and 

this may also be accompanied by structural changes in the surface layer. 

(4) For single crystal specimens, the mechanical properties and the effects of ion 

implantation on them, will be dependent on the crystallographic orientation of the 

target. This is particularly important in situations where the amorphisation dose for 

the two orientations is different. 

In this chapter the effects of substrate temperature during implantation on the 

mechanical properties of implanted ceramics have been shown to depend on the damage 

levels remaining after implantation. This damage is chiefly displacement damage. 

However, investigations of the properties of an implanted soda-lime-silica glass revealed 

that other damage mechanisms may also be important. This is discussed in the next 

chapter. 
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Figure 7.1.1: A schematic representation of the energy deposition with depth in 

materials implanted at intermediate energies (""lOOkeV). The majority of the electronic 

damage occurs closer to the surface than the nuclear/displacement damage. Xd is the 

damage range and ~Xd its deviation. For the purpose of calculation, it is assumed that 

virtually all the nuclear (i.e. displacement) damage lies within ±2~Xd of the damage 

maximum. 



7. Mechanical Effects In Ion Implanted Glasses 

Observations of hardness impressions in both fused silica and soda-lime glass indicated 

that similar mechanical behaviour changes similar to those produced in crystalline 

materials can be induced by ion implantation (Chinellato et al, 1982; Amold, 1982; 

Battaglin et al, 1984a; Mazzoldi, 1985). Both hardening and the reduction of the length of 

radial cracks around Vickers hardness indentations have been observed. However, no 

systematic study of the mechanical properties has been undertaken, and there is a 

considerable variation in observed properties between, for instance, fused silica and soda

lime glass. Thus in this study, soda-lime glass implanted with a range of ions, at a range 

of energies, has been investigated, over a dose range from lxlO13 cm·2 to 5xlO!7 cm·2, in 

order to understand the variation of mechanical properties over this range. Because of the 

amorphous nature of the glass, experimental evidence for the changes in surface 

microstructure produced by ion implantation is less easy to obtain than for crystalline 

materials. However, comparisons between the behaviour of ion implanted glasses and 

crystalline materials may give some clues as to the origins of implantation-induced 

changes in the glasses. 

Particularly important for glass implantation is the interplay between energy deposited 

in nuclear collisions and the energy deposited in electronic damage since this will affect 

the defects produced by ion implantation (Amold, 1982). For a dose 4> the energy 

deposited in nuclear collisions is given by 

[7.1] 

where END is the energy deposited in nuclear damage processes per implanted ion 

(calculated by the method of Norgett et al (1975) - see section 2.1.1) and t.X
d 

the damage 

deviation. This assumes that all of the nuclear damage energy deposition occurs within 

2t.X
d 

on either side of the damage peak (see Fig. 7.1.1). Similarly the electronic damage 

energy is given by 

[7.2] 

where EED is the energy deposited in electronic processes per incident ion (Le. the 

difference (Eo-E), where Eo is the ion accelerating energy and Ec is the energy deposited 

in nuclear processes per ion as before), and Xd is the damage range. Since the electronic 
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Figure 7.1.2: Variation of Knoop microhardness with dose for soda-lime-silica glass 

implanted with (a) 300keV K (b) 300keV Ar (c) lOOkeV C and (d) 90keV N/. In all 

cases the hardness initially decreases before rising to a maximum at higher doses. This 

high dose maximum is similar to the behaviour for crystalline ceramics and the reduction 

in hardness above this dose is attributed to a similar 'amorphisation' phenomenon. 



stopping cross section is greater at high ion energies it seems reasonable to assume that 

all the energy lost in electronic processes is lost before the nuclear damage is maximum. 

7.1 Microhardness of Ion Implanted Glasses 

Low load Knoop microhardness tests have been performed on soda-lime glass 

implanted with lOOkV carbon, 90 kV Nz+' 300kV argon and 300kV potassium. The loads 

(lOg and 2Sg) were chosen so that the indentation would lie predominantly in the surface 

layer. 

Fig. 7.1.2 shows the microhardness behaviour of these materials. All the implanted 

glasses show a distinct drop in hardness at low doses (""Sx1014 cm-2
) , followed by a 

hardness peak at higher doses ("" 1016 cm-2
) and a softening at the highest doses. This 

peak followed by softening is very similar to the peak in hardness associated with 

radiation damage, followed by softening associated with amorphisation in ceramic 

materials. This suggests that some damage-induced structural change is occurring, similar 

to the amorphisation process in crystalline materials. This 'amorphisation' of the glass 

specimen is more difficult to understand since the material started in the amorphous state. 

However, the accumulation of both implanted atoms and damage in the implanted layer 

will result in an amorphous layer with a substantially different structure and properties to 

the unimplanted glass. The transition will probably involve significant structural 

rearrangement and possible incorporation of the implanted ions into the glass network. 

For the Ar implanted glass the amorphisation phenomenon is accompanied by a very 

rapid drop in surface hardness, which is very different to the behaviour observed for the 

other implanted glasses. This rapid softening is due to the formation of a layer of Ar 

bubbles below the surface. This is discussed in more detail in section 7.3 

From the dose at which softening occurs (Le. -Sx 1016 Ar cm-2 for Ar implanted soda

lime glass) the critical energy for amorphisation (CECA) can be calculated for this 

material. This value is 4xlO22 ke V cm-3 which is about SOOe V per atom of the target. For 

predominantly covalent materials such as silicon the amorphisation energy is about lx1021 

keY cm-3 (20eV per atom) at room temperature whereas for predominantly ionic materials 

the CECA is -6xlO23 keY cm-3 (S080eV per atom). Soda-lime glass consists of a 

covalently bonded Si-O network with about 10% ionic bridges of the form 

-Si-O

I 
-O-Si

I 

In the absence of any better model, it might be assumed that the overall amorphisation 

energy could be taken as the sum of the amorphisation energies for the covalent and ionic 
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parts of the glass. In this case the CECA for glass is given by 0.9><20+0.1><5080 =526 eV 

per atom. This is very close to the estimated value for glass (-500e V) and it thus seems 

likely that the softening is associated with the amorphisation process. 

The drop in hardness at low doses cannot be attributed to displacement damage. 

However Mazzoldi and co workers (e.g. 1986; Battaglin et al, 1984b; 1985; 1986b) have 

reported that implantation of soda-lime glass with heavy ions results in the depletion of 

network modifying sodium in the implanted layer. The charged implanted ions free the 

sodium from the network which then diffuses out of the implanted layer reducing the 

network strength of the glass there. According to the results of Battaglin et al (1984a) the 

same depletion occurs for any alkali modifier. The alkali is removed by preferential 

sputtering at the surface of the glass during implantation. This preferential sputtering sets 

up a concentration gradient and the released alkali migrates towards the surface under this 

driving force. The process is greatly enhanced by radiation enhanced diffusion which will 

be promoted by the defects created by nuclear energy deposition~ 

A mechanism by which the sodium is released has been proposed by McCaughan et al 

(1973). Ions with a high ionisation potential such as Art have a high neutralisation 

probability when approaching a surface to within a few angstroms. In an insulator the ion 

is neutralised by an electron originating from the outermost monolayers of the surface and 

the ion thus travels into the bulk as a neutral atom. In this process a positive hole is 

created, the most probable reaction being 

=Si-O-Na+ + Ar -t =Si-O + Na+ + Ar 

where the sodium ion is no longer bonded to the non-bridging oxygen atom and can 

move into the bulk. Smetts and Lommen (1982) report XPS evidence for the formation of 

the trapped holes, =SiO groups in which the oxygen atoms bear no formal charge. 

However, Burrow et al (1984) report that sodium depletion also occurred for potassium 

implants in sodium trisilicate glass and thus the" mechanism for sodium release may not 

be as simple as the McCaughan et al model. What is certain is that the release of sodium 

occurs because of an electronic interaction between the modifying sodium and the 

implanted ion, and thus the process will depend on the electronic energy deposition . 

. In unimplanted modified glasses, deformation would be expected to follow planes with 

a high density of network modifiers. In the implanted glasses the removal of the 

modifying ions would make such deformation easier and thus lower the microhardness of 

the material. For all ions a similar softening to that observed for Ar-implantation was 

produced, demonstrating the importance of structural disruption in softening. At 

intermediate doses the effects of radiation hardening begin to dominate and the hardness 

increases again up to the hardness peak prior to softening on 'amorphisation' described 
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Figure 7.2.1: Plots of Integrated stress (as detennined by the indentation fracture 

method using 500g and IOOg Vickers indents) against dose for (a) lOOkeV c+ (b) 300keV 

K+ and (c) 300keV Ar+ implanted soda-lime-silica glass. Two stress peaks are produced in 

this material. In (b) the second peak is complicated by the change in sign of the stress 

resulting in there being a tensile maximum at a dose of 3xlO16 K cm-z with the tensile 

stress then decreasing at higher doses. This is shown schematically in (b') . 
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Figure 7.2.2: Plots of the variation of integrated stress with (a) energy deposited in 

nuclear processes (b) energy deposited in electronic processes for soda-lime glass, 

implanted with Ar over a range of energies. Of the two stress peaks, the coincidence of 

the lower dose peaks is better on the electronic damage plot while the higher dose peaks 

coincide better when plotted against nuclear damage. The error bars have been removed 

for clarity but are typified by those in Figure 7.2.1c which shows the same 300keV 

results. 



earlier. The radiation hardened material is only ever as hard as the original unimplanted 

samples. Thus it would appear that some SiO groups recombine to form new bonds and 

this process requires displacement damage to cause sufficient disruption within the glass 

network. Indeed Smetts and Lommen (1982) report that there is evidence for the 

formation of Si-O-Si bridges from the::SiO groups with the release of oxygen. Thus 

some hardening can occur even in situations where the implanted ion cannot be 

incorporated into the network (e.g. for Ar implantation). However, the radiation hardening 

is more pronounced for the K-implant indicating that some bridges have been recreated 

incorporating the implanted ions. 

Thus it can be seen that two regions of hardness behaviour are important for ion 

implanted soda-lime glass. At low doses there is a softening associated with the release of 

sodium from the glass network. At higher doses hardening due to radiation damage begins 

to dominate until sufficient damage is accumulated for 'amorphisation' to occur when 

there is some softening. This behaviour will also have implications for . the implantation 

induced stresses. 

7.2 Implantation Induced Stresses 

The surface stress variation for soda-lime glass is somewhat more complicated than for 

crystalline materials (Fig. 7.2.1). Two distinct peaks are visible; for the Argon implants 

both peaks are compressive whilst for the K implant the first peak is compressive and the 

second peak tensile. This is a distinct contrast to the single peak corresponding to 

amorphisation of crystalline ceramics. For the glass implants the second peak corresponds 
.... 

to the dose for 'amorphisation' reported in the previous section whilst the first peak is at 

a considerably lower dose. 

Fig. 7.2.2 shows the integrated stress plotted against the energy deposited in nuclear 

processes and electronic processes for our 300kV Ar results and integrated stresses 

calculated from the SOOg crack length data of Battaglin et al (1984). From Fig. 7.2.2a it 

can be seen that there is a reasonable correspondence between the energy densities of the 

high dose stress peaks at around 4xlO22 keY cm·3
, whereas the correspondence between 

the positions of the lower dose stress peak is not so good. Thus this second stress peak is 

due to the damage caused by displacement processes, which is the origin of the single 

stress peak in crystalline materials. From the plot of integrated stress against electronic 

damage energy density (Fig. 7.2.2b), it can be seen that the first stress peaks now show 

reasonable correspondence at an energy density of 3x1021 keY cm·3
• Thus the initial stress 

peak seems to be due to the damage caused by electronic processes i.e. the processes 

responsible for the freeing of the network modifying sodium and reducing the hardness of 

the implanted layer described in the previous section. The first stress maximum is thus 

produced at doses where displacement damage begins to be significant and allows 
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Figure 7.3.1: Reflected light micrograph of a 500g Vickers indentation in (a) 1x1017 Ar 

cm·2 and (b) 5xlO17 Ar cm·2 implanted soda-lime glass. Visible bubbles can be seen in the 

lower dose implanted specimen. As the dose is increased. the amount of bubble fonnation 

also increases. until by 5xlO17 Ar cm·2 the surface is heavily blistered due to the breaking 

open of surface bubbles. 



structural relaxation of the stress progressively being built up by electronic damage. As 

the dose is further increased the volume expansion accompanying increasing displacement 

damage leads to a second increase in stress. The second peak is created by stress 

relaxation on 'amorphisation'. 

The fact that two distinct stress peaks form in this material is indicative of the fact that 

some stress relief must occur during implantation. The results of Eernisse (1974) for the 

implantation of fused silica showed that a single tensile stress peak was formed, but this 

was produced by two different compaction mechanisms (one as a result of electronic 

damage and the other as a result of displacement damage). Similar double peaks have 

been observed for borosilicate glasses (Arnold, 1986), with both tensile and compressive 

stress peaks formed similar to the K-implanted case here. This was attributed to the alkali 

being in two different sites in the glass network, with different binding strengths. The 

mechanisms for alkali release and hence stress generation were thought to be entirely due 

to electronic damage. The electronic energy deposition levels in the present study are 

much higher than those used by Arnold (1986) and thus it seems likely that the reason for 

the two stress peaks formed is different from this. 

The mechanism for the stress relief in the soda-lime glass that is responsible for the 

creation of the second stress peak is as of yet unknown, but it is expected to be a 

function of the displacement damage produced by the implanted ions. As such it should 

be independent of the ion species used, but the results for the K-implant looks very 

different at first sight. Here the second stress peak is tensile rather than compressive. 

Since K is a larger ion than Na, it might be expected that replacement of the sodium with 

potassium would result in compressive stresses in the surface layer. Indeed ion exchange 

experiments (Kistier, 1962) show that replacing Na with K can lead to a maximum 

compressive integrated stress in the surface layer of 3.3xlO·6 lv.fPa m which is much larger 

than the implantation induced stresses observed in this study. 

Tensile stresses have been reported for potassium ion exchanged glasses (Schaeffer, 

1985) where the ion exchange process was carried out close to the softening temperature 

of the glass. In this case the tensile stresses were attributed to thermal expansion 

mismatch between the ion exchanged surface layer and the bulk. The thermal expansion 

coefficient of glasses modified with K is larger than that of identical glasses modified 

with Na over the complete composition range (Shelby, 1976; see Fig. 7.2.3) and thus in 

cooling down from the ion exchange temperature it will produce a larger contraction in 

the ion exchange layer than in the bulk. Hence tensile stresses are generated. In fact the 

thermal expansion coefficients of mixed alkali glasses with varying NalK ratios were 

found to be larger than predicted by a simple method of mixtures (Shelby, 1976) and thus 

the tensile stress generation will be even more pronounced. In order that these tensile 

stresses exceed the compressive ion exchange stresses some stress relaxation must have 
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Figure 7.3.2: (a) A secondary electron SEM image of a 25g Knoop microhardness 

indentation in 5x1016 cm-2 Ar-implanted glass. A region of material around the indentation 

has become exfoliated due to the presence of a subsurface argon bubble layer. (b) TEM 

(lOOkV) micrograph of some of the exfoliated material, showing these argon bubbles. The 

bubbles are darker than the surrounding glass indicating that there is a higher electron 

density within the bubble than around it. In situ EDX analysis reveals predominantly Ar 

in these areas. (c) Schematic diagram of the generation of exfoliated material (i) bubbles 

are compressed and connected by fracture parallel to the surface (ii) the bubbles are 

compressed fiat forcing argon to the edge of the contact area (iii) the accumulation of 

argon at the edge of the contact area causes lifting and bending of the material around the 

indentation, which may fracture and become removed to form the exfoliated material. 

Since the surface layer is no longer completely attached to the substrate in the indented 

area, this may be removed on unloading by adhesion to the indenter. 



taken place at the ion exchange temperature. 

For the specimens implanted in this study a similar process may be taking place. The 

displacement damage produced by ion implantation causes some structural relaxation at 

doses around 5xlO14 cm,2 (as shown by the reduction in the integrated stresses in argon 

implanted glass above this dose) and this structural rearrangement may be sufficient to 

allow the thermal expansion stresses to affect the final stress state of the material. The 

temperature rise during implantation for this specimen is estimated to be around 150°C at 

a dose of 5xlO14 K cm,2. After implantation, in cooling down from this temperature, the 

compressive implantation induced stresses are reduced by the tensile thermal expansion 

mismatch stresses. The surface stresses are tensile by a dose of 5xlO16 K cm,2. The 

decreasing tensile stress at high doses is thus due to the increasing compressive stresses 

produced by the nuclear displacement damage which is responsible for the second stress 

peak in the case of Ar-implantation. 

Tensile stresses generated by ion implantation of fused silica have been reported by 

Eernisse (1974). In such materials the generation of stress has been attributed to the 

radiation induced compaction of the glass structure. The density of modified glasses is 

larger than that of fused silica so it is unlikely that this mechanism will be important in 

soda-lime glass. RBS observations of K-implanted sodium trisilicate glass by Burrow et al 

(1984) show that the integrated area of the K-implant peak is substantially lower than the 

implant ion density impinging on the target. Also a substantial surface K peak was 

observed. A migration of 30-40% of the implanted ion towards the surface had occurred 

where it can be lost by preferential sputtering in a similar manner to the sodium, 

The compressive ' stresses due to electronic damage generated by K implantation are 

larger than those generated by Ar implantation. It thus seems that the removal of K from 

the material at low doses has resulted in a large volume expansion and reduced bond 

formation in the implanted layer. In this situation some compaction of the implanted layer 

may occur and tensile stresses may be generated. However, whether the corn paction is 

due to structural relaxation or ion bombardment is unknown. 

7.3 Bubble Formation in Ar-Implanted Glass 

As mentioned in section 7.1, the 'amorphisation' phenomenon is accompanied by a 

very rapid drop in surface hardness which is very different to the behaviour observed for 

the other implanted materials. Reflected light microscopy of specimens implanted to 

1xlO17 Ar cm,2 shows that a number of bubbles have formed in the surface layer (Fig. 

7.3.1). In specimens implanted to 5xlO16 Ar cm,2 the surface layers around indentations 

can be removed during the indentation process (Fig. 7,3.2b). Such areas have been 

analysed by EDX in the SEM and both the removed material and the uncovered surface 

contain a small amount of argon compared to a general area of the surface which has not 
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L.--l 

100nm 

Mean radius r (J.Un) 

0.3 

0.5 
1.0 

Mean separation (1llI1) 

0.7 

1.0 

1.3 

Mean Pressure (MPa) 

3.3 

2.0 
1.0 

Table 16: Bubble Parameters in Ar-implanted Glass. 
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Figure 7.3.3: TEM micrographs of bubbles in 5xlO16 Ar cm,2 implanted glass Ca) with 

the electron beam normal to the implanted surface Cb) with the electron beam at 30° to 

the implanted surface. The bubbles in (b) are foreshortened, indicating that they are not 

spherical, but may be lenticular in shape (c). 



been removed. Thus it seems likely that these bubbles contain argon rather than oxygen 

released from the target. 

The bubbles can be clearly seen in TEM specimens made from the exfoliated surface 

material in 5xlO16 Ar implanted sapphire. The bubbles are facetted which implies that the 

argon inside them is crystalline (or the glass surrounding the bubble has crystallised). The 

fact that the bubbles appear darker than the surrounding glass (i.e. the electron density in 

the bubble is higher that the glass) implies that the argon is indeed under high pressure. 

Similar results have been reported for helium bubbles in implanted metals (Donnelly, 

1985), and for higher atomic number gases, such as krypton, in aluminium (Anderson et 

al, 1987). 

EDX analysis in the regions between bubbles in the higher dose implants reveals that 

there is very little argon disolved in the surface layer once the bubbles have formed. The 

size of the bubbles increases with dose. Table 16 shows the mean bubble radius r, and the 

mean bubble separation for all doses where the bubbles could be seen by light 

microscopy or in the SEM. The pressure of gas in the bubbles may be calculated from its 

radius by 

P=2y/r [7.3] 

where y is the surface energy of the bubble. It is likely that the surface energy will be 

altered by implantation, but since Ar is almost insoluble in glass the change will be small. 

Thus the bubble pressure may be estimated using the surface energy of unimplanted soda

lime glass (y=0.5Jm·2 (Griffith, 1920» and calculated values are given in Table 16. 

The sizes of the bubbles seen here are of the same order as the widths of the 

concentration or damage peaks (taken as 4~ or 4ilX respectively). It may be that the 
p d 

bubbles are confined to the highest damage regions and thus have a flatter shape than 

assumed. There is some evidence for this from TEM micrographs taken at -300 tilt 

where some shortening of the bubbles was observed. However, the degradation of the 

image due to the increased specimen thickness that the electron beam has to pass through 

at high tilt angles, makes it difficult to make confident estimates of the bubble thickness 

(see Fig. 7.3.3). 

At the doses where bubble formation has just occurred, the bubbles layer is nearly 

continuous, since the bubble separation is nearly the same as the bubble radius. For 

higher doses (e.g. lxlO17 Ar cmo2
) the bubbles are larger and occupy a larger volume 

fraction due to their increased argon content and lower pressure (Townsend et aI, 1976). 

On loading an indenter on to the surface of an implanted specimen, the bubbles are put 

into compression (Fig. 7.3.2a). The gas pressure inside even the smallest bubbles 

(3.3MPa) will be small compared to the indentation pressure of -7GPa (typical hardness 
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Figure 7.3.4: Portion of an x-ray diffraction pattern (Cu-Ka. radiation) recorded from 

the 5xlO16 Ar cm·2 implanted glass specimen, approximately three years after implantation. 

Sharp peaks can be seen superimposed on the background produced by the amorphous 

substrate. Such lines could come from recrystallised glass (unlikely due to the large 

d-spacings) or from the argon in the bubbles being crystalline (also unlikely for the same 

reason). Diffraction patterns obtained just after implantation indicate that the argon in the 

bubbles is crystalline with a lattice parameter of 5.18A. Subsequently bubble growth will 

affect this but the mechanisms of the changes produced and the origins of these lines are 

as of yet unknown. 



of glass). The gas pressure in the bubbles is expected to rise as the bubbles are 

compressed (assuming the argon does not redissolve) and flattened to a more pronounced 

disc-like geometry. This is expected to provide the driving force for the sideways linkage 

of bubbles to take the configuration of cracks parallel to the surface. The gas is forced out 

to the edge of the contact area, thus detaching the surface layer from the bulk. The 

indentation is surrounded by a halo of removed material. This exfoliation of surface 

material renders the indentation diagonals impossible to measure accurately and the 

tendency is to overestimate, resulting in substantially lower hardnesses. 

For higher doses the bubbles are easily compressed because of the lower bubble 

pressure. Also the interbubble separation is larger and the compressing of a single bubble 

will have little effect on the surrounding bubbles. In this case the implanted layer's 

deformation properties will be more similar to a spongy material. The reduced energy 

expended in compacting the bubbles leaves more available for the formation of the 

indentation and thus the material appears much softer. At the very highest doses (5xlO17 

Ar cm·2
) the bubble layer extends to the surface and blistering is observed. 

X-ray diffraction studies of the 5xlO16 Ar cm·2 implanted glass show sharp peaks 

superimposed on the amorphous background produced by the glass. Noble gases are 

known to crystallise in the fcc system (Donohue, 1974). These peaks can be indexed as 

corresponding to the (111) type planes in an fcc structure; initially a lattice parameter of 

a=5.18A was determined. When the diffraction pattern was remeasured some months after 

the original experiment, the lattice parameter was found to have increased. This is not 

surprising since the bubbles can be seen to have grown over the same time by reflected 

light microscopy. The most recent measurements of the lattice parameter by this method 

. give a=15.46A, which seems far too large for the argon to be crystalline. This throws 

some doubt on the validity of the original observations. Another possibility is that the 

glass around the bubble has become crystalline. However this is also unlikely given the 

large size of the measured plane spacings (Fig. 7.3.4). Further work is needed to ascertain 

what is happening to the argon bubbles in this material. The first measurement of the 

lattice parameter at a=5.18A compares well to values reported in the literature for 

crystalline argon measured at 40K. In this case the lattice parameter is 5.32A (Donohue, 

1974) and so it is possible that the bubbles could contain crystalline argon initially. 

Given the validity of the original x-ray diffraction data, the pressure of argon in the 

bubbles can be calculated from the lattice parameter using the equation of state data for 

argon from Ronchi (1981). The calculated molar volume of the argon here is 20.9cm3 

which corresponds to a pressure of 13505 bar (1.37GPa). This is somewhat larger than 

the pressure calculated by surface tension arguments (3 .3 .t0J>a) and comparable to the 

indentation pressure in glass (-7 GPa). The mechanism, whereby compression of these 

bubbles produces cracks parallel to the surface, is more likely with higher bubble 
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pressures, and thus the exfoliation around indentations is more likely. No data exists for 

the pressure at which argon in bubbles will become solid, but the evidence suggests that 

it will be solid at this pressure though may not remain so as the bubbles grow and the 

pressure drops. 

The fact that only the (111) planes are visible in the diffraction pattern is an indication 

that there is a preferred orientation for close packed argon planes parallel to the glass 

surface. If the bubbles were to form at the peak of the concentration profile it is likely 

that they will initially form as regions of close packed argon parallel to the surface. These 

regions would be randomly orientated with respect to each other. As the concentration of 

argon increases these bubbles will thicken, but since they are under pressure and 

constrained by the surrounding material the orientation will be maintained. Since the x-ray 

diffractometer can only probe plane spacings parallel to the specimen surface (without 

changing the detector orientation) only these (111) planes will be recorded. The facetted 

bubbles in the TEM image of this specimen (Fig. 7.3.2b) show three fold symmetry, 

which is further evidence that the argon is oriented with (111) parallel to the glass 

surface. 

From the lattice parameter and structure of the crystalline argon bubbles, the density of 

the solid argon can be calculated to be 2.03 g cm·3
• The density of the soda-lime glass is 

2.73g cm·3
• From these values the electron density in solid argon and glass can be 

calculated to be 5.81x1CP electrons cm·3 and 8.02xlO2.3 electrons cm·3 respectively. This 

result is somewhat surprising given that in the TEM image of the bubble (Fig. 7.3.2b) it 

is darker than the surrounding glass implying a higher electron density. However, the 

glass surrounding the bubbles will be heavily damaged by ion implantation and the 

accumulation of such damage is known to cause a volume expansion and hence a 

reduction in density in the surface layer. The density may be reduced sufficiently for the 

electronic density to drop below the crystalline argon value. In this case the bubbles will 

appear darker than the surrounding glass. 

Thus it can be seen that the argon bubbles form at doses above _5x1016 cm·2
• Initially 

they form as close packed · planes of argon bubbles parallel to the specimen surface 

(probably at the peak of the damage or concentration profile) and grow as the dose is 

increased. The presence of bubbles in the surface layer results in a reduction in surface 

hardness and exfoliation around hardness indentations. Such behaviour has also been 

observed for inert gas implantation in sapphire (McHargue, 1987b) and is probably a 

function of the insolubility of argon rather than any target property. 

7.4 Summary and Conclusions 

The mechanical properties of ion implanted glasses are thus more complicated than 

those of crystalline ceramics, and due to their amorphous nature it is difficult to 
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investigate the nature of the implantation induced changes in surface microstructure 

responsible for these properties. The properties have been found to be dependent on the 

time that has passed since implantation and this must be bourn in mind when making 

comparisons between materials implanted at different times. 

The microhardness of an implanted soda-Hme-silica glass was found to decrease at low 

doses and increase again at higher doses up to a maximum. This high dose reduction in 

hardness was attributed to an "amorphisation" phenomenon similar to that observed for 

crystalline materials. The implantation induced stresses increase at the low doses where 

the hardness is reduced, and decrease again as the hardness begins to increase. A second 

stress peak is formed at the higher doses where the hardness maximum occurs. There are 

thus two distinct regions of behaviour which have been attributed to different damage 

processes occurring during implantation. The low dose behaviour is expected to have its 

origin in electronic damage, whereas the high dose behaviour has its origin in 

displacement damage. Thus the high dose behaviour is similar to that in crystalline 

materials. The form of the electronic damage is . as of yet unknown, though the property 

changes are thought to be due to the freeing of the network modifying sodium form the 

glass by the implanted ions. 

Thus, in conclusion, it can be seen that at high doses ion implanted glasses behave in 

an identical manner to implanted ceramics, whilst at lower doses the electronic damage 

may be significant and other effects will occur. 

The mechanical properties of implanted ceramics discussed in the previous chapters 

will have an important bearing on the friction and wear properties of these materials. The 

next chapter reports the results of friction measurements made on implanted sapphire and 

relates these observations to the hardness and stress behaviour reviewed in chapter 3. 
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Figure 8.1.1: Typical experimental variation of the friction force with sliding distance 

for Ti-implanted (1012) sapphire scratched with a diamond cone. The friction increases up 

to the value when relative motion between the cone and fiat begins (the so-called "static" 

or "limiting" friction) and 'then levels off to oscillate about a mean value ("stick-slip"). 

This mean kinetic friction has been used throughout this study. 

Substrate Ion cone radius/~ 

Sapphire Ti 148 
Y 40 

Glass K 226 
Ar 226 

Table 17: Radii of Diamond Cone Tips 



8. Friction Behaviour of Ion Implanted Ceramics 

The preliminary studies of Burnett and Page (1987) on the friction of metallic pins 

sliding on low dose implanted sapphire indicated that there was an increase in friction on 

ion implantation. These measurements were made on a pin-on-disc friction tester and the 

increase was recorded in steady state friction, once the pin and flat had been worn in. In 

this study single pass scratches were made in order to study the variation of coefficient of 

friction with dose and attempt to understand which friction mechanisms are affected by 

ion implantation. By the time the steady state regime has been reached, the friction 

properties would be expected to be different from those on the first pass, but it is likely 

that the same friction mechanisms will be operating in both situations. 

8.1 Single Pass Friction Traces: Single Crystal Sapphire 

Initial experiments were performed with diamond cones on single crystal sapphire 

specimens implanted with Ti or Y. The cones were worn in on unimplanted material and 

were found from SEM micrographs to have approximately parabolic tips after this 

process. The tips may thus be approximated to spheres and the radii of the tips of the 

diamond cones used in this study are quoted in table 17. 

Figure 8.1.1 shows graphs of friction force against sliding distance for the scratches on 

Ti-implanted sapphire. The traces show a rapid increase in friction in the first -O.5mm of 

travel, followed by a levelling of the friction which oscillates about a mean value at 

higher sliding distances. The sliding distance quoted here is merely the distance through 

which the specimen table has been driven. Thus the initial rapid increase corresponds to 

the deflection of the beam whilst the static friction increases. Once the stylus begins to 

move the friction tends to drop (though this does not happen in all cases and is by no 

means repeatable) indicating that the static friction is somewhat higher than the dynamic 

friction. 

The oscillations in the 'track once the stylus has begun to move are due to stick-slip 

motion. As the force on the stylus increases the friction increases until the stylUS begins 

to move and the friction force is then reduced. Once movement starts and the friction is 

reduced the cantilever beam can relax and straighten, resulting in a rapid reduction in 

friction. The stylus then slides over the flat until it comes to rest again and the process is 

repeated. The ideal friction trace for this behaviour is a saw tooth trace, but the response 

of the machine to these rapid oscillations is too slow to record this and the resultant trace 

contains a number of regularly spaced humps. As the dose of Ti is increased the stick slip 

oscillations become less pronounced. This is an indication that the adhesion between the 

diamond and the implanted surfaces has changed (see section 8.3). 
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Table 18: Amorphisation Doses for Implanted Sapphire 



Figure 8.1.2 shows similar traces for Y implanted sapphire. From the unimplanted 

friction traces it can be seen that the friction force gradually increases with sliding 

distance. This is due to the build up of debris in front of the moving stylus as the 

measured widths of the scratch tracks do not change along their length once motion has 

started. Another feature of the friction traces in this material is that the highest dose 

specimens show a decrease in friction with sliding distance. These specimens all have soft 

amorphous layers and thus it could be that the debris produced by the stylus is acting as a 

lubricant. Figure 8.1.3 shows scratches in unimplanted and 5xlOI7 Y cm-2 implanted 

sapphire. The debris produced from the unimplanted material is sharp and angular and 

thus has its origins in brittle fracture around the scratch. The debris produced from the 

high dose implanted material is more rounded indicating its origin in plastic deformation_ 

This debris could act as a lubricant if it rolls between the stylus and the implanted 

surface. 

In these materials scratches were made with loads up to lOOg. At that load, fracture 

around the scratches began to occur causing rapid oscillations in the friction trace. The 

lateral compressive stresses associated with ion implantation reduce this fracture so that 

whereas cracking occurs around scratches in unimplanted material at lOOg loads, no 

similar cracks were observed for any of the implanted materials. For 100g loads the 

widths of the scratch track produced for Y and Ti implants were measured as 7_75~ and 

11.25J-lm respectively corresponding to penetration depths of O.09J-lm and O .05~ 

respectively_ Thus the scratches are expected to lie predominantly in the implanted layer. 

Coefficients of sliding friction, J-l, were determined by taking the mean value of friction 

force averaged along the track and dividing by the load_ In order to avoid the contribution 

due to fracture only the data from the 25g and 50g traces was used; in this case the 

friction force is expected to be dominated by adhesion and ploughing. Fig_ 8.1.4 shows a 

plot of coefficient of friction against dose for Ti-implanted sapphire. The friction increases 

at low doses up to a maximum at the onset of amorphisation, when it begins to decrease 

again. Above this dose, as the amorphous layer thickens, the coefficient of friction 

decreases until the dose at which the amorphous layer reaches the surface, when the 

friction has dropped below the value for unimplanted sapphire (50g load). 

Similar behaviour is observed for Y -implanted sapphire (Fig. 8_1.5 )_ Table 18 shows 

the doses at which amorphisation starts in the Ti and Y implanted sapphire (as determined 

by RBS) and the doses at which the amorphous layer reaches the surface (as calculated 

from the model of Burnett and Page, 1984a - see section 2.3.4). The friction increases up 

to the dose where amorphisation starts below the surface_ As the amorphous layer 

thickens the friction is reduced until it falls to a value less than that for unimplanted 

material. When the amorphous layer reaches the surface the friction begins to increase 

again. The low dose increase in friction is similar to the results of Bumett and Page 
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between the slider and flat (b). The forces acting on this element will come from the 

normal pressure, p, and the interfacial shear strength s. Integrating the resultant force over 

the front half of the slider surface gives the total friction force operating. 



(1987). 

8.2 Ploughing Friction 

The fonn of the friction against dose plot is very similar to the fonn of the hardness 

dose plot for the same specimens (e.g. see Fig. 8.2.1). It is thus tempting to attribute the 

change in friction to the change in hardness of the surface layer. Since no cracking is 

observed at the loads used in this study, the only two mechanisms of friction which are 

likely to be important are adhesion and ploughing. Of these, the ploughing friction 

depends on the surface plasticity and thus it would seem that the change in measured 

friction is due to a change in ploughing. 

In order to check this it is necessary to measure the widths of the scratch tracks 

produced and calculate the ploughing friction from the values obtained. Two models 

which were introduced in section 4.7 can be used for this. From the work of Bowden and 

Tabor (1951) the ploughing component of friction is given by 

[8.1] 

where d is the width of the scratch track, P' is a measure of surface plasticity (usually 

taken as the hardness of the material), r is the radius of the scratching particle and L is 

the load. If the width of the scratch track were to remain unchanged the ploughing 

friction would be proportional to the hardness of the material by this model. 

Unfortunately this is not observed, as is expected since changing the hardness of the 

surface will alter the scratch width in much the same way as changing the hardness of a 

material will alter the indentation diagonal of a static indentation. 

The second approach is that of Sin et al (1979 - detailed in Suh (1986». In this case 

the forces on a small element of the contact region are considered (Fig. 8.2.2). By this 

approach the friction force on the element is given by 

dF=-psin(y)sin(~)dA + ssin(y)dA [8.2] 

where p is the normal pressure, y and ~ are the angles defined in Figure 8.2.2, s is the 

shear strength of the interface and A is the area of the element. Integrating this expression 

over the front half of a spherical slider gives an expression for the friction force in two 

components. The first component is dependent on the plasticity of the material and hence 

is the ploughing component, the second depends on the interfacial shear stress and hence 

is the adhesion component. The ploughing component is thus given by 
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Figure 8.2.3: Variation of the measured coefficient of friction with dose for 

Y-implanted (1012) sapphire at (a) 2Sg load and (b) SOg load. Also plotted is the 

calculated ploughing friction according to the models of Suh (triangles) and Bowden and 

Tabor (squares); the error bars have been removed for clarity. Whilst the measured 

friction increases at low doses the ploughing friction is reduced. Thus the increase in 

friction at low doses must be due to changes in adhesion. At high doses, the measured 

friction is reduced and the ploughing friction increases until the two are nearly coincident 

The friction behaviour is dominated by ploughing at these doses. 



[8.3] 

and the adhesion component is given by 

[8.4] 

It is asswned that the load is supported on the front half of the spherical slider also and 

thus the load may be related to the normal pressure by 

L=1td~/8 [8.S] 

where L is the load, d is the track and p is the normal pressure as before. Dividing 

equations 8.3 and 8.4 by equation 8.S gives expressions for the coefficient of ploughing 

friction and the coefficient of adhesive friction. These expressions are 

11 =(2/1t)(2r/d)Z {sin- l
( d/2r)-( d/2r) [ l-(d/2r)Z]1/2 } 

p 
[8.6] 

[8.7] 

The ploughing friction calculated from the Bowden and Tabor model (equation 8.1) 

may be compared to the ploughing friction calculated from the Suh model (equation 8.6). 

Fig. 8.2.3 shows a plot of coefficient of friction against dose for Y -implanted sapphire 

scratched with a 40llm radius diamond stylus at 2Sg and SOg. Also plotted on these 

graphs is the ploughing friction calculated from the Bowden and Tabor model and the 

Suh model. Here the agreement between the ploughing friction calculated by the two 

models is quite good for the implanted specimens, though the agreement is less good for 

the unimplanted material. However, the agreement with the measured friction is not good. 

At low doses the measured friction increases whilst the calculated ploughing friction 

decreases. The difference must be due to the adhesion friction mechanism. The decrease 

in ploughing friction due to the decrease in scratch width in the hardened implanted 

material. On amorphisation the scratch width is increased again and the ploughing friction 

increases despite the fact that the amorphous material is softer. The measured friction is 

reduced until it is comparable with the ploughing friction at doses where the amorphous 

layer reaches the surface. Above this dose there is an increase in both the measured 

friction and the calculated ploughing friction, due to the fact that ploughing through the 

thickening amorphous layer is dominating the friction behaviour. Thus it is the width of 

the scratch that dominates the friction behaviour rather than the hardness of the surface 
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Figure 8.2.5: Variation of the measured coefficient of friction with dose for Ti

implanted (1012) sapphire at (a) 2Sg load (b) SOg load. Also plotted is the ploughing 

friction calculated using the models of Suh (triangles) and Bowden and Tabor (squares). 

The error bars have been removed for clarity. Again the measured friction increases 

whilst the calculated ploughing friction decreases at low doses, showing the importance of 

adhesion at these doses. At the onset of amorphisation the measured friction decreases, 

but remains significantly larger than the increasing ploughing friction. This is due to the 

fact that the blunter cone used to scratch this material will have a larger surface in 

contact with the implanted flat and thus adhesion will be more important. 



layer (though ultimately the hardness does detennine the width of the scratch track). 

If the scratch hardness is defined by 

[8.8] 

where L is the load, d is the scratch width and k is a constant (usually k=2; Brookes, 

1981), then the equation 8.1 may be modified to give 

11 =kd/12r 
p 

[8.9] 

and thus the ploughing friction is proportional to the width of the scratch produced. Fig. 

8.2.4a shows a plot of scratch width against dose for Y implanted sapphire. The fonn of 

these curves is very similar to the fonn of the ploughing friction curves in Fig. 8.2.3. 

Thus it seems that the ploughing friction is indeed dominated by the scratch width. 

From Fig. 8.2.3 it can be seen that for 25g scratches the dose at which the observed 

friction is maximum is _2x1016 Y cm·2 and the observed friction does not decrease rapidly 

until above 1017 Y cm·2
• For 50g scratches the maximum is below 1016 Y cm-2 and the 

observed friction decreases above this dose. This is due to the penetration depth of the 

scratch diamond. For the 25g scratch the diamond will not penetrate into the amorphous 

material until a dose of lxlO17 Y cm-2
• For the 50g scratch the larger penetration depth in 

a given specimen results in penetration into amorphous material at a dose of 5x1016 Y 

cm-2
• The rapid drop in friction is thus associated with the fonnation of amorphous 

material. The increase in friction at the very highest doses is thus entirely due to plastic 

ploughing through the soft amorphous layer. 

Fig. 8.2.5 shows the same plot for Ti-implanted sapphire. Here there is poor agreement 

between the Bowden and Tabor ploughing friction and the value detennined from the Suh 

equation. The observed friction is much higher for this material than the Y -implanted 

sapphire, whereas the calculated ploughing friction is of a similar magnitude. Thus it 

would appear that the effects of adhesion are more pronounced for Ti-implanted sapphire 

than for Y-implanted sapphire. The larger radius of curvature of the scratch diamond used 

for this specimen means that a larger area -of diamond will be in contact with the Ti

implanted fiat and thus adhesion will be more important in this situation. It is not until 

5x1017 Ti cm-2 that the effects of ploughing through the soft amorphous material become 

important. 

The restatement of the Bowden and Tabor equation in the fonn of equation 8.9 shows 

that this model is similar to the Suh model in that it uses the geometry of the test to 

determine the value of k analytically. The assumption that the nonnal pressure is constant 

over the contact area which produces the equation used here may not be reliable, 
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Figure 8.3.1: Variation of the coefficient of sliding friction with dose for (a) sapphire 

(b) steel and (c) WC/Co spheres sliding on Ti-implanted (1012) sapphire flats. For the 

sapphire sphere the friction increases up to the dose at which the amorphous layer extends 

to the surface, whereas for the other spheres the friction maximum occurs at the onset of 

subsurface amorphisation. 



especially when the surface has a range of hardnesses as with implanted materials. 

However, the equation gives a good first estimate of the friction forces. Similar problems 

occur when using the Bowden and Tabor expression since the flow stress P' will vary 

through the thickness of the layer. Another problem with using this equation is the fact 

that the scratch hardness is usually larger than the static indentation hardness. According 

to Brookes (1981), the ratio of scratch hardness to indentation hardness for unimplanted 

sapphire is -1.2. This would increase the ploughing friction calculated by this method. 

This will be complicated by the indentation size effect in ceramics at the low loads used 

in this study. The static hardness is thus likely to be a poor indication of the flow stress 

in these scratches, and direct measurement of the width of the scratch track and use of the 

Suh equation (8.6) will give more reliable ploughing friction values. 

The difference between the calculated ploughing friction curve and the experimentally 

determined curves at low doses can thus only be due to adhesion . since the ploughing 

component cannot account for the observed trends. This is discussed in more detail in the 

next section. 

8.3 Adhesion 

From the previous section it is apparent that the increase in friction at low doses is due 

to another mechanism rather than ploughing as was initially expected. The increase was 

attributed to an increase in adhesion between the diamond and the substrate. In order to 

test this hypothesis, scratching experiments were performed with smooth spheres of 

relatively large radius at low loads so that no visible deformation was produced on either 

the sphere or the polished flat (Bull and Page, 1987a). In this case the friction is expected 

to be dominated by adhesion. 

Friction tracks were made with 1.5mm radius spheres chosen to give a range of 

interfacial contact situations. Sapphire and steel (1 % Cr, 1 % C - used as supplied in a 

hard (1000VHN), tempered, martensitic state) and WC/Co (WC - 10% Co, 4% TiC) were 

used as supplied - polished to a mirror finish - and only required careful degreasing in 

alcohol before use. Each sphere was rotated and 'run-in' on unimplanted materials until 

they gave repeatable, consistent friction readings, between passes on the implanted 

materials. Five passes were made on each specimen at loads of 25g and 50g. For these 

loads no visible deformation (by reflected light microscopy or SEM) occurred in the 

unimplanted material. 

Fig. 8.3.1 shows plots of the coefficient of friction against dose for the sapphire, steel 

and WC/Co spheres sliding against Ti-implanted sapphire. The behaviour is different for 

each of the sliders used. For the sapphire sphere (Fig. 8.3.la) the coefficient of friction 

increases up to a dose of 1xlO17 Ti cm·2 when it begins to be reduced. In the steel and 

WC/Co cases the peak in friction is at a lower dose (_5x1016 cm·2
). No sign of scratch 
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Figure 8.3.2: Variation of the coefficient of sliding friction with dose for (a) sapphire 

(b) steel and (c) WC/Co spheres sliding on Y-implanted (1012) sapphire. For the sapphire 

sphere the friction increases up to the dose at which the amorphous layer extends to the 

surface. For the other spheres the behaviour is more complicated. though there is a 
friction maximum at the onset of subsurface amorphisation as for the Ti implants. 



Figure 8.3.3: Reflected light micrograph of the scratch track produced by the WC/Co 
-

sphere sliding on 1xlOI7 Y cm·2 implanted (l012) sapphire. The presence of a visible 

scratch track is evidence that some plastic deformation has taken place. 
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Figure 8.3.4: Surface profilometer traces along the same line on the surface of a lxlOl7 

Y cm-2 implanted (l012) sapphire flat Ca) before scratching Cb) after a single pass with a 

steel sphere loaded to SOg. The asperities of the implanted surface have been flattened by 

the slider showing that some plastic deformation has occurred even if no visible scratch 

track has been produced. 



tracks was visible on any of the flats after scratching Ti-implanted sapphire. The friction 

coefficients for the WC/Co sphere were found to be virtually independent of load. The 

dose at which the peak occurs for the sapphire sphere corresponds to the dose at which 

the amorphous layer reaches the surface. For the other spheres the friction peak occurs 

closer to the dose at which amorphisation starts below the surface. 

Similar friction plots for Y -implanted sapphire are shown in Fig. 8.3.2. For the 

sapphire sphere the friction increases up to a dose of lxlO17 Y cm-z which is also around 

the dose where the amorphous layer reaches the surface. For the other spheres there were 

initial increases in friction at the lowest dose (1xlO16 Y cm-Z
) but at doses above this the 

friction decreases until a dose of 5xlO16 Y cm-z. In this material the onset of 

amorphisation below the surface is -2.8xlO16 Y cm-z and thus this low dose peak is 

similar to that observed for the Ti-implanted flat. At higher doses the friction increases 

again and visible scratch tracks are observed in the implanted flat (Fig. 8.3.3). This 

increase is thus due to ploughing of the sphere through the soft amorphous material. For 

the WC/Co spheres there is a further decrease in friction at 5xl017 cm-z• 

The increase in friction observed for these scratches must be predominantly due to 

changes in adhesion between the slider and the implanted flat. However, the contact 

between the slider and the flat will not be uniform over the contact area, but will consist 

of discrete contacts at a number of asperities. For the implanted flats the polish is 

sufficiently good that the asperities are only 60nm high and ::::6J.lITl wide. There may be 

some plastic deformation at the tips of these asperities, but there was no flattening of the 

asperities in surface profilometry traces across the friction tracks in any of the implanted 

specimens, except where visible scratch tracks were produced. In this case the asperities 

of the implanted flat were somewhat flattened. Such behaviour can be seen in surface 

profilometer traces along the same line before and after a scratch has been made (Fig. 

8.3.4). 

For true elastic contact, the frictional energy will be dissipated as heat but this will be 

modified by non-ideal contact situations. Dislocations may be generated at the tips of 

some asperities where the contact stresses are highest and thus some energy can be 

dissipated in plastic deformation. The presence of surface films will also contribute to the 

dissipation of frictional energy. Thick films may be plastic ally deformed, scraped from the 

surface and/or pushed ahead of the slider tending to increase the measured friction. 

Alternatively the films may interfere with the slider/substrate adhesion and produce 

changes in the adhesion component of friction. As the thickness of such surface films are 

reduced, the mechanical effects of the films will become less important and changes to 

the adhesion will be the major effects likely to contribute to the measured friction. 

Careful degreasing is expected to leave the surface with only a thin contaminant film on 

the surface. 
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Friction coefficients for ceramic materials measured in air tend to be much smaller 

than those measured in inert gases or under vacuum (Buckley, 1974; Fisher and 

Tomizawa, 1985). This is due to the presence of adsorbed surface layers (chiefly water in 

oxides) which reduce the adhesion between flat and slider. Thus one possible explanation 

for the changes in adhesion could be the removal or disruption of these adsorbates. The 

presence of these adsorbates is known to produce substantial softening of the surface layer 

in MgO and other ceramics (Westwood et al, 1981). Burnett and Page (198S) have 

reported that ion implantation reduces this chemomechanical effect, presumably by 

altering the affinity of the surface for water in some way (see Chapter 9). The removal of 

the water will also affect the frictional properties of the material. The presence of the 

adsorbates will have several effects on these frictional properties. It may facilitate sliding 

by physically separating the moving surfaces (hydrodynamic lubrication). This is likely to 

occur at much smaller loads than used in this study. Alternatively, the adsorbates may 

interfere with the adhesion of asperities (boundary lubrication). It is this mechanism which 

is most likely to be operating in this situation. 

In the single pass tests, such adsorbed layers may be being scraped off or pushed 

ahead of the slider. To see if this has a major effect on the measured friction multiple 

pass tests were made on each specimen. Initially ten passes were made with the same 

sphere in the same direction. No changes in the measured friction coefficients were found 

after these tests. Similarly reciprocating tests were performed with five passes in each 

direction and very good agreement was found with the friction coefficients measured for a 

single pass for every friction coefficient determined, regardless of sliding direction. It thus 

seems likely that the adsorbate layer is thin enough that it will interfere with adhesion, 

but not with ploughing or other friction mechanisms. 

A further test that elastic behaviour is occurring is to look at the behaviour of 

coefficient of friction with load. For elastic contact, Hertzian contact analysis gives 

[8.10] 

where W is the applied load and k is a constant (see section 4.7). For the loads used in 

this study this predicts that the 2Sg friction will be greater than the SOg friction. This is 

observed for nearly all of the specimens, the only exceptions being in some cases where 

plasticity has occurred and scratch tracks are visible. In fact this sort of behaviour was 

used as an indication that the degreasing processes had been successful without careful 

degreasing in alcohol of both the sphere and the flat. For undegreased sapphire the 

frictionlload behaviour may be fitted to the equation 
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ll=kW" [8.11] 

Values of k=0.261 and n=O.13 were detennined by cUlVe fitting to experimental data. 

Once degreased a fit closer to equation 8.10 was obtained provided loads less than WOg 

were used. Thus it seems that elastic behaviour is maintained up to this load. The results 

of Buckley (1974) show elastic behaviour of sapphire scratch in vacuum extending to 

much higher loads (-lkg). Thus it seems that the degreasing processes does not remove 

the adsorbates and the chemomechanical softening of the surface becomes important at 

loads above WOg when some pla<;tic defonnation may occur. 

The reasons for the increase in friction on ion implantation have been shown to depend 

on the nature of the interface between the slider and the fiat. At the doses investigated 

here there will be a considerable concentration of both implanted ions and defects in the 

surface layer of the sapphire fiat and the presence of these could promote bonding to the 

. spheres during a pass. Indeed for the sapphire spheres sliding on the implanted fiats the 

friction increases up to the dose at which the amorphous layer extends to the surface, 

which implies that the increase in friction is due to the build up of implanted atoms and 

damage in the surface layer. At the onset of amorphisation in this surface layer, some 

structural rearrangement occurs and the friction is reduced. Indeed, friction coefficients of 

glasses are known to be smaller than those of crystalline materials of the same 

composition (Karapetian and Korostelin, 1983). 

However, the results for the steel and WC/Co spheres are a little more difficult to 

rationalise. For both.,these spheres the adhesion increases up to the dose at which 

amorphisation occurs below the surface and is reduced above this dose. At low doses the 

increase in friction would be expected to be due to the changes in adhesion produced by 

the incorporation of implanted atoms and defects into the surface layers of the material as 

with the sapphire spheres. However, as well as this surface mechanism, another relatively 

long range mechanism must be operating in order that subsurface changes at the onset of 

amorphisation can affect the measured friction. 

Similar obselVations of the friction coefficients for Ti implanted WC/Co fiats tested 

with sapphire and WC/Co spheres show the same sort of behaviour (see Chapter 10). For 

the sapphire sphere, friction increases up to the dose where the amorphous layer extends 

to the surface whilst for the WC/Co sphere the friction maximum occurs at the dose 

where sub-surface amorphisation occurs. Thus some long range mechanism is operating 

which is different for the two spheres. 

Such long range effects could be due to the changes in elasticity or plasticity of the 

surface layer that occur at the onset of amorphisation. According to Bumett and Briggs 

(1986) the elastic constants of ion implanted silicon can be reduced by -30% once 
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Figure 8.3.5: Schematic representation of the elastic deformation produced by a sphere 

loaded on to a flat for (a) sphere stationary (b) moving sphere with low adhesion to the 

flat and (c) moving sphere with high adhesion to the flat. Once motion starts the surface 

is pushed forward ahead of the sphere in the low adhesion case increasing the effective 

area of contact. As the adhesion between the flat and slider is increased the surface is 

dragged forwards by the slider and material is caused to bow upwards ahead of the slider 

by further elastic deformation. The contact area in this situation, a
3

, will be the largest of 

the three contacts. 



amorphisation has taken place. Such behaviour would be expected to increase the elastic 

contact area (as calculated from equation 4.16) for all the sphere/fiat combinations tested 

here. Hence it would be expected that the adhesion component of friction would be 

increased and thus the measured friction would increase. However for both the steel and 

WC/Co spheres the friction is observed to decrease and thus this mechanism is unlikely to 

be very important. Alternatively, if the adhesion between the slider and the fiat is high, 

the sphere would tend to drag the contact area forward with it, producing elastic 

deformation in the substrate ahead of the slider (see Fig. 8.3.5). The slider must move 

over the elastically deformed region and thus the friction is increased. On amorphisation, 

the reduced elasticity of the amorphous material will reduce the amount of elastic 

deformation ahead of the slid er. Thus the friction is expected to be reduced. However, the 

adhesion of the sapphire sphere to the implanted substrate is greater than for the steel or 

WC/Co sphere and thus it would be expected to be the one .that shows a reduction in 

friction on amorphisation if this effect were important. The measured data shows that this 

is not the case. Yet another possibility is that some plastic deformation occurs in the 

amorphous material below the surface whilst the damaged but still crystalline material 

surrounding it remains elastically deformed. This would increase the ploughing component 

of friction (and also the contact area and hence the adhesion coefficient of friction) and 

would thus predict an increase in the measured friction. This is not observed for the steel 

or WC/Co spheres. 

As well as mechanical interactions, the long range effects could come from electrical 

interactions between the substrate and the slider. According to Stoneham and Tasker 

(1985) the presence of charged defects in a ceramic will affect its adhesion to a material 

of different dielectric constant due to the image charges they create. If two materials of 

different dielectric constant are brought together, then the polarisation energy of any . 

charge will be affected by the presence of the boundary and an image charge is induced 

in the other material. The size of the induced dipole and hence the adhesion between the 

two materials, will be a function of the number of such charges, their depth and 

magnitude and the dielectric constants of the two materials. The effect of such image 

charges on the electrostatic energy of the material is given by 

U(z)=(Q2!2ze')(E' -E")/(E' +E") [8.12) 

where z is the depth, Q the defect charge and E' and E" the dielectric constants of the 

material with the charged defect and the material it is in contact with respectively. For a 

ceramic with a charged defect in contact with a metal (E"::::oo) E' <E" and the presence of 

the defect will lower the electrostatic energy near the surface of the metal. Thus there will 

be a force of attraction between image charge and the defect and this will be apparent as 
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an increase in adhesion between the metal and the ceramic. Ion implantation is known to 

produce charged defects (e.g. colour centres) at low doses. At the dose where 

amorphisation occurs it is possible that some of these defects will be removed by 

structural relaxation within the amorphous layer and thus this mechanism could be used to 

explain the increase in adhesion up to the onset of subsurface amorphisation. 

There are a number of problems with this proposition. Though the forces generated by 

image charges can be quite large, they are very short range due to the 1/r dependence of 

electrostatic attraction. Thus it is usually assumed that the defects within only the first few 

atomic layers contribute to this force. If this were the case it would be expected to give 

an increase in adhesion (and hence friction coefficient) up to the dose where the 

amorphous layer reaches the surface. This is observed for sapphire spheres where the 

image charge effect cannot occur but not for the other sphere materials. 

In order to calculate the magnitude of the adhesive force between the implanted fiat 

and a metal sphere, the force due to a single defect (obtained by differentiating equation 

8.12) must be multiplied by the number of defects at depth z and integrated over the 

defect distribution below the surface. In order to simplify the calculation it is assumed 

that only those defects directly below the contact area will contribute to the adhesion 

force and this may be divided by the area of contact to give the adhesive strength of the 

interface. The number of charged defects is only a small fraction of the total defect 

concentration (<10-6), but the total defect concentration, as determined from the damage 

profile (which will be an overestimate since it cannot take into consideration the effects of 

annealing during implantation) may be used to give an upper limit to the adhesive force 

produced by image charges. For a steel sphere in contact with a sapphire substrate 

implanted to 5x 1016 Ti cm-2
, numerical integration determines that the adhesive stress on 

the contact area is -25GPa if every defect produced by ion implantation is charged. If the 

number of charged defects is _10-6 of the total this stress is reduced to 0.025MPa. An 

adhesive bond of this strength would be much weaker than the interfacial bonding 

produced by mechanical contact. Thus it is unlikely that this mechanism plays anything 

but a minor role in the friction behaviour of implanted materials. 

In order to understand the observed changes in friction it is thus necessary to consider 

how the contact between slider and fiat is achieved. The adhesion between the two will 

occur at the asperity contacts within the contact area. Strong adhesive bonds are more 

likely to form if there is some plastic deformation at the asperity tips, thus increasing the 

real area of contact. In this situation surface films may be squeezed out from between the 

two materials and stronger adhesive bonds will be formed by the more intimate contact 

between fiat and slider. In this way it might be expected that adhesion is related to the 

surface plasticity; hardening of the surface would reduce asperity deformation and thus 

reduce the adhesion (and hence the coefficient of friction) between the fiat and slider. The 
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Sphere Rat Contact Area 

~l 

Sapphire Sapphire 566 
Steel Sapphire 774 

WC/Co Sapphire 658 

Sapphire WC/Co 658 
WC/Co WC/Co 744 

Table 19: Hertzian Elastic Contact Areas 



Sphere Flat Contact Area 
IJIIlz 

Sapphire Sapphire 566 
Steel Sapphire 774 
WC/CO Sapphire 658 

Sapphire WC/Co 658 
WC/Co WC/Co 744 

Table 19: Hertzian Elastic Contact Areas 



friction, however, increases at the doses where this behaviour would predict that it is 

reduced. If the increase in adhesion between the implanted surface and the slider was 

more pronounced than the reduction in true contact area, this sort of behaviour could be 

explained. 

The magnitude of the adhesion between the fiat and slider is thus also expected to be a 

function of the slider material. If the contact is predominantly elastic with just a small 

amount of plastic deformation at the tips of the asperities, then the size of the contact 

area will be determined by Hertzian contact mechanics (see equation 4 .16). Plastic 

deformation is possible at all the asperity contacts which occur within the Hertzian 

contact area and the stress at the tip of each asperity will be determined by the number of 

contacting asperities, the amount of deformation at each asperity tip and the applied load. 

Table 19 shows the calculated Hertzian contact areas for all the sphere/fiat combinations 

investigated in this study. The sapphire sphere sliding on the sapphire fiat has the smallest 

contact area of all of these and so it might be expected that the stresses on individual 

asperities are highest for this material. Thus the amount of plastic deformation at the 

asperity tips would be greatest and the adhesion and coefficient of friction would be 

largest for this material. This is indeed observed for the sapphire sphere sliding on 

unimplanted material, though the effects are more apparent for sapphire spheres sliding on 

WC/Co fiats (see section 10.3). Since the steel sphere is softer than the implanted 

sapphire fiat then the majority of the asperity deformation is expected to occur in the 

sphere material. For the WC/Co sphere, the deformation will occur preferentially in the 

Co binder phase, though it is probable that the contact area is determined mainly by 

contacts between WC grains and the implanted fiat. The hardness of the sapphire sphere 

is closer to that of the implanted fiats and thus it is expected that plastic deformation will 

occur in the asperities of the fiats as well as the sphere. 

During ion implantation the adhesion at these asperity tips increases. This could be due 

to the fact that implantation removes or reduces the amount of surface films . At the onset 

of amorphisation below the surface the behaviour will be modified because the amorphous 

material has a lower hardness and elasticity than the surrounding damaged but crystalline 

material. Increasing the elasticity of the substrate (or for that matter allowing some plastic 

deformation to occur within it) would be expected to increase the size of the contact area. 

Thus the load will be supported on a larger number of asperities and the stress at each 

asperity tip would be reduced. This would reduce the amount of plastic deformation at the 

asperity tips and hence reduce the adhesion to the damaged but crystalline material above 

the subsurface amorphous layer. Hence the coefficient of friction would be expected to be 

reduced if this reduction in real contact area was more significant than the increase in 

adhesion with dose that can be seen to be happening in the damaged but crystalline 

material. It seems that this is the case for the steel and WC/Co spheres, but not for the 
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Figure 8.3.6: X-ray dot map for cobalt produced from the contact area of a WC/Co 

sphere that has been used to make ten passes on lx1017 Y cm-2 implanted (1012) sapphire. 

The cobalt concentration has been reduced in the contact area; some cobalt is smeared to 

its edge whilst some has been transferred to the implanted flat 



sapphire sphere. These materials are both fairly soft compared to the substrate and thus 

the majority of the asperity deformation will occur in the sphere material. The hardness of 

the sapphire sphere is more comparable to the hardness of the fiat and thus some plastic 

deformation is expected to occur at the asperity tips of the fiat. This could explain the 

increased adhesion after the onset of subsurface amorphisation. 

When the amorphous layer reaches the surface the friction drops in all cases because 

the adhesion between the amorphous material and the slider is much less than between 

the damaged but crystalline material and the slider. At even higher doses ploughing will 

become much more significant and the friction will rise again. 

It thus seems that the reduction in friction at the onset of amorphisation below the 

surface may be related to the changed elastic properties of the amorphous material. It is 

possible to explain the observed friction measurements in terms of the deformation of 

asperities but there is no evidence that this mechanism is operating. Indeed the 

mechanisms by which the changes in adhesion occur are as of yet unknown. It is likely, 

however, that these will be related to the chemical bonds formed between the fiat and the 

slider. The bonding between the sphere and fiat will be different for each of the three 

contact situations. For the sapphire sphere the bonds between the implanted fiat and the 

sphere will be of the form metallic cation to oxygen anion and will be similar to the 

bonding in both the sphere and fiat. Similarly for the steel sphere the bonding will be 

between iron (in the metal and in the oxide layer on the steel) to oxygen in the fiat. For 

the WC/Co sphere bonding is expected to occur primarily between the cobalt binder phase 

and the oxygen of the implanted fiat. Indeed examination of the contact area after several 

passes have been made on lxlO17 Y cm,2 implanted sapphire by EDX in the SEM shows 

that the cobalt has been wiped to the edge of the contact area (Fig. 8.3.6) and removed 

from the central region. Similar examination of the fiat shows that some cobalt has been 

transferred to the fiat implying the formation of bonds between the Co and the fiat. No 

evidence for bonding to the WC could be found. 

From the previous observations it can be seen that it is the nature of the contact 

between the slider and the fiat which is important in determining the friction between the 

two materials, In this study three different slider materials have been used: sapphire; steel; 

and WC/Co, all of which are expected to have different contact properties, To understand 

the in service wear properties of a material it is necessary to look at the material transport 

between fiats and sliders after several passes. In order to investigate this the spheres were 

used to make multiple passes on 5xlO17 Y cm,2 and 5xlO17 Ti cm,2 implanted sapphire. 

Using these high doses should enable material transfer to be detected by EDX in the 

SEM, though if this transfer is related to the adhesion between the slider and the fiat, it 

should be more important at low doses. Twenty passes were performed with each sphere 

on the implanted fiats, and the debris adhering to the spheres and left around the tracks 
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Figure 8.3.7: Dose variation of the calculated interfacial shear strengths for sapphire 
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were calculated according to the models of Bowden and Tabor (open symbols) and Sub 
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was examined. EDX is not sensitive enough to pick up the atomic scale material transfer 

over the whole contact area - Auger analysis would be better for this but the technique 

was beyond the scope of the present preliminary study. 

In the case of Ti-implanted sapphire, debris could be found adhering to the sapphire 

sphere, but not to either the steel sphere or the WC/Co sphere. EDX revealed that this 

debris was Ti-rich and thus some bond formation between the Ti-implanted sapphire and 

the sapphire sphere must have occurred during the test The debris is bound strongly 

enough to survive after prolonged ultrasonic cleaning but may be removed by brushing 

with a soft cloth. For the Y-implanted fiat no debris was found to adhere to the steel 

sphere, though debris was found to adhere to both the WC/Co and sapphire spheres. This 

debris was found to be Y -rich by EDX in the SEM. This is similar to the Ti-case and 

implies that the adhesion between the sphere and the implanted fiat will be important in 

any wear mechanism that operates. For these materials the soft, plastically deformed 

debris adheres to the slider and the fiat and is not removed during the wear process. This 

may be important if ion implanted ceramic components are to be used for tribological 

applications. 

The magnitude of the adhesive force may be calculated in terms of an interfacial shear 

stress 1:, either by the method of Bowden and Tabor (1954) or Sub (1986). According to 

Bowden and Tabor, the adhesion frictional force is given by 

F=A 1: 
1 

[8.13] 

where Al is the area of contact. Assuming a circular contact area of diameter d (which 

may be calculated from Hertzian contact theory - see section 4.7), this area is given by 

1tdz/4 and the expression for 1: may be written 

[8.14] 

where W is the applied load. This assumes that the load is supported over the whole 

contact area. According to Suh (1986) the load is supported on only the front half of the 

contact area and thus the interfacial shear stress (in this case designated s) may be 

calculated from equation 8.7 given that p=8W/1tdz. 

Calculated interfacial shear strengths for the sapphire spheres sliding on Ti-implanted 

and Y-implanted sapphire are shown in Figure 8.3.7. According to the model of Bowden 

and Tabor the adhesion force increases from around 36MPa in the unimplanted material 

to 93MPa in the 1xlO17 ions cm-z implanted case for both ions (since the maximum 

friction is the same in both cases). According to the model of Suh the increase is from 

113MPa to 293MPa. The decrease in shear strength on amorphisation is small compared 
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Figure 8.3.11: Secondary SEM micrograph (30kv) of a 500g scractch in 1x1016 Y cm·2 

implanted (1012) sapphire. A region of surface has adhered to the scratch diamond and 

has been pulled out of the specimen surface as the diamond passes, since the interfacial 

shear strength is larger than the shear strength of sapphire. 

Figure 8.3.12: Reflected light micrograph of the tip of the scratch diamond after it has 

been used to make scratches on 1x1016 Y cm-2 implanted (1012) sapphire. Debris has 

become stuck to the tip of the diamond due to the large interfacial shear strength of this 

material. 



to the increase before. 

The increase in adhesion up to the dose at which the amorphous material reaches the 

surface is linear with dose for these materials. This implies that the change is dependent 

on the concentration of implanted atoms (or the damage they cause) in the surface region 

of the material. Thus it seems likely that chemical bonding between the sphere and the 

flat is important in the adhesion processes as well as any removal of adsorbates (as 

discussed in section 9.3) produced by ion implantation. 

Using the model of Suh (1986) it is possible to calculate the shear stresses for the 

sapphire specimens scratched with diamond cones discussed in the previous section. In 

this case the adhesion friction was calculated by subtracting the calculated ploughing 

friction from the measured friction. From this the interfacial shear stress s was calculated 

using equation 8.7. The results are shown in Fig. 8.3.10. It is immediately obvious that 

the interfacial shear stresses are much larger than those calculated for the sapphire 

spheres. This is probably due to the fact that the true contact area for the spheres is 

somewhat smaller than the calculated Hertzian contact area due to asperity contact in this 

case, whereas for the diamond cones plastic deformation has occurred and the real area of 

contact is much closer to the apparent contact area estimated from the scratch dimensions. 

In any case the true contact area will be different from the estimates used in any of the 

models here and it is difficult to determine quantitative values of the shear stress with any 

reliability. For the scratch diamond the maximum shear stresses generated by the 

implantation of Ti or Y into sapphire are different, whereas they were more comparable 

for the spheres. Indeed the shear strength of 2x1016 Y cm·2 is larger than the bulk shear 

stress of unimplanted sapphire (usually it is assumed that for an ideal material s=p/6 (Suh, 

1986) which for a 50g load gives s==5GPa). This implies that the interface is stronger than 

the implanted material next to it and the failure would be expected to occur in the 

implanted material rather than at the interface. This is known to occur for atomically 

clean ceramics sliding against metal pins in vacuum (Buckley, 1985). Fig. 8.3.11 shows a 

500g scratch track in Ix1016 Y cm·2 implanted sapphire. An area of material has been 

pulled out of the scratch track during the scratch and become adhered to the indenter. 

This can be seen stuck to the scratch diamond after a scratch has been made (Fig. 8.3.12). 

The pit left in the track does not look like the pit left when a lateral crack breaks out and 

a chip is formed beside the scratch. Thus it seems that the origin of this pit is in the 

shear failure of the implanted material, rather than by any fracture process. Lateral 

chipping is greatly reduced by ion implantation - the lateral cracks are pushed deeper and 

do not tend to break out - and in this specimen no evidence could be found that lateral 

cracking had occurred. Thus it seems that in this material a new wear mechanism can 

operate. Whereas sapphire normally wears by brittle fracture of plastic ploughing some 

adhesive wear has occurred which will have important implications if the material is to be 
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Figure 8.4.1: Variation of the coefficient of friction with dose for Ca) Ti-implanted and 

Cb) Y-implanted (1012) sapphire scratched with a sharp diamond cone. Cc) Schematic . 

variation of the coefficient of friction with dose. The friction initially increases due to the 

increasing adhesion between the slider and the implanted fiat (Region I). At the onset of 

subsurface amorphisation the friction is reduced as this adhesion is reduced and the 

effects of ploughing through the soft amorphous layer become important (Region 11). At 

the highest doses, ploughing behaviour dominates and the thickening surface amorphous 

layer results in a slight increase in friction (Region Ill). 



used for tribological applications. 

As well as sapphire, friction tracks were performed on unimplanted and Ti-implanted 

single crystal MgO. At low doses the friction was found to increase in much the same 

way as for sapphire. For this material the surface is known to carry a lot of adsorbed 

water in the unimplanted state and so the change in surface adsorbates was monitored by 

IR spectroscopy. The observed hardness and friction are correlated with the changes in 

adsorbate concentration in chapter 9. 

8.4 Summary and Conclusions 

The results in this chapter have shown the importance of changes in indenter/substrate 

adhesion on the friction behaviour of ion implanted ceramics. 

For diamond cones sliding on implanted sapphire fiats the friction increases with dose 

until the diamond first contacts amorphous material, when it is reduced. This has been 

shown to be a function of adhesion rather than ploughing. The adhesion between the 

diamond and the amorphous material is much smaller than between the damaged but 

crystalline material. At the very highest doses the friction increases again with dose due 

to the effects of ploughing through a thickening soft surface layer. This behaviour is 

shown schematically in Fig. 8.4.I. 

For a range of sphere materials sliding on implanted sapphire fiats similar increases in 

friction were determined with dose. However, in this case, where the ploughing 

component of friction is small, the friction increases up to the dose where amorphisation 

occurs below the surface, or where the amorphous layer reaches the surface, depending on 

the nature of the contact between the materials. This difference in behaviour has been 

attributed to differences in asperity deformation between the contacting materials. 

From these results a number of conclusions may be drawn. 

(1) The frictional behaviour of ion implanted materials depends on the slider material, 

the fiat material and the nature of the contact between them. 

(2) Ion implantation results in an increase in adhesion between slider and fiat if the 

material remains crystalline. In this case the hardening of the surface also reduces 

the ploughing component of the friction. 

(3) At high doses where amorphisation has occurred the adhesion force is reduced and 

the friction is also reduced. At these doses the ploughing component of friction 

increases due to the presence of a soft amorphous layer. 

(4) If implanted components are to be used for tribological applications, the presence of 

the implantation induced stresses will reduce the wear due 10 fracture. The hardened 

surface layer will also reduced the plastic abrasive wear at doses below the onset of 

amorphisation. However, the increase in adhesion at these doses may result in the 
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increase of adhesive wear and such a change in wear mechanism could affect the 

use of ion implanted components. 

One possible reason for the increase in adhesion is the removal of surface adsorbate 

layers by ion implantation. This has been investigated for Ti implanted MgO using IR 

spectroscopy and the results are presented in the next chapter. 
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9. Chemomechanical Effects in Ti-Implanted MgO 

9.1 Background 

The presence of surface adsorbates is known to exert a considerable influence on the 

surface mechanical properties of ceramic materials (see section 4.6). There has been much 

interest in the changes in surface plasticity and fracture, particularly in the case of MgO 

(Westwood et al, 1967; 1973) where studies have shown that the dislocation mobility 

around hardness indentations (monitored by etch pitting techniques) is increased in the 

presence of aqueous environments and some organic environments . This mobility is also 

time-dependent - 'anomalous indentation creep' has been observed in tests where long 

dwell times are used in conjunction with aqueous environments. 

Recently Bumett and Page (1985b) reported the effects of Ti-implantation on the 

dislocation mobility in Ti-implanted MgO. Ion implantation was found to increase the 109 

Vickers hardness and reduce the length of the etch pit arrays around them for low dose 

implantation. Such decreases in dislocation mobility imply that ion implantation is 

reducing the chemomechanical effects in this material. At higher doses similar reductions 

in the chemomechanical effect are expected, but these may be masked by radiation 

damage induced hardening or by amorphisation and its associated softening at the very 

highest doses. 

Several mechanisms have been proposed to explain chemomechanical effects 

(Hanneman and Westbrook, 1968; Westwood et al, 1973; 1981; MacMillan, 1977) 

inc1uding:-

(1) Dislocation interactions with adsorbates and lattice defects (comparable to the 

dislocation defect interaction found in solution hardening mechanisms) 

(2) Electronic interactions between dislocations and adsorbate-affected surfaces. 

Of these the latter mechanism provides a better explanation of observations. This relies 

on the electronic levels associated with material within the core of a dislocation 

interacting with the electronic energy levels within the adsorbate-affected surface. Some 

bending of the near surface energy bands may occur in order that the total energy of the 

system is lowered. The greater this effect the more enhanced is the mobility (Westwood 

et al, 1981). Ion implantation will modify the band structure of the surface by the 

introduction of point defects and implanted atoms and this may reduce the environmental 

sensitivity either by decreasing the extent, or the consequences, of adhesion. 

The work reported in this chapter attempts to build on these early observations, and 

determine more details about the mechanisms for the reduction of the chemomechanical 

effect. Ti-implanted MgO has been investigated for comparison with the work of Bumett 
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Figure 9.2.1: Variation of the Knoop hardness with dose for Ti-implanted MgO. The 

hardness increases up to a maximum at 5x1016 Ti cm-2 when it is reduced due to the 

production of softer amorphous material. A significant proportion of the observed 

hardening occurs at very low doses «lx1016 Ti cm-2
) where radiation induced hardening 

is not expected to be significant. 
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Figure 9.2.2: Plots of the coefficient of friction against dose for a steel sphere sliding 

on Ti-implanted MgO at loads of 2Sg and SOg. The friction increases with dose up to a 

maximum at around 3x1015 Ti cm-2
• Above this dose the friction rapidly drops until at the 

highest doses the friction begins to increase again due to the effects of ploughing through 

the soft amorphous layer. 
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Figure 9.3.1: Transmission infrared spectra from identical areas of the Ti-implanted 

MgO specimens in the range 4000cm·1 to 200Ocm-1
• The spectra are plotted with the same 

scale but are displaced vertically for clarity. The broad peak centred at around 3300cm-1, 

which is associated with the presence of hydrogen bonded OH and water (assumed to be 

mostly on the surface of the material) is removed as the dose is increased until by lx1016 

Ti cm-2 it has almost completely. disappeared. 



and Page (1985b). 

9.2 Surface Mechanical Properties 

The surface plasticity changes induced by ion implantation were investigated using low 

load Knoop microhardness tests (loads of 109 and 25g) chosen so that the indents lay 

predominantly in the implanted layer. Fig. 9.2.1 shows a plot of hardness against dose for 

the specimens investigated in this study. The 109 Knoop hardness of the unimplanted 

material is less than that for a load of 25g. However, on implantation to low doses this 

behaviour is reversed and there is a significant increase in the measured hardness up to a 

maximum at a dose of 5xlO16 Ti cm·2
• At doses above this there is a decrease in hardness 

associated with the onset of amorphisation. As the softer amorphous layer thickens the 

hardness decreases below the 25g value. This is a sign of the presence of a soft surface 

layer - the amorphous material is known to be softer than the unimplanted matter (-60% 

as hard for AlP3 (McHargue et aI, 1985» . Since the 109 hardness is lower than the 25g 

hardness for the unimplanted material this would imply that there is a softened surface 

layer present on this material. In this case the softening is due to chemomechanical 

effects. 

To look at the frictional behaviour of this material, friction passes were performed in 

the [100] direction with 3.17mm radius steel spheres. Both the implanted fiats and the 

spheres were carefully degreased in alcohol and ultrasonically cleaned before friction 

passes were made, though the sphere was not run in on unimplanted MgO in case any 

adsorbed material was transferred to the sphere during this process. Fig. 9.2.2 shows a 

plot of coefficient of friction against dose for the specimens investigated in this study. 

The friction increases with dose to a maximum at around 3x lO!5 Ti cm·2
• At the highest 

doses the friction begins to increase again and visible scratch tracks are formed in the 

material. Thus this increase in friction is due to plastic ploughing through the soft 

amorphous layer. The increase at doses between Ix lO!5 cm·2 and 5xlO!5 cm·2 is very 

marked and much larger than the increases in friction due to low dose ion implantation 

reported in the previous chapter. The friction outside this dose range is always larger than 

the friction of the unimplanted material, and is comparable to the reported values for Ti

implanted sapphire. Thus it is tempting to attribute this rapid increase in friction to some 

other mechanism. 

9.3 Infrared Studies 

In order to investigate the ongms of these hardness and friction changes IR spectra 

were obtained from masked areas of specimens of equal thickness. Fig. 9.3.1 shows the 

spectra for all specimens between 4000cm'! and 2000cm·!. The spectra are all plotted on 

the same scale but have been displaced vertically for clarity. In this range there is a broad 
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Figure 9.3.2: Transmission infrared spectra of Ti-implanted MgO in the range 2000cm-1 

to lOOOcm-1
• The spectra are plotted with the same scale but are displaced vertically for 

clarity. The presence of the peak at 1600cm-1 is evidence that much of the OH 

contributing to the peak at 3300cm-1 is contained in molecular water. This water is 

removed at doses between lxlOl5 Ti cm-2 and lxlOl6 Ti cm-2
• 



Figure 9.3.3: Schematic representation of the surface of MgO, showing the presence of 

OH bonds due to the breakdown of adsorbed water at the surface. Further water 

molecules (and hydrocarbon greases) may become hydrogen bonded to these OH bonds, 

greatly increasing the thickness of the adsorbed layer. The ionic bonding in the structure 

is represented by solid lines whereas hydrogen bonding is shown by dotted lines. 
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Figure 9.3.4: Graph of peak area against dose for the 3300cm-1 hydrogen bonded OH 

peak in the ill. spectra of Ti-implanted MgO. At low doses there is a possible increase in 

peak area (though this may be due to changes in peak shape), whilst between lx101s Ti 

cm-2 and lxlOl6 Ti cm-2 the peak area is rapidly reduced to zero. The peak area may be 

taken as a _ rough estimate of the concentration of the species responsible for its 

production. Thus the adsorbed water is almost completely removed between these doses. 



Figure 9.3.5: A half compensated cation vacancy in MgO. Removal of a cation 

requires the distribution of two positive charges within the structure to maintain overall 

charge neutrality. One of these charges may be obtained by the capture of a proton within 

the cation vacancy forming the defect pictured. Fully compensated cation vacancies can 

be produced by the capture of a second proton. 

Figure 9.3.6: Showing the charge transfer reaction for conversion of a dissolved water 

molecule in MgO into an H2 molecule and an O~ anion. (a) (lOO) plane of MgO showing 

a fully compensated cation vacancy (the most common defect formed by dissolved water). 

(b) A hydrogen molecule and two O· anions from a charge transfer reaction. (c) The two 

O· anions convert to the lower energy O~ ion to form a stable defect (from King and 

Freund, 1983). 



peak in absorption centred on 3300crrrl that corresponds to the presence of a large 

amount of hydrogen bonded OH. In the unimplanted material this peak is more 

complicated with sharp peaks at 3385cm·1 and 3298cm·1. Though these crystals do contain 

some hydrogen impurities internally, the majority of this OH is expected to reside at or 

near the surface. On implantation, the sharp peaks begin to disappear and the broad 

H-bonded OH peak is reduced in size. Fig. 9.3.2 shows the IR spectra in the range 

2000cm·1 to lOOOcm·1. The presence of the peak at 1600cm·1, associated with the 

deformation vibration of the water molecules is evidence that much of the OH peak is 

due 10 the presence of water molecules hydrogen bonded 10 adsorbed OH (see Fig. 9.3.3) . 

This water is removed at doses below 5x101s cm·2
• There is little change in the magnitude 

of the 1600cm·1 absorption at doses below lx101s cm·2, but by 1xlOl6 cm·2 this peak has 

completely disappeared. It is over this dose range that there is the rapid increase in 

friction and thus it seems likely this increase is due 10 the removal of a layer of hydrogen 

bonded water which was acting as a lubricant. 

The area of an IR peak may be taken as a measure of the concentration of the species 

responsible for peak formation. Fig. 9.3.4 shows a plot of area of the peak centred at 

3300cm·1 and the peak centred at 1600cm-1 against dose. For the water deformation peak 

at 1600cm-1 there is an increase in peak area at 8xlOl4 followed by a decrease which 

becomes rapid above lx101s cm-z. This implies that there is an increase in the amount of 

hydrogen bonded molecular water at the lowest doses investigated here, followed by 

almost complete removal of the water between 1x101s and 1xlO16 Ti cm·2
• For the OH 

peak at 3300cm-1 the concentration increases up to 1x101s cm·2 above which it is rapidly 

reduced. This shows that whilst the molecular water is removed, the amount of hydrogen 

bonded OH increases at a dose of 1x lOls cm-2• Above this dose, both molecular water and 

OH are removed until they are below the detectable limit by a dose of 1xlOl6 cm·2
• 

The mechanisms by which this water removal takes place are as yet unknown, but a 

number of possible mechanisms can be found, some of which may be operating. 

According to Freund and Wengler (1982), MgO grown by the arc fusion process (as in 

this study) contains some ' internal water as well as that adsorbed on the surface. These 

workers report that the peak at -3300cm·1 (which is present in the IR spectrum of the 

unimplanted MgO here) corresponds 10 the presence of a partially compensated cation 

vacancy (Fig. 9.3.5). In this case a single OH" is associated with a cation vacancy though 

similar defects can occur where several OH" are associated with the vacancy. Here the 

other peaks associated with this defect are not resolved, due to the background OH 

bonded peak. On implantation the peak associated with this defect disappears and thus it 

is tempting 10 say that the defect is removed by the implantation process. Since the 

displacement damage caused by ion implantation may remove or create similar defects in 

the surface layer this is not unlikely. 
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During the implantation process, surface adsorbates will be sputtered away and these 

will have to refonn on exposure to the annosphere. According to King and Freund 

(1984), the presence of transition metal ions (as implanted) can reduce the OH" ions to 

molecular hydrogen and an ot anion (see Fig. 9.3.6) and this will result in the removal 

of OH. Indeed these workers also show that it is not necessary for there to be a transition 

metal ion present for this sort of reduction to occur. For anyone Hp molecule 

introduced into an MgO crystal one oxygen is added. This necessarily creates a cation 

vacancy, the charge of which will be preferentially compensated for by the two protons 

fonning the OH" anions. The result is the linear defect shown in Fig. 9.3.6. This complex 

may undergo a charge transfer reaction to fonn molecular hydrogen. If either process 

were to occur during ion implantation the fonnation of molecular hydrogen would result 

in a reduction of the OH signal in the IR trace. The presence of molecular hydrogen can 

be detected by IR spectroscopy, but the peak occurs at -4200cm·1 which is outside the 

range of the instrument used in this study. The removal of some OH from the system . 

would reduce the amount of hydrogen bonding between surface OH and water molecules 

and thus the amount of hydrogen bonded water would be dramatically reduced. This 

behaviour could explain the reduction in both molecular water and OH seen in the IR 

traces at doses between 1015 Ti cm-2 and 1016 Ti cm-2
• However, no direct evidence for 

this has been obtained. 

Another possible explanation comes from the work on the stability of defects in MgO 

by Colboum and Mackrodt (1982). These workers calculated that the Ti4
+ ion is more 

stable in the bulk of the material than at the surface, unless it fonns a complex with a 

cation vacancy at the surface. The calculations thus predict a marked surface enrichment 

of Ti in the fonn of (TiMg4+-V Mg) complexes. These are neutral defects and thus require no 

OH bonded to them at the surface to maintain the charge neutrality of the crystal. If these 

defects were to fonn on ion implantation the OH IR signal would be reduced and also the 

amount of hydrogen bonded water would be reduced as a consequence. This would fit the 

observations reported in this section. There is some evidence for surface enrichment of 

Ti4+ in AlP3 implanted with titanium (from XPS - Bumett, 1984), however similar data is 

not available for Ti-implanted MgO. 

The increase in friction at doses between lx1015 cm-2 and 5x1015 cm-2 is thus due to the 

increase in adhesion between the slider and the implanted MgO surface produced by the 

removal of the adsorbate layers. The decrease in friction above this dose range must be 

due to some other mechanism. However, at doses of _1016 Ti cm-2 the amount of 

displacement damage and defect fonnation and the incorporation of the implanted atoms 

will give the surface a substantially different character from the original unimplanted 

material. If some surface relaxation were to occur, the surface may readsorb a small 

amount of OH (similar to the amounts found adsorbed on other oxides such as AlP3) and 
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thus the friction would be reduced again. The effect of this small adsorbate concentration 

on the other mechanical properties (mainly hardness) would be less pronounced and is 

probably masked by the radiation hardening. 

The small peaks at 2900 cm-! correspond to CH and CC stretching modes and are 

probably due to the presence of organic contaminants. These will come from two sources, 

namely those residual contaminants not removed by the degreasing process, or those 

introduced into the specimen by the implantation process (Singer et al, 1980). According 

to Freund and Wengler (1982) all MgO crystals contain small amounts of carbon impurity 

which can cause modifications to the IR signals associated with defects in this material. 

These peaks may thus be due to carbon impurities in the unimplanted material. 

9.4 Summary and Conclusions 

From the results presented in this chapter it can be seen that the surface mechanical 

properties of Ti implanted MgO can be related to the presence of adsorbed water layers. 

At low doses the hardness of the material increases due to a reduction in the 

chemomechanical effects associated with the presence of these adsorbed layers. The 

change is most significant at doses between lxlQ!5 Ti cm-2 and lxlQ!6 Ti cm-2; above 

these doses radiation hardening becomes important and masks the effect. Similarly there is 

an increase in friction in this dose range. This increase is due to the removal of a 

substantial fraction of the adsorbed water (as detected by IR spectroscopy) which will 

result in increased adhesion between the slider and the implanted fiat. At higher doses the 

adhesion is reduced and the friction is also reduced presumably due to some structural 

changes produced by the incorporation of implanted atoms and damage into the surface 

layer of the material. 

From this it may be concluded that the changes in mechanical properties at low doses 

are due to the removal of surface adsorbates (in this case water) and the resultant 

reduction in chemomechanical effects. At high doses these changes are masked by the 

radiation damage and the presence of the implanted ions in the surface layer. As of yet 

the mechanisms by which Ion implantation removes these adsorbates are unknown. 

The results presented in the past three chapters have concentrated on the effects of ion 

implantation on model single crystal systems. The next chapter looks at these effects on 

some polycrystalline engineering materials, and relates the observed behaviour to the 

single crystal results from previous chapters. 
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Figure 10.1.1: Variation of Knoop hardness with dose for polycnstalline alumina 

implanted with 90keV Nz+. The hardness rises to a maximum at around 2xlO16 Nz+ cm':/' 

and is then reduced, presumably due to the same sort of amorphisation process that takes 

place in single crystal sapphire. 
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Figure 10.1.2: The composite damage profile produced as a consequence of the two 

different components of the N:/.+ beam. The beam consists of 25% N+ at 90keV and 75% 

N/ which is assumed to split into 2xN at 45kV (charge state unknown) at the specimen 

surface. The total damage profile will be the sum of the damage profiles due to these two 

components. The behaviour is dominated by the ions at 45keV. 



. 10. Ion Implantation of some Engineering Materials 

The work described in previous chapters has concerned the changes in surface 

mechanical properties produced by ion implantation in a range of model crystal systems. 

Structural changes such as radiation damage or amorphisation have been found to affect 

both hardness and friction, whilst the implantation induced stresses have been found to 

affect the fracture properties of the surface layer. These properties are well known for 

model single crystal systems, but the effects on the properties of polycrystalline 

engineering materials are less well known. Work by Burnett and Page (1985; 1987) has 

shown that the hardness of partially and fully stabilised zirconia (PSZ and FSZ), Sialon, 

REFEL SiC and WC/Co cennets is reduced on amorphisation and some radiation 

hardening occurs at lower doses as might be predicted by analogy with single crystal 

studies. The fracture behaviour was much more complex - both PSZ and Sialons showed 

reduced toughness after implantation whilst FSZ and REFEL SiC showed increased 

toughness as expected from the compressive stresses induced by ion implantation. 

The work described in this chapter extends the range of engineering material studied, 

. and presents some friction data for WC/Co for comparison with the single crystal results 

in chapter 8. 

10.1 Polycrystalline AI20 3 

This material was supplied as a fully dense, high purity alumina. However, analysis by 

EDX in the SEM revealed that the material contained a high proportion of silicon. X-ray 

diffraction revealed lines due to a-Alp3' but also another set of lines which were indexed 

as those of mullite (3Al
2
0

3
:2Si0

2
). Careful EDX of the centre of grains and grain 

boundaries shows that the material consists of a-Al ° grains with a thick film of mullite 
. 2 3 

at the grain boundaries. 

Since the usual methods of detennining whether the material has become amorphous 

after ion implantation (RBS, WACP etc.) cannot be used for poly crystalline materials, the 

dose at which amorphisation occurred was inferred from the hardness behaviour. Fig. 

10.1.1 shows a plot of hardness against dose for 90ke V N
2
+ implantation of this 

polycrystalline alumina. From this data it can be seen that hardening is observed at low 

doses, but by 1017 N
2
+ cm-2 an absolute softening has occurred. The amorphisation dose is 

somewhere between 1016 N + cm-2 and 5x1016 N + cm-2• In order to calculate the CECA for 
2 2 

this material it is necessary to calculate a composite damage profile for the two 

components of the beam (25% N+ at 90keV, 75% N
2
+ at 90keV which splits to 2xN at 

45keV on implantation) . Fig. 10.1.2 shows the composite damage profile which is 

dominated by the damage due to the 45keV ions. Indeed the 90keV ions cause extra 
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Figure 10.1.3: Variation of the amorphous layer thickness with dose for sapphire as 

calculated numerically by the model of Bumett and Page (1984a) using the composite 

damage profile in the previous figure and an average value for the critical amorphisation 

energy for sapphire (7xlO23 keY cm·3
). The dose at which amorphisation starts is 

determined by those N ions which enter the surface at 45keV and thus the damage energy 

and deviation for these ions have been used to calculate this from the critical 

amorphisation energy for sapphire. The effect of the N+ at 90ke V is to thicken the 

amorphous layer at high doses. 
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Figure 10.1.4: Variation of Knoop microhardness with dose for single crystal sapphire 

implanted with 90keV Nz+. The hardness maximum occurs at around 5x1016 Nz+ cm·z 

which is at a higher dose than the corresponding implant in polycrystallinematerial. 
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Figure 10.1.5: Plots of Integrated stress against dose for poly crystalline alumina (PCA) 

and single crystal sapphire (SCS) implanted with 90ke V N/. The compressive stresses 

were determined by the indentation fracture method using 500g Vickers indentations. The 

stress maximum for the polycrystalline material occurs at a lower dose than that for the 

single crystal material. 



thickening of the amorphous layer at the highest doses. From this it can be seen that the 

CECA may be calculated using the range and energy data for the 45keV N ions. 

An amorphisation dose of 1x1016 Nz+ cm·2 corresponds to a critical amorphisation 

energy density of 3.57xlOz2 keY which is much less than the value determined for (1012) 

sapphire. From the value of the CECA and the composite damage profile, the dose 

variation of the thickness of the amorphous layer may be calculated numerically based on 

the model of Burnett and Page (1984a). Fig. 10.1.3 shows a plot of the calculated values; 

from this it can be seen that the effect of the 90keV ions is only important at high doses. 

Fig. 10.1.4 shows the hardness/dose behaviour for single crystal sapphire implanted 

with Nz+. From this figure the amorphisation dose can be estimated to be -2xl017 N
2
+ cm,2 

which gives a CECA of 7xlO23 keY cm,3 by the same approaches as for the 

polycrystalline material. This is very similar to the CECA values obtained for 

implantation of other ions into (1012) sapphire and much larger than the value for the 

polycrystalline material obtained here. Indeed the CECA value for the polycrystalline 

material is very small compared even to the results for (0001) sapphire. The reason for 

this may be due to the amorphisation of the grain boundary mullite material at lower 

doses than the amorphisation of the alumina grains. 

Fig. 10.1.5 shows the surface stress behaviour for this material and single crystal 

sapphire. For the single crystal sapphire the length of the radial cracks is reduced on 

implantation, because of the presence of surface compressive stresses. For the 

polycrystalline material the stresses generated (as calculated from the indentation crack 

method of Lawn and Fuller (1984)) are comparable to those in the single crystal sapphire 

at high doses. However, at low doses the stress peak for the polycrystalline material 

occurs at a lower dose (1xI016cm'2) than in the single crystal. Presumably this is because 

there has been some stress relaxation in the grain boundary material which has been 

amorphised. 

At the highest doses, where amorphous layers are produced for both materials, the 

stresses in the polycrystalline material are smaller than those in the single crystal 

sapphire. Presumably this is because some extra stress relaxation is possible in the grain 

boundary material. However, whether it is the presence of grain boundaries, or the fact 

that there is a second phase (in this case mullite) at the grain boundaries which is 

responsible for the stress relief, cannot be determined from this data. 

In summary, the behaviour of this polycrystalline material is very similar to that of 

single crystal sapphire, though some extra effects due to the presence of grain boundaries 

have been observed. 
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Figure 10.2.1: Variation of Knoop hardness with dose for 100 keV C+ implanted Si3N~. 

The hardness is less than the unimplanted value for all doses investigated in this study, 

though there is an increase in hardness at 5xlO17 C+ cm·2 which increases the hardness to 

close to the unimplanted value. This is attributed to the formation of a new SICALON 

phase in the implanted layer of the material. 

E 10-3 
ro 

0.... 
~ 

---(/) 
(/) 

10-4 QJ 
L 
+-
V) 

""D 

Si3N4 QJ 
4-
ro - 5 L 10 j3 en 

1014 1015 1016 1017 1018 QJ 10 
4-
C 

Dose I C+ cm-2 t---t 

Figure 10.2.2: Plot of Integrated stress against dose for c+ - implanted Si3N4 as 

determined by the indentation fracture method. The compressive stresses are 

approximately constant, except at the dose where the hardness increases, where some 

stress relief occurs and no surface stresses are detectable by this method. 
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Figure 10.3.1: Variation of Knoop microhardness with dose for 400keV Ti-implanted 

WC-9%Co hardmetal. The hardness increases to a maximum at around 4x1016 Ti cm·2 and 

is reduced above this dose. This implies that a similar amorphisation process to that 

observed in crystalline ceramics is taking place in the WC grains within the material . 

20 

E 
::L -- 15 

...c 
4-
""0 

3: 10 
...c 
u 

4-
ro 5 L 
U 

U') 

o 

1 
\ 

\ 
\ 

-r", 

wc/Co • 25g 
.50g 

10
17 

Dose /T( cm2 

Figure 10.3.2: Variation of the width of scratch tracks produced by a diamond cone 

with dose for Ti-implanted WC/Co. As expected from the hardness results the track 

widths are reduced to doses around 4x1016 Ti cm·2 when they are increased again due to 

the presence of softer amorphous materiaL 
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Figure 10.3.3: Plots of the measured coefficient of friction against dose for diamond 

cones scratching Ti-implanted WC/Co flats . Also plotted is the ploughing component of 

friction calculated from the scratch track widths according to the model of Suh, and the 

scratch track widths and measured hardness according to the model of Bowden and Tabor 

(see section 8.2). As for the single crystal materials the measured friction increases with 

dose up to a maximum whereas the ploughing friction drops to a minimum in the same 

dose range. Thi-s shows the increasing importance of adhesion friction for the damaged 

but crystalline material. On amorphisation the measured friction drops showing that 

adhesion to the amorphous material is much less pronounced. 



10.2 Si3N4 

From the observations of Bumett and Page (1985) on the amorphisation of sialons this 

material was expected to amorphise at a dose of 1.3xlOl6 c+ cm·2 for 100keV 

implantation. However, the hardness results in Fig. 10.2.1 show that amorphisation has 

occurred at doses below 5x1014 c+ cm·2. This would predict a critical amorphisation 

energy density of~1.8x1021 keY cm·3
• The precise amorphisation dose is probably well 

below this, but neither the present results nor the results of Bumett and Page (1985) 

extend to low enough doses to deduce anything further about this. 

One surprising observation is the dramatic increase in hardness at a dose of 5x1017 C 

cm·2. X-ray diffraction results do not show any new phase formation or any changes in 

the amount of ex and ~ phases. This increase in hardness occurs at a very similar dose to 

the rapid softening of amorphous SiC implanted with N2+ at 90keV observed by Roberts 

(1982) and Bumett and Page (1987). This drop in hardness was attributed to blistering 

following the formation of nitrogen bubbles. A similar change in surface stress properties 

at doses of 5x1017 C cm·2 is shown in Figure 10.2.2. The integrated stress (as determined 

from radial crack measurements) is approximately constant at lower doses, but there is 

significant stress relief at this dose. 

One possible explanation for these observations is the formation of a SICALON at this 

dose with impurities and sintering agents from the Si3N4 providing the oxygen and 

aluminium required. These materials are discussed by Cutler et al (1978). However, no 

direct evidence for the formation of this phase was found. 

10.3 WC/Co 

This material (VIC/9%Co) was implanted with 400keV Ti in the dose range lx1016 to 

5x1017 Ti cm·2. Fig. 10.3.1 shows the measured hardness variation with dose. The 

hardness increases up to a dose of 4x1016 Ti cm·2 when it begins to decrease. The increase 

is due to radiation hardening of the WC particles (damage annealing is likely to be 

significant in the Co phase) and the reduction in hardness above this dose is due to their 

amorphisation. These resuits are similar to the results of Bumett and Page (1985). 

In order to see if the friction results of chapter 8 could be applied to this material 

scratches were made with 150J.Ull tip radius diamond cones. The widths of the scratch 

tracks made by the diamond were measured at each dose and the ploughing friction 

calculated from the models of Suh (1985) and Bowden and Tabor (1954). The scratch 

track widths are shown in Figure 10.3.2. Loads of 25g and 50g were chosen because 

these were found to give scratches that lie predominantly in the implanted layer. The 

scratch widths decrease up to a dose of 4x1016 Ti cm·2 (as expected from the hardness) 

and increase again above this. Fig. 10.3.3 shows the measured friction and the ploughing 

friction calculated from the two models. For a load of 25g the measured friction increases 
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Figure 10.3.4: Variation of coefficient of friction with dose for (a) WC/Co and (b) 

sapphire spheres sliding on Ti-implanted WC/Co flat. For the WC/Co sphere the friction 

increases up to a maximum at the dose at which subsurface amorphisation takes place, 

whereas for the sapphire sphere the friction increases up to the dose at which the 

amorphous layer extends to the surface. For the WC/Co sphere the friction increases again 

at very high doses due to pronounced ploughing through the soft amorphous layer. 



Figure 10.3.5: Reflected light micrograph of the scratch track produced by a WC/Co 

sphere sliding on a 5x1017 Ti cm-z implanted WC/Co flat at a load of 50g. A visible 

scratch track is produced showing that some plastic deformation has occurred. 
material. 

tU 
0... 
L.:J --
£20 
01 
c 
QJ 
L 

tJ)15 
L 
m 
QJ 

6j10 
--' 
m 
u 
m 5 

'+
L 
W 

4-
C 

........ 0 
o 1d7 

Dose IT( cm2 

Figure 10.3.6: Plots of calculated interfacial shear strength against dose for Ti

implanted WC/Co scratched with a diamond cone. This was calculated from the adhesion 

friction (the difference between the observed friction and the ploughing friction) using the 

model of Suh (1986). The interfacial shear strength increases to a maximum at the onset 

of amorphisation and then is reduced as the diamond comes into contact with amorphous 



Sphere Flat Contact Area 
J.UIl2 

Sapphire Sapphire 566 
Steel Sapphire 774 

WC/Co Sapphire 658 

Sapphire WC/Co 658 
WC/Co WC/Co 744 

Table 19: Hertzian Elastic Contact Areas 



up to 8x1016 Ti cm·2 and then decreases. For the SOg load the friction increases at a dose 

of 1016 Ti cm·2 and decreases above this dose. The calculated ploughing friction is much 

less than the measured friction indicating the importance of adhesion in the friction of this 

material. For the 2Sg load the ploughing friction is minimum at a dose of 8x1016 Ti cm·2 

whilst for the SOg load the minimum is at 4x1016 Ti cm·2
• It thus appears that as for the 

single crystal materials, ion implantation increases the adhesion between slider and 

implanted fiat, up to the dose when amorphisation starts. 

To investigate this increase in adhesion friction passes were also made with sapphire 

and WC/Co spheres. The measured friction is shown in Fig. 10.3.4. For the WC/Co 

spheres, the friction increases up to a dose of 4x1016 Ti cm·2 and is then reduced. There is 

an increase in friction at the highest doses due to some ploughing of the sphere through 

the soft amorphous layer. Visible scratch tracks are produced in this situation (Fig. 10.3.5) 

whereas none could be found at lower doses. For the sapphire sphere the friction 

increases up to a dose of 8x1016 Ti cm·2 before it begins to be reduced. This is a higher 

dose than that at which amorphisation starts and thus could be where the amorphous layer 

extends to the surface. The friction coefficients are higher than for the WC/Co sphere. 

The fact that for the WC/Co sphere the adhesion is maximum at the onset of 

amorphisation rather than when the amorphous layer reaches the surface (at a dose of 

1.2xl017 Ti cm·2
) is similar to the case for the WC/Co sphere sliding on the sapphire fiats 

in chapter 8. The behaviour for the sapphire sphere sliding on the WC/Co fiat shows 

similar trends to those for the sapphire sphere sliding on the implanted sapphire fiat. Thus 

the difference in friction behaviour is a function of the sphere material. The Hertzian 

contact area for the sapphire sphere sliding on the WC/Co fiat will be smaller than the 

contact area for a WC/Co sphere sliding on an identical fiat (see Table 19). Thus the 

normal pressure on the asperities in the contact region will be larger for the sapphire 

sphere and the adhesion between this sphere and the WC/Co fiat is expected to be larger. 

This is consistent with the friction behaviour in Fig. 10.3.4. On amorphisation, the 

reduction in the elasticity of the amorphous material will result in an increase in the 

contact area and the stresses on the asperity tips will be reduced. Thus it is expected that 

the true area of contact (and hence the adhesion) between the two materials will be 

reduced and the measured friction will drop. This is observed for the WC/Co sphere; 

whilst the amorphous layer is still beneath the surface, the increase in adhesion between 

the sphere and fiat is greater than the reduction in true contact area for the sapphire 

sphere and the friction continues to increase. 

Thus the difference in behaviour may be explained by the difference in the 

deformation of asperities. However, it has not proved possible to find any experimental 

confirmation of this mechanism since the amount of asperity deformation is too small to 

be visible either by SEM or surface profilometry. 
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10.4 Summary and Conclusions 

From the results from the materials studied here and the earlier work of Burnett and 

Page (1985) it can be seen that the behaviour of these ion-implanted engineering materials 

is similar to the behaviour of the model single crystal systems on which the majority of 

work has been performed. The occurrence of both implantation-induced hardening and 

amotphisation can be inferred from the microhardness data, and surface stresses may be 

measured using the indentation fracture method of Lawn and Fuller (1984). This simple 

behaviour is modified by the presence of grain boundaries and grain boundary phases. For 

an N-implanted polycrystalline alumina with mullite at the grain boundaries, the hardness 

maximum occurs at a lower dose than for single crystal sapphire implanted under the 

same conditions. This is attributed to preferential amotphisation and hence softening of 

the grain boundary material. In this case much of this grain boundary material is 

crystalline initially (Mullite) though in all polycrystalline materials there is at least a small 

amount of glassy material at the grain boundaries. This is expected to undergo a similar 

softening to the implanted glasses reported in chapter 7, once a critical damage level has 

been reached. C-implanted Si3N4 shows no unexpected behaviour at low doses, but at the 

highest dose investigated there is a dramatic increase in hardness. The reason for this 

increase is unknown but it may be due to the formation of a new phase in the implanted 

layer. The friction and hardness behaviour of Ti-implanted WC/Co was found to show the 

same trends as the behaviour for Ti-implanted sapphire. This shows the importance of 

both the slider and fiat materials, and the nature of the contact between them, in 

understanding the wear behaviour of those materials. 

Thus, in conclusion, these results show the importance of both the microstructure and 

bonding in ceramic materials, if the effects of ion implantation in these materials are to 

be understood. Observations of single crystal materials can provide a useful understanding 

of the properties in poly crystalline engineering materials, though the role of the 

microstructure must be assessed for a larger range of materials before the effects can be 

fully understood. 

The hardening of ceramics by ion implantation has been attributed to both radiation

induced hardening and solid solution hardening. These mechanisms will be sensitive to 

the location and charge state of the implanted ions and thus it is necessary to determine 

these if the hardening behaviour is to be fully understood. The next chapter presents the 

results of some EXAFS/XANES and Auger studies of the charge state of titanium in Ti

implanted sapphire. 
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Figure 11.1.1: Flourescence (F) and transmission (T) spectra recorded in the vicinity of 

the titanium K-absorption edge in various samples. (a) Ti+-implanted (1012) sapphire (F). 

(b) Ti+-implanted (1012) sapphire after annealing at 1150°C for 2 hours (F). (c) Titanium 

metal (T). (d) Ti0
2 

(F). (e) Ti0
2 

(T) . (t) TiP3 (F). (g) TiP3 (T). (h) TiO (F). (i) TiO (T). 

In most cases, both the linear background fits (above the edge) and the pre-edge 

polynominal fits are shown. 
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11. The Charge State of Implanted Ions 

In ceramics, solid solution hardening is known to depend on the charge state and the 

detailed environment of the solute species within the solvent (Mitchell and Heuer, 1977). 

Thus it is necessary to investigate both the charge state and location of implanted · atoms if 

the effects of ion implantation on this hardening mechanism are to be understood. 

Any investigation technique needs to be capable of providing sub-surface information 

(since considerable structural relaxation may occur at the surface). There are two ways 

this may be achieved. One is to use a surface specific technique such as Auger Electron 

spectroscopy combined with some depth profiling technique such as sputtering. This has 

the advantage that it gives depth profiles of the implanted species, though if sputtering is 

used the charge state of these species may be changed by the sputtering process. The 

other is to use a non destructive technique which gives information about the complete 

range of charge states within the layer,integrated over its thickness. X-ray absorption 

methods seem to be particularly useful for this; though they give no depth information, 

the absorption edge for a particular element can be selected and some · structural 

information can be determined from the X-ray Absorption Near Edge Structure (XANES) 

and the Extended X-ray Absorption Fine Structure (EXAFS). These techniques are 

described in chapter 5. 

The results presented in this chapter compare the results of the two types of techniques 

for the investigation of 300kV Ti-implanted sapphire implanted to a dose of 2.3xlO17 Ti 

cm·z. 

11.1 XANES 

Fig. 11.1.1 shows the titanium absorption edges for the 2.3xlO17 Ti cm'z sapphire in the 

as-implanted state (Fig. 11.1.1a), and after annealing for 2 hours at 1150°C (Fig. 11.1.1b). 

Also shown in this figure are the spectra of a number of standard materials including 

titanium metal (Fig. 11.1.1c) and various oxides of titanium (Figs. 11.1. Id-i). At the 

absorption edge in the as-implanted specimen there is a single broad strong peak with 

little subsidiary structure. The energy of this peak is between the energies of the doublets 

observed in the oxide standards (e.g. TiOz' Fig. 11.1. Id, e). Although these standards all 

show a doublet on the edge there is some variation in height and width between them. 

The TiO and Tiz0 3 
peaks are of different heights whilst the peaks in TiOz are the same 

height but have different widths. The structure of the standards is the same whether 

measured by fluorescence or by transmission, though the latter technique is much less 

noisy. 
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Figure 11.1.2: Weighted (xk3
) EXAFS spectra (a, c, e, g, i, m, 0) together with the 

moduli (lines) and real parts (dots) of the corresponding Fourier transforms (b, d, f, h, j, 1, 

n, p) for the fluorescence (F) and transmission (f) spectra shown in Figure 11.1.1. The 

transmission spectra are less noisy than the fluorescence spectra and the shifts in the 

Fourier transform peaks resulting from this noise give a measure of the experimental 

error. The dashed window in (b, d, f, h, j, 1, n, p) is located on the first shell radius. 



By comparison between the implanted specimen and the standards, the structure of the 

implanted titanium cannot be identified with any single oxide standard. This suggests that 

the titanium is present in a range of charge states as might be expected from the range of 

damage levels produced by ion implantation. After annealing there is a dramatic change 

in the appearance of the near-edge structure. Two equally large peaks are produced which 

suggests a shift towards the structure of the Ti O
2 

standard. 

From these results it can be seen that the XANES signal provides a convenient way of 

characterising the chemical state of solute atoms, provided that a suitable range of 

standards is available for comparison. Similar chemical information is available from the 

EXAFS signal and the tentative chemical characterisation presented in this section should 

find some confirmation in the EXAFS results. 

11.2 EXAFS 

The height of the edge above the background for the fluorescence data for the 

implanted specimens (Fig. 11.1.1 a, b) are smaller than those for the standard specimens 

(Fig. 11.1.1d, f, g). From the spectra in Fig. 11.1.1 the background was subtracted by an 

extrapolated linear fit ~b below the edge and a polynomial ~o(k) was fitted to the data I(k) 

above the edge. The dimensionless fine structure function is then given by 

X(k)=I(k)-~o(k) 

~O(k)-~b(k) 

[11.1] 

For the fluorescence data, I(k) was taken as the ratio of signal intensity!incident intensity 

and for the transmission data it was taken as the optical density (=In(IjI)). Before Fourier 

. transformation the spectra were converted to the corresponding energies and a point of 

zero energy was consistently and arbitrarily located at 2/3 the absorption-edge height. 

Finally the energy of this point was subtracted from the energy abcissae before conversion 

to momentum (k) space (see Fig. 11.1.2). 

The EXAFS signal consists of weak oscillations of the absorption coefficient above the 

absorption edge due to the interference of excited electrons with that part of their waves 

backscattered from surrounding atoms. The oscillations have periodicity of 2kR where R 
J J 

are the radii of the shells of atoms surrounding the characteristically excited one and k is 

the wavenumber of the excited electrons concerned. 

Following Lee and Pendry (1975) the fine structure function may be written as 

x(k)=(NJR)lf(k)i2cos(2kR+20 +ll)ecrVe)'Rj 
J J J J 

[11.2] 

where N. is the coordination number of shell j, f(k) is the backscattering structure factor, 
J 
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Figure 11.1.3: A graphical representation of the (R-a) values measured by EXAFS 

plotted as a function of the nominal charge state (left-hand side) and coordination). (R-a) 

values for the as-implanted and implanted-and-annealed samples are shown as vertical 

lines. The right-hand side of the diagram shows the reported first shell radii for titanium 

ions in the TiO, TiP3' and Ti0
2 

(from Wyckoff. 1964). The shaded regions show the TiO 

bond length ranges in TiP3 and the polymorphs of Ti0
2 

(brookite, A; anatase. B; and 

rutile, C) . The value of a is seen to be virtually constant for the TiO and Ti0
2 

standards 

and less reliable for TiP3 (data point bracketted) because of the overlapping second shells 

(see text). Using the TiOjfiO value of a, R values have been calculated for the as

implanted and implanted-and-annealed samples and are again shown as vertical lines. For 

the as-implanted sample. R is seen to lie between the values for TiO and TiP3' while 

annealing shortens R towards the Ti0
2 

value. 

Oxide Bond length/A. 

TiO 2.088 

TiO 
2 3 

2.01-2.08 

TiO/rutile) 1.95-1.98 

Ti0
2
(anatase) 1.91-1.95 

Ti0
2
(brookite) 1.87-2.04 

Table 20: Ti-O Bond Lengths in the Oxides of Titanium 
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o is the phase shift encountered by electrons within the emitting atom potential, and 1'\ the . 

phase shift at the scattering atom and the exponential terms are the Debye-Waller factor 

and a term describing the absorption of the emitted wave by its surroundings. By writing 

the phase shifts in this equation as a linear approximation (Teo and Lee, 1979) 

[ 11.3] 

it will be seen that the real part of the Fourier transform 

r(R)= JX(k)exp(i2kR +b )dk [11.4] 

gives delta functions at R=R-a broadened by the Debye-Waller factor and the absorption 
) 

factor, as well as by truncation. This truncation also causes the imaginary part of the 

transform to be non zero. The constants a and b might be expected to depend on charge 

state, though calculations (Tebby et al, 1984) indicate that a is independent of charge 

state. The modulus of the Fourier transform is found to be independent of b. This 

modulus may be regarded as a kind of radial distribution function and so changes 

observed in peak positions in the Fourier transforms of the measured fine structure can be 

interpreted directly as changes in shell radii. 

Fig. 11.1.2 shows the data for the implanted specimens and all the standards analysed 

using the same truncation limits. It can be seen that the transformations of the more 

statistically reliable transmission data are very similar to the transforms of the 

corresponding fluorescence spectra. The difference in peak positions between fluorescence 

and transmission transforms can be taken as a measure of the errors in peak positions (in 

this case ""O.004nm). Values of the first shell radius for the implant can be determined by 

comparison with the atomic separations in the various titanium oxides. Values of (R-a) 

are determined from the Fourier transforms by taking the peak centres as being the 

bisector of the 0.75 peak height widths for all transforms except those from TiP3 in 

transmission where the 0.85 peak height width was used due to the overlap of the first 

and second atom shells. 

Fig. 11.1.3 shows these (R-a) values for the Ti-O standards plotted against nominal 

charge state (i.e. +2 for Ti in TiO etc.). As well as these values, the values for the 

implanted and annealed sample are shown as vertical lines. In order that the value of a be 

calculated and the shell radius R determined, these values must be compared with the 

known bond lengths in the standards. The bond lengths of the TiO oxides are given in 

table 20 (Wyckoff, 1964). The parameter a may be calculated from the difference between 

these values of R and the EXAFS (R-a) values. For both TiO (a=0.45A) and the mean 

value of the three Ti0
2 

polymorphs (a=0.46A) the agreement is good, however, for TiP3 
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differential spectrum. The peak-to-peak height in the differentiated spectrum can be used 

to determine the concentration of the atom responsible for the peak (see section 2.1.5.2). 
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though it may have been reduced during the sputtering process_ Both oxidation states 

show an approximately gaussian depth profile below the specimen surface. 



the agreement is less good, presumably because of the overlapping of the first and second 

shells. If the TiP3 data is thus regarded as unreliable the similar values independent of 

charge state as assumed earlier. 

Using a mean value of a (a=0.455A) the first shell radii of the implanted and annealed 

specimens were calculated. For the as-implanted sample the Ti-O bond length lies 

between the values for TiO and Ti O. On annealing it moves towards the Ti0
2 . 2 3 

polymorphs. There is no simple agreement between the implant shell radius and any of 

the standards and thus there is some disorder in the titanium charge state and hence in the 

structure around the implanted atom. On annealing, some higher shell structure is 

developed (e.g. at 3.3A in Fig. 11.1.2d as compared to Fig. 11.1.2b) indicating that some 

ordering has occurred, but the Ti-O bond length is still much larger than in unimplanted 

sapphire showing that all the titanium is not simply substituted in the AlP3 structure. 

Thus it can be seen the the EXAFS results confirm · the XANES results of the previous 

section. The implanted atoms occupy a range of sites of undefined charge state especially 

in the as-implanted state. The annealing during implantation is thus not sufficient to 

render the structure perfect even at the atomic scale. 

11.3 Auger Electron Spectroscopy 

In order to look at the depth profile of the charge state of the implanted titanium ions, 

a 5x1017 Ti cm·2 implanted specimen was investigated by Auger Electron Spectroscopy 

(AES) combined with sputter depth profiling CAr beam, 3keV, 50llA cm·2
) . In order to 

discriminate the Auger signal from the slowly varying background in the energy spectrum 

N(E), an electronic differentiation of the energy distribution is usually performed and 

dN/dE is displayed. This is shown in Fig. 11.2.1. Since Auger is an inner shell excitation 

process, AES can be quantified (see section 2.1.5.2) and the measured peak-to-peak height 

for each Auger transition can be converted to an atomic concentration using Auger 

sensitivity factors from the PEI handbook (Ed. Davis, 1976). 

Fig. 11.2.2 shows the depth profiles determined by this method. Only Ti+ and TF+ 

transitions could be found in the Auger signals. This is presumably due to the fact that 

the higher oxidation state ions are reduced by the sputtering process. Such reduction 

reactions are known to occur during sputter depth profiling of oxides (Mathieu, 1984). 

The profile of the implanted ions is approximately Gaussian for each charge state as 

expected from the implantation concentration profile. This fits with the observations from 

the previous section that the implanted titanium is present in a range of charge states 

below the surface. The total titanium concentration predicted by this method is nearly 60 

atom % at the peak of the Gaussian profile. The titanium to oxygen ratio at this depth is 

about 3:1 implying that areas of metallic titanium have formed below the surface. The 

surface of the specimen looks shiny and metallic and thus it seems likely that some 
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metallic bonding has fonned below the surface. No evidence for metallic bonding was 

found from the XANES spectra (the Ti-metal spectrum (Fig. ll.l.lc) is completely 

different from the spectrum for the implanted material (Fig. ll.l.la». It may be that the 

concentration of Ti metal is low enough that its presence is masked by the Ti-O bonding 

that also contributes to the XANES signal. 

Other workers have discovered that implantation with metal ions gives metallic regions 

in the substrate. For instance Perez et al (1982) found that Fe implantation into MgO 

produces predominantly Fe2+ with some Fe3+ and metallic iron using Mossbauer 

spectroscopy. The proportion of the states present was found to be dependent on the dose. 

Similar results were found by McHargue et al (1987) for Fe implantation into sapphire. 

As the ratio of Fe/Al (and hence dose) increases then there is an increase in the Fe3
+ and 

metallic Fe concentration whilst the Fe2t concentration is reduced. The proportion of 

metallic Fe increases rapidly above 5xlO16 Fe cm·2
• If similar behaviour were to occur for 

Ti-implantation the 5xlO17 Ti cm·2 would be expected to contain a higher proportion of 

metallic Ti than the 2.3xlO17 Ti cm·2
• This is observed here, however the doses are much 

higher than those used in the McHargue study. No evidence for metallic titanium has 

been found by other techniques (e.g. XRD or TEM) presumably because the regions of 

metallic Ti are too small to be detected by them. 

The presence of titanium metal in the surface of implanted sapphire specimens would 

be expected to reduce the hardness of the surface layer- However, the doses at which 

metallic titanium can be created are sufficiently high that the material will have been 

amorphised before it is fonned. Thus the softening due to amorphisation may also contain 

a component of softening due to the fonnation of metallic regions. Such metallic regions 

could also be responsible for some of the stress relief produced on amorphisation. 

11.4 Summary 

From the preceding sections it can be seen that titanium exhibits a range of charge 

states and is located in a variety of site types in a disordered AlP3 matrix. The precise 

charge state depends on the measurement techniques since Auger and XANES/EXAFS 

show different species present in implanted surface (and the XPS observation of Bumett 

(1984) show that the Ti is present as Ti4+, at least in the surface layer). However, there is 

some evidence from the work of McHargue et al (1987) that the charge states are also 

dose dependent and thus a more detailed study of the variation of charge state with dose 

for Ti-implanted sapphire is needed if the charge states of the implanted ions and their 

effect on hardening mechanisms are to be fully understood. 
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12. Summary, Conclusions and Further Work 

Tills chapter presents a overall summary of the results presented in this dissertation and 

makes some general conclusions based on this. More detailed summaries may be found at 

the end of the previous six chapters. 

The changes in mechanical properties of ceramics by ion implantation have been found 

to be dependent on the temperature at which implantation was carried out. The most 

important effect this has is to change the dose at which amorphisation is detected after 

implantation, by changing the amount of annealing that occurs during the implantation 

process. In some materials (e.g. MgO), annealing of damage can be significant even if 

amorphisation has not yet occurred, provided the temperature is high enough. This can be 

seen from the reduction in hardness of the specimens at high temperatures for all the 

doses investigated. The amorphisation behaviour will only be important at the highest 

doses. In other materials (e.g. AlP3) only changes in amorphisation behaviour were found 

to have significant effects on mechanical properties. This amorphisation behaviour has 

also been found to be dependent on the orientation of single crystal specimens. 

Surface topographic features are developed dUling high dose ion implantation, 

particularly where the damage levels are high. Of the features noted here, crazes form due 

to the thermal expansion mismatch between amorphous surface layers and the bulk, whilst 

blisters form in response to compressive implantation induced stresses. 

The mechanical properties of ion implanted soda-lime-silica glass are more complicated 

than the properties of crystalline materials. At low doses there is a decrease in hardness 

and an increase in surface stress which have been attributed to the electronic damage 

produced by ion implantation. At higher doses the hardness increases again and a 

maximum is produced, similar to the behaviour observed for crystalline materials. 

Similarly there is a second stress peak at tIlis dose. This behaviour is due to the 

displacement damage produced by ion implantation and is thus similar to the behaviour of 

ion implanted crystalline ceramics. 

The friction behaviour of ion-implanted ceramics is dominated by the effects of 

adhesion at doses up to the onset of amorphisation. Above this dose, ploughing becomes 

more important, due to the fact that the adhesion between the slider and amorphous 

material is lower than between the slider and crystalline material, and the fact that the 

ploughing friction coefficient is increased by the presence of the softer amorphous 

material. The friction behaviour for a particular slider/flat combination will depend on the 

properties of both the slider and flat, together with the nature of the interface between 

them. 
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Ion implantation reduces the chemomechanical effect in low dose Ti-implanted MgO 

by drastically reducing the amount of adsorbed water on the surface of the material. This 

reduction is accompanied by an increase in both hardness and friction. However, at higher 

doses this effect is masked by the radiation damage and implanted ions introduced by the 

implantation process. 

The effects of ion implantation on some engineering ceramics have been found to be 

very similar to the effects in model single crystal systems. However, superimposed on 

these effects are microstructural dependences such as the presence and properties of grain 

boundary phases. 

EXAFS/XANES and Auger studies have shown that the titanium in Ti-implanted 

sapphire is present in a range of charge states and is located on a range of site types in a 

disordered Alp) matrix. There is a concentration profile of each individual charge state 

below the surface which is very similar to the Gaussian concentration profile of the 

implanted atoms. 

From these observations a number of conclusions may be drawn if ion implanted 

ceramics are to be used in tribological applications:-

(1) The thickness of the material layer is sufficiently small that ion implanted 

components can only be used for applications where the wear rates are sufficiently 

small that the implanted layer is not completely removed within a component's 

lifetime. 

(2) The suppression of lateral and radial fracture around scratches will reduce the 

susceptibility of ceramic components to brittle abrasive wear. 

(3) The hardening of the surface layer will reduce the susceptibility of the surface to 

plastic abrasive wear. 

(4) The increase in adhesion due to low dose ion implantation may well result in an 

increase in adhesive wear. However, the reduction of the surface adsorbate 

concentration will result in a reduction in the wear rate of materials where 

chemomechanical effects are important. 

(5) The production of surface topography during ion implantation (crazes, blisters) will 

in general result in increased wear rates and should thus be avoided. 

(6) If ion implantation is to be used in tribological applications it will be necessary to 

consider both the contacting materials and the nature of the contact they make, as 

this will determine the wear mechanisms which operate. 
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Ion implantation is thus a versatile treatment for changing the physical and chemical 

properties of the surface of a material. It has been shown in the previous chapters that ion 

implantation can have a significant effect on wear resistance and thus in some specific 
situations it may be a useful surface treatment technique for ceramic components. 

12.1 Further Work 

There are a number of ways in which ion implantation can be used to modify the 

mechanical properties of ceramics but in general some work is still required in order that 

these be understood. Though the mechanical properties of ceramics in the as-implanted 

state have been investigated in some detail, relatively little is known about the effects of 

post implantation annealing on these properties. Further work in this area would be useful, 

particularly on the variation of friction coefficient with annealing time since this will be 

affected by the changes in surface bonding produced by the annealing process. 

For the as-implanted ceramics a number of areas of further study can be identified. 

(1) Hardness - the importance of radiation-induced hardening is well established, 

however, relatively little is lmown about the mechanisms by which the hardening 

occurs. Though the hardness increase in a particular material correlates quite well 

with the energy deposited in displacement processes, there are many deviations from 

this simple behaviour due, perhaps, to other hardening mechanisms which need 

investigation. Implicit in our understanding of these hardening mechanisms must be 

a knowledge of the location and charge state of the implanted ions. Thus a detailed 

study of the location and charge of the implanted ions as a function of dose is 

necessary if we are to fully understand the changes in hardness produced by ion 

implantation. 

(2) Surface Stresses - if we are to understand the fracture properties of implanted 

surfaces then a better understanding of the implantation induced stresses is 

necessary. This should include a reasonable stress field model which may be used to 

predict how, for instance, implantation induced stresses will interact with the stresses 

associated with hardness indentations to change the indentation fracture behaviour of 

the implanted material. 

(3) Friction and Wear - the work presented in this dissertation has raised a number of 

questions about the frictional behaviour of implanted ceramics which may well be 

important if the wear behaviour of implanted ceramic components is to be 

understood. The mechanisms by which ion implantation affects the adhesion between 

sliders and implanted flats are as of yet unknown, though a possible explanation 

could come from studying the removal of surface adsorbate films by ion 

implantation. The reasons for adhesion at the interface in both implanted and 
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unimplanted ceramics remain uncertain, as do the mechanisms by which ion 

implantation removes the adsorbed water from MgO. Further work is necessary to 

detemline these. Another important area where work is necessary is in the 

understanding of the interplay between the different friction mechanisms in ceramics 

and how the balence between the various mechanisms is changed by ion 

implantation. In order that the wear behaviour of the ion implanted ceramics be 

assessed it will be necessary to extend the single pass friction tests used in this study 

to more realistic mUltiple pass tests. Such tests should be correlated with in-service 

wear tests of implanted components to enable the properties of the implanted surface 

to be tailored to the relevant in-service conditions. 

(4) Amorphisation - This has been shown to be a major factor in the mechanical 

properties of implanted ceramics. More work is needed to fully understand the 

effects of implanter variables, such as specimen temperature and dose rate, on 

amorphisation. Also work is needed to determine how the amorphisation process 

occurs and the structure of the amorphous material that is formed. 

It will be some time before it is determined whether use of ion implanted ceramics is 

viable for any tribological application. In the meantime much basic research is necessary 

to fully understand the changes in properties produced by ion implantation which may 

affect its use as a surface modification technique. 
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