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Understanding two-phase reaction processes in electrodes for Li-ion batteries 

Summary 

The occurrence of a phase separation, which induces substantial structural 

rearrangements and large volume changes, is generally considered to limit the high 

rate application of any battery electrode material. Contrary to this perception, 

nanoparticulate LiFePO4 exhibits exceptionally high rates although the large Li 

miscibility gap in the Li-composition phase diagram dictates that delithiation takes 

place by a kinetically limited nucleation and growth process. It remains controversial 

as to whether the delithiation process is fundamentally different than expected from 

thermodynamics. This dissertation is set out to resolve this controversy and explore 

the implications in the (de)lithiation process of other phase separating electrode 

materials, such as TiO2 and LiVPO4F. 

 In this dissertation, LiFePO4 is treated as the model compound that exemplifies 

the issues of Li diffusion and phase transitions in phase separating electrode, where a 

second phase is formed upon Li extraction/insertion. Li diffusion in LiFePO4 was 

examined via a cation exchange process between 6Li and 7Li ions. The results indicate 

a single-file diffusion for Li along the diffusion channel, yet the Li diffusion was found 

to be rapid enough to allow for fast delithiation. 

 The phase transition process of LiFePO4 nanoparticles was investigated by in 

situ synchrotron X-ray powder diffraction (XRD). At high cycling rates, the transition 

between LiFePO4 (Pnma) and FePO4 (Pnma) was found to proceed continuously via 

metastable solid solution phases, instead of a phase separation. Phase transition 

through this facile non-equilibrium path is thought to be essential in realising the high 

rate capability of nanoparticulate LiFePO4.  

 To explore the availability of the non-equilibrium continuous phase transition 

path in other materials, the (de)lithiation processes of anatase TiO2 and LiVPO4 at 

high cycling rates were also examined with in situ synchrotron XRD. Phase separation 

was found to occur, even at high rates, for transitions TiO2 (I41/amd) Li0.5TiO2 

(Imma) and Li0.67VPO4 (P-1)  VPO4 (C2/c), where the two end member phases adopt 

different, albeit group-subgroup related, symmetries. As with LiFePO4, a continuous 

phase transition was observed during the high rate cycling of LiVPO4F (P-1)  

Li0.67VPO4F (P-1), where both phases adopt the same symmetry. 
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1 Introduction 

1.1 Motivation 

The importance of rechargeable Li-ion batteries (LIB) has been demonstrated by its 

indispensable role in powering portable electronics, such as smart phones and laptops. 

The rechargeable LIB technology prospered in the early 1990s when it was first 

commercially introduced by SONY. The success of LIB is a result of its high energy and 

power density in comparison to other competing batteries technologies, as shown in 

Figure 1.1. The high energy density is derived from the very negative redox potential of 

Li+/Li0 (E0(Li+/Li0) = -3.04 V vs standard hydrogen electrode), and the high power density 

is attributed to the small ionic radius of Li, allowing for fast diffusion. Recently, as part 

of a concerted effort in reducing greenhouse gas emissions, the development of electrical 

vehicles to replace existing hydrocarbon fuel vehicles has called for high energy and 

power density energy storage technology, for which rechargeable LIB has been 

considered as a promising solution[1]. The energy density is determined by the capacity 

(the amount of charge that can be released/stored per unit weight) of the specific 

compounds used as the electrode materials in rechargeable LIB, and further improvement 

relies on the discovery of new compounds and/or chemistries; whereas the power density 

(the amount of energy that can be released/stored per unit time) can vary substantially for 

the same compound and is strongly dependent on the electrode kinetics, for example, Li 

ion diffusion. Therefore, it is imperative to understand the rate limiting kinetic factors to 

improve the power density of existing materials and facilitate the search for new ones. 

 

Figure 1.1 Comparison of the gravimetric power and energy densities for different 

rechargeable battery technologies (figure reproduced with permission from reference [2]). 
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1.2 Introduction to rechargeable Li-ion batteries 

A battery consists of electrochemical cells that convert chemical energy into electrical 

energy through a redox reaction between the two electrodes. A battery is composed of 

three essential components: the cathode (positive electrode), the anode (negative 

electrode), and the electrolyte, as shown in Figure 1.2. In a rechargeable LIB, upon 

discharge, the cathode is reduced and the anode is oxidised whilst lithium ions are carried 

from the anode to the cathode by the electrolyte and the electrons travel from the anode 

to the cathode through the external circuit, which drives the electrical appliances. This 

process is reversed during charge. The reversible reactions occurring at both electrodes 

can take place via different mechanisms, such as conversion[3], alloying[4] and 

intercalation (insertion), with intercalation being the most common reaction pathway. 

 

Figure 1.2. The construction of a lithium-ion battery. The arrows indication the direction 

of the charge carriers’ movement. 

The intercalation mechanism is usually found in materials of layered structures or 

open channels that can accommodate Li+ diffusion. The model example of intercalation 

materials is demonstrated by LiCoO2 and graphite, which are used as the cathode and 

anode, respectively. They were used in the first LIB and still dominate in the commercial 

LIB today. Figure 1.3 illustrates the charging process, Li ions sandwiched between the 

CoO2 layers are extracted and Co3+ is oxidised while Li ions are intercalated into the 

empty interplanar space between the layers in graphite. The reactions occurring at the 

cathode (LiCoO2) and the anode (graphite) during charge are as follows: 
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LiCoO2  Li1-xCoO2 + x∙Li+ + x∙e- (0 < x < 0.5) (1.1) 

x∙Li+ + x∙e- + 6∙C  LixC6 (1.2) 

Only 0.5 Li is able to be reversibly extracted from LiCoO2 due to a structural 

transformation from the hexagonal to monoclinic symmetry upon further Li extraction[5]. 

 The charge storage capacity is commonly used to compare different electrode 

materials. The theoretical capacity is defined as the amount of charge that can be utilised 

electrochemically per unit weight and is determined by 

Theoretical capacity =
∆𝑥 ∙ ℱ

𝑀𝑚
 [𝐶𝑜𝑢𝑙𝑜𝑚𝑏 𝑔⁄ ] =

1000

3600
×

∆𝑥 ∙ ℱ

𝑀𝑚
 [𝑚𝐴ℎ 𝑔⁄ ] (1.3) 

where ∆𝑥  is the number of Li available for electrochemical insertion/extraction per 

formula unit of the corresponding compound, ℱ is the Faraday’s constant (96,485 C/mol), 

and Mm is the molar mass of the compound in gram. The numerical factor 1000/3600 

converts the value in the commonly quoted units of mAh/g. 

 The applied charge/discharge current is usually quoted in terms of the “C” rate. A 

rate of “C/n” corresponds to the current needed to either fully charge or discharge the 

electrode in n hours, hence the current is calculated by 

Current[𝑚𝐴]

=
𝑇ℎ𝑒𝑜𝑟𝑒𝑐𝑡𝑖𝑐𝑎𝑙 𝑐𝑎𝑝𝑎𝑐𝑖𝑡𝑦 [

𝑚𝐴ℎ
𝑔 ] × 𝑎𝑐𝑡𝑖𝑣𝑒 𝑒𝑙𝑒𝑐𝑡𝑟𝑜𝑑𝑒 𝑚𝑎𝑠𝑠[𝑔]

𝑛[ℎ𝑜𝑢𝑟]
 

(1.4) 

 

 

Figure 1.3. Illustration of the intercalation mechanism for the LiCoO2/graphite battery. Li 

ions are removed from the layers between the CoO2 sheets and intercalated into the 

graphite layers during charge. 
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1.3 Thermodynamics of Li-ion batteries 

The energy stored in a LIB depends on its capacity as well as its operating voltage. The 

equilibrium voltage of a LIB is dictated by the Li chemical potential difference between 

the two electrodes, 

𝐸𝑐𝑒𝑙𝑙(𝑥𝐶 , 𝑥𝐴) = −
𝜇𝐿𝑖

𝐶 (𝑥𝐶) − 𝜇𝐿𝑖
𝐴 (𝑥𝐴)

ℱ
 (1.5) 

where 𝜇𝐿𝑖
𝐶 (𝑥𝐶) and 𝜇𝐿𝑖

𝐴 (𝑥𝐴) are the Li chemical potentials at the cathode and the anode, 

respectively, 𝑥𝐶 and 𝑥𝐴 are the Li compositions of the cathode and the anode, respectively, 

and ℱ is the Faraday’s constant. In LIB research, Li metal is conventionally employed as 

the anode and the material of interest as the cathode. As a result, the chemical potential 

at the anode is invariant owing to its constant Li composition, and the cell voltage, Ecell, 

provides a direct measure of the Li chemical potential at the cathode (the material of 

interest): 

𝐸𝑐𝑒𝑙𝑙(𝑥𝐶) = −
𝜇𝐿𝑖

𝐶 (𝑥𝐶) − 𝜇𝐿𝑖
𝐿𝑖 𝑚𝑒𝑡𝑎𝑙

ℱ
 

(1.6) 

Because the chemical potential is given by 

𝜇 =
∂𝐺

∂𝑥
 (1.7) 

where G and x are the molar Gibbs free energy and the Li composition of the compound, 

respectively, the Gibbs free energy of the cathode can be constructed by measuring the 

cell voltage at different Li compositions. 

 Depending on the nature of the Gibbs free energy, the cell voltage will be either 

invariant or changing with Li composition. The relationship between the Gibbs free 

energy and the cell voltage is illustrated in Figure 1.4. For a “W” shaped G(x) shown as 

the red curve in Figure 1.4 A, the corresponding voltage changes with the Li composition 

in regions 0 < x < xα and xβ < x < 1, as shown in Figure 1.4 B. However, when the Li 

composition is in the range xα < x < xβ, the lowest energy state is not represented by the 

red curve and instead follows the common tangent construction shown by the black line, 

which represents the linear combination of the two phases of Li composition xα and xβ, 

respectively. Consequently, the chemical potential and hence the cell voltage in the range 

xα < x < xβ remains constant. The two-phase coexistence for xα < x < xβ indicates a 

spontaneous phase separation process (formation of a second phase) when the Li 
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composition is within the range defined by xα < x < xβ. The delithiation process is 

illustrated in Figure 1.5 A and is usually referred to as a two-phase reaction. When G(x) 

represents the lowest energy state for every x, as shown in Figure 1.4 C, the corresponding 

voltage in Figure 1.4 D simply manifests the slope of G(x). Since only one phase is 

involved throughout the entire Li composition range, this phase is effectively a Li solid 

solution. The (de)lithiation reactions proceeds by simply varying the Li composition and 

is referred to as a single-phase (solid solution) reaction as illustrated in Figure 1.5 B. 

 The kinetics for a single-phase reaction are mainly determined by the Li diffusion 

and the electronic conduction of the electrode material. Whereas, the two-phase reaction 

mechanism is further complicated by the formation of a second phase, which is discussed 

in more detail in the next section.  

 

Figure 1.4. The relationship between the Gibbs free energy and the cell voltage. (A) and 

(B) illustrate the case where a constant voltage plateau is observed, while (C) and (D) 

illustrate the case where the voltage changes with the Li composition. 
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Figure 1.5. (A) The lithiation process when two phases coexist. The reaction proceeds by 

varying the relative fraction of the two phases via propagation of the phase boundary. (B) 

The lithiation process when the particle remains as a single-phase. Li ions progressively 

occupy the vacant sites in the lattice by forming a solid solution with the host lattice M. 

1.4 Issues of phase separating electrode: the case of LiFePO4 

The two-phase reaction is usually considered to be more sluggish than the single-phase 

reaction due to the additional kinetic energy barrier introduced by the nucleation and 

growth of a second phase, hence electrodes with phase separating behaviour upon 

(de)lithiation are thought to be unsuitable for high rate applications. However, the phase 

separating LiFePO4, which demonstrated very high rate capability, serves as a 

counterexample to this perception. Thus, it is crucial to understand the mechanisms that 

underlies its high rate capability. This section will highlight the issues of Li diffusion and 

the delithiation mechanism generally in the context of LiFePO4 and identify the problems 

that must be addressed. 

1.4.1 Structure, thermodynamic and electrochemistry of LiFePO4 

Since its first demonstration as a cathode material for LIB in 1997[6], LiFePO4 has 

attracted tremendous attention as an alternative to LiCoO2, due to its lower cost, lower 

toxicity and high safety. The olivine-type LiFePO4 is crystallised in the space group Pnma, 

and its crystal structure is shown in Figure 1.6. When Li is extracted, LiFePO4 is 

transformed to FePO4, which adopts the same crystal structure with a contraction in the a 

and b lattice parameters and an expansion in the c lattice parameter. 
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 The diffusion of Li is predominantly in the one-dimensional (1-D) channels 

parallel to the b direction[7–9], since the energy barrier for hopping between channels is 

predicted to be very high[8,10]. The intrinsic electronic conductivity is very low, and the 

conduction is carried out by polaron hopping[11]. The PO4 tetrahedra between adjacent 

FeO6 octahedra build up a high activation energy along the a axis, and the electronic 

conduction is restricted in the two-dimensional (2-D) plane of the FeO6 octahedra (i.e. 

the bc-plane). 

 

Figure 1.6. The crystal structure of LiFePO4. The edges of the unit cell are shown by the 

black lines. The green, red, brown and purple spheres represent Li, O, Fe and P atoms, 

respectively. 

 The phase diagram of LixFePO4 as a function of Li composition and temperature 

was mapped out by X-ray powder diffraction[12] and is shown in Figure 1.7. At room 

temperature, the end member phases, LiβFePO4 and Li1-αFePO4, have very limited Li 

solubilities, leaving a large miscibility gap that extends over almost the entire Li 

composition range[13]. Therefore, it is expected that the (de)lithiation of (Li)FePO4 

proceeds by a two-phase reaction under ambient conditions.  

Figure 1.8 shows a typical voltage profile during the charge and discharge cycle 

of LiFePO4. There is a very flat voltage plateau at ~3.45 V spanning almost the entire Li 

composition range, corresponding to the transition between LiβFePO4 and Li1-αFePO4. 

The sloping voltage at the end of charge (discharge) is due mostly to the high kinetic 

barrier in extracting (inserting) the last few Li ions.  
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 Given the 1-D Li diffusion, low electronic conduction and the two-phase reaction 

upon (de)lithiation, LiFePO4 does not seem to possess the appealing properties for high 

rate applications. However, through particle size reduction and carbon coating, significant 

improvements have been made on the rate performance of LiFePO4. It has been shown 

that LiFePO4 particles of 50 nm size can be discharged at 20 C (discharge in 3 min) over 

extended cycles while retaining more than 80 % of their theoretical capacity[14]. It turns 

out that the particle size reduction affects the thermodynamics of LixFePO4, the 

delithiation mechanism and the Li diffusion process, and has profound implications for 

the rate performance. 

 

Figure 1.7. The phase diagram of LixFePO4 as a function of temperature and Li 

composition[12]. 

 

Figure 1.8 Typical charge and discharge voltage profiles of LiFePO4. Voltage is 

referenced against the redox potential of Li+/Li0. 
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1.4.2 The (de)lithiation mechanism of (Li)FePO4 

Most of the earlier models[6,15,16] describing the Li (de)interclation process of 

(Li)FePO4 assumed isotropic Li diffusion and are considered relevant only to secondary 

LiFePO4 particles, owing to the anisotropic diffusion of Li in LiFePO4. The phase 

separating nature of LiFePO4 requires the formation of a Li1-αFePO4/LiβFePO4 phase 

boundary when LiFePO4 becomes partially delithiated. It is known that the two phase 

morphology may hinder the Li diffusion if the phase boundary is orientated perpendicular 

to the Li diffusion direction[17]. In LiFePO4, the phase boundary prefers to align with the 

(101) and (100) crystallographic planes[18–21], which are parallel to the direction of Li 

diffusion along the b crystallographic axis. As illustrated in Figure 1.9, it was proposed 

that Li extraction/insertion takes place only at the Li1-αFePO4/LiβFePO4 interface and the 

phase boundary propagates along the direction perpendicular to the b axis[18]. Therefore, 

reducing the Li diffusion length by particle size reduction will improve the rate 

performance of LiFePO4.  

 

Figure 1.9. The phase boundary is formed in the bc plane and propagates in the direction 

perpendicular to the Li diffusion (in the direction of the a-axis). 

The miscibility gap in LixFePO4 is found to decrease with decreasing particle 

size[22,23]. Since the size of the miscibility gap is determined by the Gibbs free energy, 

G(x), of LixFePO4, the observed size effect indicates that G(x) is also dependent on the 

particle size. This is rationalised by the increased contribution of the interfacial energy in 

nanoparticles[24]. Consider the molar Gibbs free energy, G(x), of a single LixFePO4 

particle within the miscibility gap, where the two end member phases LiβFePO4 and Li1-

αFePO4 are separated by an interface: 

𝐺(𝑥) = 𝑥 ∙ 𝐺𝛼 + (1 − 𝑥) ∙ 𝐺𝛽 +
𝐴𝑚

𝑉𝑚
𝛾𝑖𝑛𝑡 (1.8) 

where Gα and Gβ are the molar Gibbs free energy of the Li1-αFePO4 and LiβFePO4 phases, 

respectively, Am is the molar interfacial area, Vm is the molar volume of LixFePO4, and γint 
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is the interfacial energy. 𝐴𝑚/𝑉𝑚  is equivalent to the interfacial area to volume ratio, 

which increases with decreasing particle size. The interfacial energy term, ∆G𝐴 =
𝐴𝑚

𝑉𝑚
𝛾𝑖𝑛𝑡, 

is negligible when the particle size is sufficiently large (> 1 μm). Otherwise, GA becomes 

appreciable and must be taken into account. The Gibbs free energy with the interfacial 

energy considered is shown as the green curve in Figure 1.10. Due to the additional 

interfacial energy, the single phase (red curve) has a lower energy than the phase 

separation in individual particles for xα’ < x < xα and xβ < x < xβ’ and becomes energetically 

unfavourable for xβ’ < x < xα’. Since GA increases with decreasing particle size, the 

composition range defined by xα’ and xβ’, i.e. the miscibility gap, will shrink as the 

particle size decreases. 

 

Figure 1.10. The Gibbs free energy diagram as a function of the Li composition assuming 

GA is negligible (red) and significant (green). The red curve indicates the energy of 

LixFePO4 if it is maintained as a single homogeneous phase. The black line indicates the 

energy as a linear combination of G(xα) and G(xβ), i.e. the case when the particle size is 

big or the phase separation occurs between and not within particles. The green curve 

indicates the energy for nanoparticles where phase separation occurs within particles 

(intra-particle), introducing an additional interfacial energy GA. The extent of the solid 

solution range is exaggerated for clarity. In reality, xα and xβ are close to 1 and 0, 

respectively. 

 The preceding argument involves only a single particle. In a real battery electrode, 

which is a multi-particle system, phase separation can occur either inside individual 

particles or between particles, which are illustrated by Figure 1.11 A and B, respectively. 

It is noted that the interface can be eliminated by adopting the inter-particle phase 

separation, which is the configuration of lower total energy. Hence, in a real electrode, 
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where Li ion transport between particles is possible, inter-particle phase separation will 

be the equilibrium configuration, when the interfacial energy is very high. Indeed, in 

partially delithiated electrodes made from particles of 50 ~ 300 nm in size, the majority 

of the particles assumes either the Li1-αFePO4 or the LiβFePO4 phase, i.e. inter-particle 

phase separation occurs[25,26], whereas intra-particle phase separation was observed in 

micron-sized particles[18] or in nanoparticles delithiated by chemical methods[20] where 

Li+ transport between particles is forbidden.  

 The observation of the inter-particle phase separation in ex situ samples, which 

are retrieved by disassembling the partially dis/charged battery cell, raises the question as 

to how the delithation proceeds in nanoparticles. It was first proposed that the Li1-

αFePO4/LiβFePO4 interface is so unstable that it propagates throughout the particle almost 

instantaneously once a LiβFePO4 domain is nucleated[25], resulting in an electrode 

composed of either reacted or non-reacted particles. This is known as the “domino-

cascade” model, which builds on the two-phase reaction. The “domino-cascade” model 

and other studies[27] have recognised that the (de)lithiation of nanoparticles of LiFePO4 

in a multi-particle electrode takes place sequentially. A recent theoretical study suggested 

that the delithiation may proceed by a single-phase reaction[28], as the nucleation energy 

barrier in nanoparticles (< 100 nm) was estimated to be too high for nucleation to occur. 

Additionally, the calculated formation energy of the solid solution LixFePO4, albeit not 

thermodynamically stable, turned out to be very low (< 15 meV per formula unit for all x 

at room temperature) in comparison with kT (~26 meV at room temperature). This finding 

inspired the proposition that the (de)lithiation of (Li)FePO4 may take the facile, non-

equilibrium, solid solution path, provided there is a driving force, i.e. a small 

electrochemical overpotential ~ 10 mV, to initiate the (de)litihation process. This 

proposed paradigm shift from the two-phase to the single-phase reaction for LiFePO4 

nanoparticles is echoed by continuum modelling studies[29]. Although thermodynamics 

dictate spontaneous phase separation when 
∂2𝐺

∂𝑥2 < 0 due to the local fluctuation in Li 

composition, the kinetics are dependent on the Li diffusion and the driving force for phase 

separation, which is determined by the exact form of single-phase G(x). It was found that 

the solid solution phase could be kinetically stabilised in a LixFePO4 particle if the rate at 

which Li is extracted or inserted is faster than the rate of phase separation.[29] 

 Due to a lack of direct experimental evidence in support of the proposed 

hypotheses, the issue remains as to whether the (de)lithaition of (Li)FePO4 nanoparticles 
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takes place by a single-phase or a two-phase reaction. The analysis of the kinetics of phase 

transition between LiFePO4 to FePO4 suggested that (de)lithiation takes place via the non-

equilibrium single-phase reaction with small particles (< 100 nm) or a large overpotential 

(> 150 mV)[30]. Nonetheless, two-phase behaviour was reported by many in situ X-ray 

diffraction (XRD) studies during slow electrochemical cycling[31–35] or chemical 

delithiation[36], which show the growth of diffraction peaks of the LiβFePO4 phase 

accompanied by the disappearance of diffraction peaks of the Li1-αFePO4 phase. Due to 

the sequential reaction mechanism, only a small fraction of the particles in the electrode 

is taking part in the reaction at a time during low rate cycling. Consequently, the small 

amount of reacting particles may not be captured by in situ XRD. In order to understand 

the (de)lithiation process of (Li)FePO4 nanoparticles, in situ methods that capture reacting 

particles must be employed. 

 

Figure 1.11. Illustration of (A) the intra-particle vs. (B) the inter-particle phase separation 

in a multi-particle system. α and β are used to denote two different phases.  

1.4.3 Li diffusivity: local migration vs. long range diffusion 

The room temperature Li diffusivity along the 1-D channel is predicted to be very high 

(~10-7 to 10-9 cm2/s) from first-principle calculations[10,37]. However, these results are 

obtained for Li hopping to an adjacent vacant site, which occurs on the length scale of a 

few nanometres,  and do not readily translate to long range Li migration if there are 

defects in the channel impeding or blocking the Li motion. Malik et al.[38] studied the 

effect of the LiFe
− − FeLi

•  antisite defects, formed between nearest neighbouring Li and Fe, 

as shown in Figure 1.12 A. The Li-Fe antisite defects are the most common ones found 

in LiFePO4 obtained from low temperature syntheses[39,40], but they can be avoided by 

synthesising at a higher temperature (> 180C for hydrothermal synthesis)[39,41,42] or 

annealed out by post-synthesis thermal treatment (annealing at > 500C)[43]. This antisite 

defect blocks the Li motion in the same channel, and can be circumvented by crossing 

over to an adjacent channel, which poses a high energy barrier[8,10,37]. The presence of 
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antisite defects results in a decreased Li diffusivity measured over long range Li migration. 

In the presence of more than two Fe atoms in the same channel, as shown in Figure 1.12 

B, the Li trapped between two Fe become inaccessible, leading to a reduced capacity. 

Obviously, for a given defect concentration, shorter channels have fewer trapped Li. 

Malik et al.[38] shows that the unblocked fraction of Li as well as the long range Li 

diffusivity increases with reducing channel length. Therefore, decreasing the particle size 

has at least a twofold improvement to the rate performance: a reduction in the Li diffusion 

length and an improvement in the effective Li diffusivity.  

 Li diffusion can be determined by either microscopic or macroscopic 

measurement. Microscopic methods probe Li hopping between adjacent sites and thus 

measure local Li migration, while macroscopic methods probe the diffusion process under 

a concentration gradient and thus measure long range Li diffusion. Measurement by 

microscopic methods, such as muon spin relaxation spectroscopy, have consistently 

yielded a Li diffusivity on the order of 10-10 cm2/s[44–46]. However, macroscopic 

measurements, which are commonly carried out by electrochemical methods, have led to 

large discrepancies in the Li diffusivity of LiFePO4, ranging from 10-11 cm2/s to 10-14 

cm2/s[47–50]. The challenges associated with obtaining an accurate measurement of the 

active surface area, where Li ion transfer between the electrode and the electrolyte takes 

place, in a multi-particle electrode has been recognised for underestimating the Li 

diffusivity determined by common electrochemical methods[51]. Therefore, new 

macroscopic techniques are required to measure the long range Li diffusion in LiFePO4 

to verify the rapid Li diffusivity obtained by microscopic measurements.  

 

Figure 1.12. (A) A single Li-Fe antisite defect (red ellipse) and the possible paths (dashed 

black curves) for Li crossover between channels. (B) Li trapped (shaded region) between 

two Fe atoms in the diffusion channel. 
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1.5 Phase transition in phase separating electrodes 

LIBs usually operate under constant temperature and pressure, hence, any phase transition 

in the electrode material is induced by changes in Li composition. For a phase separating 

electrode with a miscibility gap, the transition from one end member phase to the other 

phase, which undergoes via the nucleation and growth of a second phase, is characterised 

as a first-order phase transition. 

 The possibility of whether the two end member phases can be interconverted via 

a non-equilibrium, continuous structural transition by varying the Li composition depends 

on the crystal structures of the two phases and whether a continuous transition path exists. 

When both phases assume the same symmetry, a continuous transition can proceed via a 

solid solution phase of the same symmetry with the end member phases. For example, a 

continuous structural transition between Li1-αFePO4 and LiβFePO4 can be realised by a 

hypothetical, non-equilibrium, solid solution phase LixFePO4.  

 When the two end member phases adopt different symmetries, one cannot 

construct a single solid solution phase bridging the two because there has to be a 

discontinuous change in symmetry somewhere within the Li miscibility gap. If the 

symmetries of the two end member phases do not correspond to a group-subgroup 

relationship, a continuous phase transition is prohibited. For a pair of phases with 

symmetries corresponding to a particular group-subgroup relationship, the possibility of 

whether or not a continuous structural phase transition, also known as second-order phase 

transition, will occur and can be assessed by Landau theory[52]. This assessment can be 

readily carried out by the programme ISOTROPY[53] if the crystal structures of the two 

phases are known. An example of phase transition between phases of group-subgroup 

related symmetries is given by anatase TiO2, which is used as an anode material for 

LIB[54]. When Li is intercalated into TiO2, it undergoes via a first-order transition from 

tetragonal TiO2 to orthorhombic Li0.5TiO2, with a large Li miscibility gap between the 

two phases.  

 Both of the above scenarios can occur for the same electrode material during 

different stages of (de)lithiation. For example, during delithiation, LiVPO4F transforms 

to Li0.67VPO4F via an apparent first-order transition without symmetry changes, and 

further delithiation transforms Li0.67VPO4F (triclinic) to VPO4F (monoclinic) via a first-

order phase transition that involves a change in symmetry. 
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1.6 Objective 

To independently verify the fast long range Li diffusion in LiFePO4, a different method 

compared with the conventional electrochemical techniques should be employed. Cation 

exchange can be used to determine the diffusivity of the exchanging ions[55]. Since it is 

the Li diffusivity that is of interest to us, 6Li and 7Li isotopes can be used as the 

exchanging species. The amount of exchange can be measured by the nucleation magnetic 

resonance (NMR), which is able to distinguish between the two nuclei, to then derive the 

long range Li diffusivity 

The controversy over the (de)lithiation mechanism of (Li)FePO4 requires further 

investigation to obtain a better understanding of how this material is able to achieve good 

capacity retention even at very high rates. The biggest debate is whether a single- or two-

phase reaction occurs in individual LiFePO4 nanoparticles. To eliminate any ambiguity 

in the interpretation of the results, in situ experiments, which capture the reacting particles, 

must be employed to obtain direct evidence for the proposed mechanisms. One strategy 

to capture the reacting particles is by inducing more particles to react at a time through 

high rates of cycling so that they can be measured with conventional techniques with high 

temporal resolution. In situ synchrotron X-ray diffraction is a powerful tool in 

characterising the structural changes in crystalline samples while retaining high temporal 

resolution. Hence, this technique is employed to investigate the (de)lithiation process of 

(Li)FePO4 nanoparticles. 

Although the hypotheses on the (de)lithiation process were discussed for LiFePO4, 

it is interesting to investigate the applicability to other phase separating materials. 

Because LiFePO4 represents the case where symmetry change is not involved during 

(de)lithiation, it is interesting to investigate the case where the symmetries of the end 

member phases during (de)lithiation correspond to a group-subgroup relationship. 

Therefore, as introduced in Section 1.5, the (de)lithiation processes of anatase TiO2 and 

LiVPO4F are also investigated in this thesis: TiO2 being an example where lithiation 

involves group-subgroup related phases, and LiVPO4F being an example where 

delithiation undergoes two first-order phase transitions. 

 



Chapter 1 

 

16 

 

  



Chapter 2 

 

17 

 

 

2 X-ray powder diffraction and nuclear magnetic resonance 

spectroscopy 

The main experimental techniques employed in this thesis include X-ray powder 

diffraction and nuclear magnetic resonance spectroscopy. This chapter gives a general 

introduction to these two techniques. 

2.1 X-ray powder diffraction (XRD) 

XRD is a widely used, non-invasive technique to investigate not only the crystal 

structures but also microstructures, such as crystal/domain size and lattice strain, of 

crystalline materials. 

2.1.1 Position and intensity of a Bragg reflection 

When a monochromatic X-ray beam is incident upon a crystalline sample, the X-ray beam 

is scattered by the electrons of atoms in the sample and produces a diffraction pattern. 

The criterion for diffraction is dictated by the well-known Bragg’s law: 

2𝑑ℎ𝑘𝑙sinθ = nλ (2.1) 

where dhkl is the interplaner spacing between two (hkl) planes, θ is the scattering angle as 

shown in Figure 2.1 , λ is the wavelength of the X-ray beam and n is an integer. 

 

Figure 2.1 Illustration of diffraction by Bragg’s law. The incident and diffracted beams 

are denoted by black and red arrow lines, respectively. dhkl is the interplanar spacing, and 

θ is the scattering angle. s0 and s are the unit vectors of the incident and diffracted beam, 

respectively. 

 For a randomly oriented crystalline powder sample, the diffracted X-rays form a 

series of cones, as shown in Figure 2.2 A, with semi-vertex angles of 2θ determined by 
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Bragg’s law. Due to the random orientation of the crystals in the sample, the diffracted 

X-ray beams are uniformly distributed on each cone, and the diffraction intensity is 

conventionally presented as a function of 2θ, as illustrated in Figure 2.2 B. The diffraction 

pattern exhibits a series of sharp diffraction peaks at 2θ determined by Bragg’s law, and 

the diffraction peaks are commonly referred to as Bragg reflections or peaks. As can be 

seen from (2.1), the position of a Bragg reflection is determined by the lattice parameters 

of the sample.  

 

Figure 2.2 (A) Diffraction by a randomly oriented crystalline powder sample (yellow dots) 

produces a series of cones of diffracted beams (red), with semi-vertex angles of 2θ. (B) 

Variation of the diffraction intensity against 2θ for a crystalline powder sample. 

 The integrated intensity of a Bragg reflection corresponding to an (hkl) plane is 

given by[56] 

𝐼ℎ𝑘𝑙 = 𝐼0

Ω𝑒4𝜆3

𝑉2 𝑚𝑒
2𝑐4

𝐿𝑃 ∙ 𝑇𝑎𝑏𝑠 ∙ |𝐹ℎ𝑘𝑙|
2 (2.2) 

where I0 is the intensity of the incident beam, Ω is the volume of the crystal, V is the 

volume of the unit cell, me is the mass of the electron, c is the speed of the light, e is the 

elementary charge, λ is the wavelength of the X-ray beam, LP is the Lorentz-polarisation 

factor, Tabs is the absorption factor, and Fhkl is the structure factor for the hkl reflection. 

LP depends on the diffraction geometry and Tabs depends on the X-ray absorption 

coefficient and porosity of the sample. Fhkl is determined by the crystal structure of the 

sample and is given by  
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𝐹ℎ𝑘𝑙 = ∑ 𝑓𝑗(𝑯ℎ𝑘𝑙) exp (2𝜋𝑖(ℎ𝒂∗ + 𝑘𝒃∗ + 𝑙𝒄∗) ∙ (𝑥𝑗𝒂 + 𝑦𝑗𝒃 + 𝑧𝑗𝒄))

𝑛

𝑗=1

 

= ∑ 𝑓𝑗(𝑯ℎ𝑘𝑙) exp (2𝜋𝑖(ℎ𝑥𝑗 + 𝑘𝑦𝑗 + 𝑙𝑧𝑗))

𝑛

𝑗=1

 

 

 

(2.3) 

where a, b and c are the basis vectors of the unit cell, a*, b*and c* are the basis vectors of 

the reciprocal lattice, xj, yj and zj are the coordinates of the jth atom in the unit cell, and 

fj(Hhkl) is the atomic structure factor of the jth atom in the unit cell, and Hhkl=ha*+kb*+lc*. 

The atomic structure factor of the jth atom is given by the Fourier transform of its electron 

density:  

𝑓𝑗(𝑯ℎ𝑘𝑙) = ∫ 𝜌𝑗(𝐫) exp(2𝜋𝑖𝑯ℎ𝑘𝑙 ∙ 𝒓)  𝑑𝑉 (2.4) 

where ρj(r) is the electron density of the jth atom and r is a vector from the atomic centre 

to any point in space. The integration is taken over the entire space where the electron 

density of the corresponding atom is not zero. In essence, the integrated intensity of Bragg 

peaks contains the information about the crystal structure of the sample. 

 The Bragg peak also possesses a finite peak width, which is determined by the 

microstructure of the sample and the instrument. Different contributions to peak 

broadening are introduced in Sections 2.1.2 – 2.1.3. 

2.1.2 Broadening due to finite crystal size and lattice distortion 

In principle, Bragg peaks due to infinitely large, periodic crystals exhibit no broadening 

other than the broadening due to the instrument. When the crystal becomes finite in size 

or the periodicity of the crystal is interrupted, additional broadening of the Bragg peaks 

will be introduced. There are two mechanisms due to imperfections of the sample that 

can cause broadening to the Bragg peaks: finite crystal size and lattice distortion. 

 Broadening due to small crystal size is most pronounced in nanoparticles. The 

relation between the broadening and the crystal size is described by the Scherrer 

formula[57] 

𝐻𝑆(2θℎ𝑘𝑙) =
𝐾𝜆

𝐿 𝑐𝑜𝑠𝜃ℎ𝑘𝑙
 (2.5) 

where Hs is the full width at half maximum (FWHM) of the (hkl) Bragg reflection due to 

finite crystal size, K is the shape factor that is close to unity, λ is the wavelength of the 

X-ray, θhkl is the position of the (hkl) Bragg peak and L is the volume weighted column 
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length perpendicular to the (hkl) crystal plane[58]. For spherical crystals, L is equivalent 

to the volume weighted crystal size. For crystals of non-spherical shapes, the column 

length varies with (hkl), which will lead to the hkl-dependent (anisotropic) broadening of 

the Bragg reflections.  

Broadening due to lattice distortion can appear in both large and small crystals. In 

an ideal crystal, the spacing between lattice planes is uniform across the crystal, and the 

diffraction condition dictated by Bragg’s law for an (hkl) reflection is satisfied at only 

one 2θ angle, giving rise to a peak (Figure 2.3 A) whose shape/broadening is only affected 

by the particle size as determined by (2.5).  

 When a crystal is subject to strain, which is homogenous across the crystal, the 

interplanar spacing is still uniform across the crystal but its value will change. 

Consequently, the Bragg peak will only shift in position and retain the same shape (i.e. 

broadening), as illustrated in Figure 2.3 B.  

 However, when the strain is not homogeneous, i.e. the interplanar spacing in 

different parts of the crystal varies, and the average interplanar spacing is still the same, 

the Bragg peak will become broader but will not change in position (Figure 2.3 C). The 

effect of a small variation in the interplanar spacing or d-spacing, known as the 

microstrain, on the peak broadening is illustrated by differentiating the Bragg’s law 

equation in (2.1): 

𝑑ℎ𝑘𝑙  cosθℎ𝑘𝑙 ∆θℎ𝑘𝑙 + sinθℎ𝑘𝑙 ∆dℎ𝑘𝑙 = 0 

∆θℎ𝑘𝑙 = −
∆𝑑ℎ𝑘𝑙

𝑑ℎ𝑘𝑙
𝑡𝑎𝑛𝜃ℎ𝑘𝑙 . 

(2.6) 

 The above equation shows that a small change in the d-spacing will lead to a small 

shift in the peak position. If the deviation from the average d-spacing dhkl follows a 

symmetrical distribution, this will lead to a broadening rather than a shift in the 2θ 

position. The broadening due to the apparent strain εapp is expressed as[59]  

𝐻𝐷(2θ) = 𝜀𝑎𝑝𝑝 tanθ = 4𝜀𝑚𝑎𝑥 tanθ (2.7) 

where HD is the FWHM due to microstrain and εmax is the maximum strain[59]. (2.7) is 

derived on the basis of a symmetrical strain distribution, which also leads to a symmetrical 

peak broadening. However, the strain distribution can take a variety of forms and does 

not have to be symmetrical. Hence, the peak may not always broaden symmetrically if 

the strain distribution is not symmetrical. It must be pointed out that the “strain” discussed 
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here is interpreted broadly as lattice distortions that originate from, other than mechanical 

stress, various sources, such as compositional variations, dislocations and stacking faults. 

 

Figure 2.3. Effects of strain and microstrain on a Bragg reflection. (A) Peak profile free 

from stain and microstrain. (B) Peak profile due to strain only. (C) Peak profile due to 

microstrain only.  

For small particles, broadening due to both size and distortion can be present 

simultaneously. Separation of the two effects is possible by making use of several orders 

of an (hkl) reflection. One simple and approximate method is to consider the different 2θ 

dependence of the broadening due to different mechanism. In this method, the total 

broadening of a Bragg reflection can be approximated as the sum of the broadenings due 

to size and distortion: 

𝐻𝑡𝑜𝑡𝑎𝑙 = 𝐻𝑆 + 𝐻𝐷 =
𝐾𝜆

𝐿 𝑐𝑜𝑠𝜃
+ 𝜀𝑎𝑝𝑝 𝑡𝑎𝑛𝜃 (2.8) 

Multiplying both sides by cosθ yields: 

𝐻𝑡𝑜𝑡𝑎𝑙𝑐𝑜𝑠𝜃 =
𝐾𝜆

𝐿
+ 𝜀𝑎𝑝𝑝 𝑠𝑖𝑛𝜃 (2.9) 

 When Htotalcosθ (ordinate) is plotted against sinθ (abscissa) for several peaks 

corresponding to the same crystallographic direction, for example (111), (222), (333), a 

straight line can be used to fit all the points on the plot, which is also known as the 

Williamson-Hall plot[60]. The slope yields the apparent strain and the intercept with the 

ordinate gives Kλ/L.  

 A more rigorous and sophisticated method is developed by B.E. Warren and B.L. 

Averbach[61]. This method involves expressing the peak profile in Fourier series, and 

multiple reflections of the same crystallographic direction have to be considered. One 
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advantage of this method is that it is applicable to both symmetrically and asymmetrically 

broadened peaks. Since both methods rely on multiple peaks of the same crystallographic 

direction, their applications are usually found in materials of high symmetry, where the 

Bragg reflections are well separated from each other and their shape can be determined 

with more confidence. The severe overlap of the reflections of low symmetry phases 

presents a challenge to the determination of the individual peak shape and hence the use 

of both methods. 

2.1.3 Diffraction peak profile deconvolution 

The observed diffraction peak profile h(2θ) is a convolution of the instrumental profile 

g(2θ) and the sample profile f(2θ): 

ℎ(2θ) = 𝑔(2θ)⨂ 𝑓(2θ) (2.10) 

which is illustrated in Figure 2.4. 

The instrumental profile is characteristic of the particular instrument and the 

diffraction geometry, and is generally affected by wavelength distribution and 

geometrical aberrations. Hence, g(2θ) is independent of the sample under investigation 

and is usually determined experimentally by measuring a standard sample that is free 

from size and distortion effects.  

The sample profile f(2θ) can be further deconvoluted into a variety of 

contributions that arise from any imperfections in the sample, such as finite crystal size 

and lattice distortion introduced in Section 2.1.2.  

There are two ways to obtain the sample profile f: deconvolution and convolution 

approaches. The deconvolution approach unfolds the sample profile f from the observed 

profile h using the instrumental profile g[62]; whereas the convolution approach 

constructs the sample profile f by adjusting its shape through the least-square 

minimisation algorithm. The deconvolution process may fail or become inaccurate under 

some circumstances, while the convolution process is always stable but risks being 

trapped in a local minimum during the least-square fitting procedure. In addition, since a 

particular profile function for f has to be used for the least-square fitting, this method is 

not unbiased and introduces systematic errors if the models used are not adequate.  
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Figure 2.4. Three profiles that are involved in the convolution of the Bragg reflection 

profile. f(2θ) is the profile solely due to various imperfections in the sample. g(2θ) is the 

instrumental profile for an incident X-ray beam of double wavelengths. h(2θ) is the profile 

that is actually measured by the diffractometer.  

2.1.4 Structure and microstructure refinement 

It can be seen from (2.2) that the diffraction intensity is proportional to the squared 

magnitude of the structure factor, which contains the information about the number and 

type of atoms and atomic positions and occupancies. Bragg’s law specifies a 

straightforward relation between the position of the Bragg reflection and the unit cell 

lattice constants. As a result, only the intensity and position of a Bragg reflection are 

relevant to the crystal structure. Refinement of the structure model is carried out by the 

well-known Rietveld method[63,64]. This method carries out a least-square minimisation 

that finds the best fit between the entire observed diffraction pattern and the calculated 

pattern based on the simultaneously refined models for the crystal structures, lattice 

parameters, instrumental factors, diffraction peak profile and other factors as may be 

desired and can be modelled. Hence, refinement of microstructure parameters, such as 

domain size and microstrain, can also be included in the Rietveld analysis if a relevant 

microstructure model is used to account for the various broadening mechanisms present 

in the sample.  

Since microstructure information is embedded only in the broadening of the Bragg 

peaks, refinement of microstructure models can be done alone without reference to a 

crystal structure model. In this case, the whole powder pattern is systematically 

decomposed into its component Bragg reflections, a procedure called pattern 

decomposition, and the intensities of individual Bragg reflections are treated as 

independent parameters and do not carry any structure significance; meanwhile, the 

positions of the Bragg reflections are constrained by the unit cell parameters. This whole 

pattern fitting method, also carried out by least-square minimisation, without reference to 

a structure model is known as the Pawley method[65]. As with the Rietveld method, 
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refinement of the microstructure model is carried out by fitting the broadening of the 

Bragg reflections. If the crystal structure of the sample is not of interest or not well defined, 

a sample with a large variation in chemical composition for example, the Pawley method 

is better suited for microstructural analysis. 

In both the Rietveld and the Pawley methods, microstructure refinement is carried 

out by refining the parameters of analytical functions that are assumed for the sample 

profile f as described in Section 2.1.3. Hence, the microstructure models are not unbiased 

and systematic errors are introduced, yet these effects can be mitigated through the 

identification of the dominant broadening mechanisms and adoption of relevant 

microstructure models.  

2.1.5 Scattering by distorted domains  

In a distorted structure, if the position rm of each atom m is known, the amplitude of the 

diffracted beam is equal to the summation of the scattering amplitude of each atom, and 

the diffraction intensity is given by the product of the summed amplitude and its complex 

conjugate: 

𝐼𝑠𝑐𝑎𝑡𝑡𝑒𝑟 = ∑ 𝑓𝑚𝑒
(
2𝜋𝑖

𝜆
)(𝒔−𝒔0)∙𝒓𝑚

𝑚

∑ 𝑓𝑛𝑒
−(

2𝜋𝑖
𝜆

)(𝒔−𝒔0)∙𝒓𝑛

𝑛

 (2.11) 

where s0 is the unit vector of the incident beam, s is the unit vector of the diffraction beam 

as illustrated in Figure 2.1, fm(n) is the atomic structure factor of the m(n)th atom, and rm(n) 

is the position vector of the m(n)th atom. fm now takes the general form: 

𝑓𝑚 = ∫ 𝜌𝑚(𝐫) exp (2𝜋𝑖
𝒔 − 𝒔𝟎

𝜆
∙ 𝒓)  𝑑𝑉 (2.12) 

This approach is applicable when the number of atoms in a particle is not very large, such 

as nanoparticles of a few nanometres in size. However, when the particle size is relatively 

big, this approach is not practical because it is difficult and unnecessary to know the exact 

positions of all the atoms in the system. For such a system, the diffraction amplitude by 

the distorted domain is obtained by summing the scattering amplitude, i.e. the structure 

factor, of each unit cell. If Fm is the structure factor of the unit cell m at position Rm, the 

diffraction intensity can be written as[66]: 
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𝐼𝑠𝑐𝑎𝑡𝑡𝑒𝑟 = ∑ 𝐹𝑚𝑒
(
2𝜋𝑖

𝜆
)(𝒔−𝒔0)∙𝑹𝑚

𝑚

∑ 𝐹𝑛
∗𝑒

−(
2𝜋𝑖

𝜆
)(𝒔−𝒔0)∙𝑹𝑛

𝑛

= ∑ ∑ 𝐹𝑚𝐹𝑛
∗𝑒

(
2𝜋𝑖

𝜆
)(𝒔−𝒔0)∙(𝑹𝑚−𝑹𝑛)

𝑛𝑚

 

(2.13) 

where Fm(n) is the structure factor of the m(n)th unit cell and is given by 

𝐹𝑚 = ∑ 𝑓𝑗 exp (2𝜋𝑖
𝒔 − 𝒔𝟎

𝜆
∙ 𝒓)

𝑛

𝑗=1

 (2.14) 

where fj is the atomic structure factor of the jth atom in the unit cell as given by (2.12). 

The above equation expressed in terms of the structure factors can be very convenient in 

cases where exact atomic positions are not known nor sought after. For example, a 

concentration gradient across the particle can be modelled by a gradient in the unit cell 

structure factor without knowing the exact crystal structure at different concentration. 

2.1.6 In situ synchrotron XRD 

A typical setup for an in situ XRD investigation of an operating battery at the synchrotron 

facility is illustrated in Figure 2.5. Diffraction is usually carried out in transmission 

geometry, where the direction of the incident X-ray beam and the position of the 

electrochemical cell are fixed. As the X-ray beam has to transmit through the 

electrochemical cell, beryllium metal[33] or glassy carbon[67] disks are commonly used 

as the X-ray windows on both sides of the cell to minimise scattering and absorption of 

the incident beam. The diffracted intensity can be collected by various detectors, 

including 2-dimensional (2-D) area detectors, 1-dimensional (1-D) strip detectors and 0-

dimensional (0-D) point detectors, which collect data by scanning across the 2θ region of 

interest and is not suitable for time-resolved experiment. For 1-D and 0-D detectors, the 

angular resolution is mostly dependent on the resolving power of the detector itself since 

the radius of the goniometer, i.e. the sample-to-detector distance, is fixed. However, the 

angular resolution of a 2-D detector can be tuned if the detector is allowed to translate 

along the direction of the incident X-ray beam. 

The diffraction geometry with a flat area detector is illustrated in Figure 2.6. The 

detector plane is perpendicular to the incident X-ray beam and is placed at a distance Lsd 

away from the sample at point O. The intensity of the diffracted beam is measured by the 

pixels on the detector. Since each pixel has a finite width w, it measures the entire 

intensity over the angle σ subtended at the sample by the width of the pixel. Hence, the 

angular resolution is determined by σ. As the pixel width (on the order of ~100 μm) is 



Chapter 2 

 

26 

 

much smaller than the sample-to-detector distance Lsd (a few hundred mm), σ can be 

expressed as: 

σ(θ) =
𝑤 cos(2θ)

𝐿𝑠𝑑/cos(2𝜃)
=

𝑤

𝐿𝑠𝑑
𝑐𝑜𝑠2(2𝜃) (2.15) 

It is obvious that when the size of the pixel (w) is fixed, the angular resolution at the same 

diffraction angle can be improved by increasing the sample-to-detector distance. 

However, increasing Lsd comes with two costs. (i) The measured angular range is reduced 

because the angle subtended by the detector at the sample decreases with increasing Lsd. 

This effect can be partially mitigated by offsetting the detector from its centre within the 

detector plane, yet only part of the diffraction circle can be measured. (ii) The intensity 

measured by each pixel becomes less because of a smaller σ, which is proportional to the 

intensity of the diffraction beam. This will lead to a poorer signal-to-noise ratio.  

 

Figure 2.5. A typical setup for in situ XRD at a synchrotron. Either area or strip detector 

is used for fast data acquisition. A dissection of the electrochemical cell is also shown. 
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Figure 2.6. Diffraction geometry with an area detector. The sample is placed at point O, 

and the area detector is place at a distance Lsd from the sample. The detector plane is 

perpendicular to the incident X-ray beam. The width of a pixel on the detector is w and 

subtends a small angle σ at the sample. The red lines trace the X-ray beam.  

2.2 Nuclear magnetic resonance (NMR) spectroscopy 

2.2.1 The basics of NMR spectroscopy 

Most atomic nuclei possesses spin, which is denoted by the spin quantum number I. For 

a nuclear spin I, there are (2I+1) degenerate nuclear spin states. Each nuclear spin is 

associated with an angular momentum, I, of magnitude ℏ√𝐼(𝐼 + 1) (ħ is the reduced 

Planck’s constant), which gives rise to a magnetic moment, μ, described by: 

𝝁 = γ𝐺𝑰 (2.16) 

where γG is the nucleus specific gyromagnetic ratio. When an external magnetic field, B0, 

is applied along the z axis, the energy due to the interaction between the magnetic moment 

and the applied magnetic field is given by: 

𝐸 = −𝝁 ∙ 𝑩𝟎 = −γ𝐺𝑰 ∙ 𝑩𝟎 = −γ𝐺𝐼𝑧𝐵0 (2.17) 

It follows from quantum mechanics that Iz = mħ (m takes integer values between –I and 

I), so the interaction energy becomes: 

𝐸 = −𝑚γ𝐺ℏ𝐵0; 𝑚 = −𝐼, −𝐼 + 1, … , 𝐼 − 1, 𝐼 (2.18) 

Hence, the degeneracy of the nuclear spin states breaks down in the presence of an 

external field. The energy difference between two adjacent states is: 
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∆𝐸 = γ𝐺ℏ𝐵0 (2.19) 

The product of γG and B0 defines the Larmor frequency, ω0: 

ω0 = −γ𝐺𝐵0 (2.20) 

The Larmor frequency can be interpreted in the classical context as the precession 

frequency of the nuclear spin in the presence of the magnetic field.  

For a sample that contains an ensemble of randomly oriented nuclear spins, it 

exhibits no macroscopic magnetisation. In the absence of B0, the energies of all nuclear 

spin states are degenerate, and the nuclear spin states are equally populated. When B0 is 

applied, the degeneracy is lifted and the low energy nuclear spin states are more populated 

than the high energy nuclear spin states at thermal equilibrium. A direct consequence is 

the build-up of a net magnetisation, M, of the nuclear spin ensemble in the same direction 

with B0, i.e. along the z axis. 

In an NMR experiment, the sample is placed inside a homogeneous magnetic field. 

A radio frequency (r.f.) pulse is applied to rotate the vertical magnetisation of the sample 

by π/2 into the transverse plane as defined by the x-y plane in Figure 2.7 A. The precession 

of the transverse magnetisation about the vertical axis produces a rotating magnetic field, 

which induces an oscillating current in a nearby coil. This oscillating current induced by 

the precession of the transverse magnetisation, illustrated in Figure 2.7 B and known as 

the free induction decay (FID), is acquired as the NMR signal. The NMR signal is Fourier 

transformed (FT) to obtain the information in the frequency domain that is presented in a 

normal NMR spectrum schematically shown in Figure 2.7 C. 

 

Figure 2.7. Illustration of a simple NMR experiment. (A) An r.f. pulse rotates the net 

magnetisation M (along z) by π/2 into the y axis, and the magnetisation will process in 

the transverse plane (x-y plane). (B) The oscillating signal acquired by the coil when the 

magnetisation precesses about the z direction in the transverse plane. (C) The NMR 

spectrum is obtained by FT of the signal in time domain. Figure modified from reference 

[68] 
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2.2.2 Chemical shift and solid state NMR spectroscopy 

Because a nucleus is surrounded by electrons, which also possess magnetic moments, the 

application of the external field (B0) will induce currents of electrons, which generate a 

magnetic field that either adds to or subtract from B0 at the nucleus. This perturbation in 

the magnetic field experienced by the nucleus causes a shift in the nuclear spin precession 

frequency, known as the chemical shift. The total frequency of the nuclear spin becomes 

the sum of the Larmor frequency and the frequency shift due to the chemical shift. In 

practice, the chemical shift of a nuclear spin is expressed with respect to the frequency of 

the same spin in a reference substance. If the frequency of the nuclear spin of interest is 

 and the frequency of the same spin in a reference substance is ref, the chemical shift, , 

which is quoted in ppm, is given by 

δ =
𝜈 − 𝜈𝑟𝑒𝑓

𝜈𝑟𝑒𝑓
 (2.21) 

In frequency units (Hz), the chemical shift is directly given by -ref. 

Because the induced local field depends on the relative orientation of the molecule 

or crystal to B0, the chemical shift is also orientation dependent or anisotropic. In liquid 

NMR, the molecules rapidly tumble through every possible orientation with equal 

probability, which removes the chemical shift anisotropy (CSA). Consequently, only a 

single peak is observed with a shift corresponding to the averaged value referred to as the 

isotropic shift. In contrast, a static powder sample, where crystals are randomly orientated, 

the CSA will result in a distribution of the chemical shift and a broadening in the NMR 

spectrum, as shown in Figure 2.8.  

 CSA due to a power sample can be removed by the application of magic angle 

spinning (MAS) in solid state NMR[69]. MAS is carried out by spinning the powder 

sample about an axis that makes an angle θr=54.7, known as the “magic angle”, to the 

external magnetic field (B0), as shown in Figure 2.9 A. The CSA can be completely 

removed when the spinning speed is greater than the size of the CSA, resulting in the 

observation of only isotropic shift; when the spinning speed is less than the CSA, a series 

of peaks start to appear at frequencies of integer multiples of the spinning speed from the 

isotropic shift, due to the incomplete averaging of the CSA. These peaks are known as 

the spinning side bands. Figure 2.9 B shows an example of the 31P MAS NMR spectrum 

of LiFePO4 powder. 
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 For paramagnetic materials, such as LiFePO4, the dominant internal contribution 

to the local magnetic field at the nucleus comes from the unpaired electrons of the 

paramagnetic ions[70]. This interaction leads to a line shape that resembles CSA and can 

also be removed by MAS. 

 

Figure 2.8. Illustration of the orientation dependence of the chemical shift. The crystals 

highlighted in green, yellow and red, have different orientations and giving rise to peaks 

indicated by the respective colour. Figure modified from reference [71]. 

 

Figure 2.9 (A) Schematic illustration of magic angle spinning (MAS), where a powder 

sample spins about the axis that makes an angle of 54.7 (“magic angle”) to the external 

magnetic field (B0). (B) The 31P MAS NMR spectrum at a spinning speed of 40 kHz in 

comparison with the static NMR spectrum of LiFePO4 powder. The spinning side bands 

are indicated by stars. Figure adapted, with permission, from my colleague Dr. Oliver 

Pecher. 

2.2.3 Li NMR of LiFePO4 

There are two NMR active Li isotopes, 6Li (I = 1) and 7Li (I = 3/2), that can be used for 

the Li NMR measurement of LiFePO4. The interaction between the Li nuclei and the 

average magnetic moment of the unpaired electrons causes a large broadening in the 

powder spectrum, as shown by the red spectrum in Figure 2.10. Due to the finite length 

of the r.f. pulse, only nuclear spins within a finite frequency range centred about the 

carrier frequency will be excited. To obtain a spectrum where the intensity at the edge of 
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the excited spectrum is reduced to 90% of the full intensity, the r.f. pulse length is given 

by[72] 

𝜏𝑟𝑓 =
0.4

ω
 (2.22) 

where rf is the r.f. pulse length required to rotate the nuclear spin by 90, and ω is the 

excitation width defined by the difference between the frequency at the edge of spectrum 

and the carrier frequency. According to (2.22), to excite the entire 7Li NMR spectrum of 

LiFePO4 as shown in Figure 2.10 when the carrier frequency is at 0 kHz, ω is equal to 

500 kHz and the corresponding r.f. pulse length is 0.8 s. Therefore, for r.f. pulses that 

are longer than 0.8 s, the spectrum will only be partially excited as schematically 

illustrated by the blue spectrum in Figure 2.10. 

 

Figure 2.10. The red spectrum shows the fully excited 7Li NMR spectrum of a LiFePO4 

powder. When a long r.f. pulse is used, only part of the spectrum will be excited as 

illustrated schematically by the blue spectrum. Figure adapted, with permission, from my 

colleague Dr. Oliver Pecher.  
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3 Determination of the Li tracer diffusivity in LiFePO4 from 

Li isotope exchange experiment 

3.1 Introduction 

Solid state Li-ion diffusion plays an important role in understanding the rate capability of 

any Li-ion battery electrode. Despite being the subject of both theoretical[10,37] and 

experimental[44–49,73,74] investigations, reported values for the Li diffusivity in 

LiFePO4 span from 10-14 cm2 s-1 to 10-8 cm2 s-1. The large disparity in the literature values 

can be attributed, at least in part, to the different methods (microscopic vs. macroscopic 

methods) used in obtaining the Li diffusivity. 

 In microscopic methods, diffusion is assumed to occur by random jumps of Li 

between adjacent sites on a lattice. The relationship between the tracer diffusivity, D, and 

the Li jump frequency, Γ, is given by: 

𝐷 =
1

2
𝑙2Γ (3.1) 

where l is the distance between successive jumps. Since Li diffusion in LiFePO4 is well 

established experimentally[7] and theoretically[8,9] to follow a one-dimensional (1-D) 

wavy path, as shown in Figure 3.1, l is well defined by the crystal structure. Hence, 

microscopic measurement of diffusion largely hinges on the determination of Li jump 

frequency and yields the tracer diffusivity: theoretical calculations predict a tracer 

diffusivity on the order of 10-8 cm2 s-1, while muon spin relaxation measurements[44–46] 

consistently yield values on the order of 10-10 cm2 s-1. 

 In contrast, the macroscopic method treats diffusion as described by Fick’s law of 

diffusion and relates diffusion flux with the concentration gradient. The diffusivity is 

determined by matching the experimental observables, such as flux, with theoretical 

solutions of Fick’s diffusion equations subject to certain boundary conditions. The 

macroscopic method is commonly adopted by electrochemical techniques: measurements 

by cyclic voltammetry (CV)[47,48], galvanostatic/potentiostatic titration techniques 

(GITT/PITT)[47,49,73,74], and electrochemical impedance spectroscopy (EIS)[47], 

yield Li diffusivity in the range 10-14 ~ 10-11
 cm2 s-1. Since the above measurements (CV, 

GITT/PITT and EIS) are carried out with a gradient in Li concentration, the measured 

diffusivity is the chemical diffusivity of Li, which is related to the tracer diffusivity by: 
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�̃� = 𝐷(1 +
d lnγ

d ln𝑋
) (3.2) 

where D is the tracer diffusivity, �̃� is the chemical diffusivity, γ is the thermodynamic 

activity coefficient and X is the mole fraction of the diffusing species. Notwithstanding 

the inherent difference between tracer and chemical diffusivity, the large discrepancy in 

the Li chemical diffusivity of LiFePO4 obtained from the electrochemical methods also 

arises from the difficulty in the accurate determination of the active surface area (the 

surface that allows Li transport between LiFePO4 and the electrolyte), which is needed as 

a parameter to calculate the Li chemical diffusivity from the theoretical solution to Fick’s 

equations. Another inadequacy of the electrochemical methods arises from the 

assumption of a single-phase reaction. This leads to the theoretical solution used to 

calculate the chemical diffusivity, whereas delithiation of LiFePO4 nominally takes place 

by a two-phase reaction. Yet, this problem can be overcome if measurements are carried 

out only within the single-phase regime of LiFePO4. As a consequence of the above 

inadequacies, the measured Li chemical diffusivity becomes more of a reflection of the 

electrode architecture than a real assessment of the Li diffusion in LiFePO4.  

 In principle, measurement of the same type of diffusion, for example tracer 

diffusivity, should yield the same value regardless of the methods employed. To 

independently check the validity of the high tracer diffusivity obtained from microscopic 

measurements, a different macroscopic method that exploits the cation (Li+) exchange 

between Li+
 in the liquid LiPF6 electrolyte solution (with 92.5 % 7Li and 7.5 % 6Li) and 

Li+ in the solid LiFePO4 (with 4 % 6Li and 96 % 7Li) particles is adopted to determine the 

Li tracer diffusivity in LiFePO4. Details of the model are described in the next section.  

 

Figure 3.1 The edge sharing LiO6 octahedral chain of LiFePO4. The blue and red spheres 

represent Li and O, respectively. The wavy dashed green curve indicates the Li diffusion 

path.  
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3.2 Theory 

3.2.1 Ion exchange for LiFePO4 

The ion exchange usually takes place via inter diffusion between ions in the liquid and 

the solid phases, which are tagged with two different isotopic species. For an infinite 

plane with thickness L, the fraction of ions in the solid that has exchanged with ions in 

the liquid after an exchange time t, known as tracer exchange and denoted by γ(t), can be 

solved from Fick’s diffusion equations and expressed as[75] 

γ(t) = 1 −
8

𝜋2
∑

1

(2𝑛 + 1)2
exp (−

(2𝑛 + 1)2𝜋2𝐷′𝑡

𝐿2
)

∞

𝑛=0

 (3.3) 

where D’ is the inter diffusion coefficient for the out-going (from solid to liquid) and in-

coming (from liquid to solid) ions. Under the assumption that the isotopic effect is 

negligible, the inter diffusion coefficient (D’) can be replaced by the tracer diffusivity of 

the isotope.  

 In LiFePO4, since each LiO6 (Figure 3.1) octahedron accommodates at most one 

Li, a jump to an adjacent Li site is only possible when that adjacent site is vacant. This 

introduces a correlation between Li motion along the LiO6 chain, and the Li diffusion 

cannot be described as random jumps since the possibility of the Li jump now depends 

on the occupancy of the adjacent site. Diffusion in such as system, where the diffusing 

species cannot overtake its neighbours, is known as single-file diffusion. Consequently, 

(3.3) is not valid in describing ion exchange subject to single-file diffusion as exchange 

cannot take place by inter diffusion of Li due to the exclusion of mutual passages of Li 

along the diffusion channel. Instead, ion exchange can only take place at both ends of the 

channel: expelling an ion from the terminal site of the channel creates a vacancy which 

can then be occupied by an ion from the liquid. Li diffusion between channels is predicted 

to be several orders of magnitude lower than Li diffusion within channels[8,10,37], and 

is not considered to substantially affect the single-file diffusion process. 

 Tracer exchange subject to single-file diffusion has been worked out by Vasenkov 

et al.[76]:  

γ(t) =
4

𝐿
√

𝐹

𝜋
𝑡1/4 (3.4) 

where L is the length of the channel and F is the single-file mobility factor defined as 
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𝐹 = √
Γ

2𝜋

1 − Θ

Θ
𝑙2 (3.5) 

with Γ being the frequency of the attempted jump, l being the distance between two 

adjacent sites, and Θ being the occupancy of available sites in the channel. An attempted 

jump is successful only when the jump is directed to an adjacent vacant site and is 

equivalent to the jump frequency given in (3.1). Although the diffusion coefficient has 

little significance in single-file diffusion, the fundamental parameters l and Γ can be used 

to obtain F or vice versa if Θ is known. A distinct character of tracer exchange, subject 

to single-file diffusion, is the dependence on t1/4. 

 Since tracer exchange will approach 1 at longer times, it cannot increase with t1/4 

indefinitely as described in (3.4). At very long times, tracer exchange deviates from t1/4 

dependence and follows (3.3) with D’ being replaced by the centre of mass diffusivity 

(Dcm) given by[77,78]: 

𝐷𝑐𝑚 =
(1 − Θ)𝐷

𝐿Θ
 (3.6) 

3.2.2 Relationship between tracer exchange and isotopic abundance 

Since tracer exchange is usually obtained through the measurement of the isotopic 

abundance in the solid and/or liquid, the relationship between tracer exchange and 

isotopic abundance needs to be established. If ions in the liquid are tagged only by one 

isotope, for example 7Li, and are infinite in number relative to the ions in the solid, which 

are tagged only by a different isotope, for example 6Li, tracer exchange is simply given 

by the fraction of 7Li nuclei in the solid. When the number of ions in the liquid is not 

infinitely large in comparison to ions in the solid, the isotope abundance in the liquid 

changes as ion exchange takes place and tracer exchange is not directly given by the 

isotope abundance in the solid.  

 Consider a single-file channel with Ms moles of Li, of which the 6Li abundance is 

fs, immersed in a liquid with Ml moles of Li, of which the 6Li abundance is fl. Since the 

6Li abundance in both the solid and liquid changes with time and is a function of time, 

for the sake of clarity, the 6Li abundance in the solid and the liquid before any ion 

exchange takes place is denoted by fs(0) and fl(0) (assuming fl(0) < fs(0) for the sake of 

argument), respectively. If the channel is described with a fractional coordinate x that 



Chapter 3 

 

37 

 

ranges from 0 at one end to 1 at the other end of the channel, a tracer exchange γ(t) is 

equivalent to the fraction of the channel that has undergone ion exchange, as illustrated 

in Figure 3.2. To relate tracer exchange γ(t) to the 6Li abundance of the channel fs(t), fs(t) 

can be expressed by integrating the local 6Li abundance profile 𝑓�̃�(𝑥, 𝑡)  (x defined 

between 0 and 1) across the channel while noting 𝑓�̃�(𝑥, 𝑡) = 𝑓𝑠(0) in the unexchanged 

region: 

𝑓𝑠(𝑡) = ∫ 𝑓�̃�(𝑥, 𝑡)𝑑𝑥
1

0

= ∫ 𝑓�̃�(𝑥, 𝑡)𝑑𝑥
𝛾(𝑡)

0

+ 𝑓𝑠(0) ∙ (1 − 𝛾(𝑡)) (3.7) 

where the integral between 0 and γ(t) is performed over the red region as shown in Figure 

3.2. Since γ(t) is contained in the integral ∫ 𝑓�̃�(𝑥, 𝑡)𝑑𝑥
𝛾(𝑡)

0
 and 𝑓�̃�(𝑥, 𝑡) varies with x in the 

exchanged region, solving for γ(t) is not trivial in this case. Hence, only the upper and 

lower limits of γ(t) are derived here. 

 

Figure 3.2 The distributions of Li in a single channel that has (red) and has not (cyan) 

been exchanged with the Li in the electrolyte at time t and t+t after the start of exchange. 

The tracer exchange γ defined as the fraction of ions in the channel that have undergone 

exchange, i.e. the ratio between the length of the red region and the length of the entire 

channel (red + cyan). The position of a Li in the channel is normalised against the channel 

length and is described by the dimensionless fractional coordinate x. 

 The upper limit can be obtained by noting that the 6Li abundance in the liquid, 

fl(t), increases with time (since it has been previously assumed that fl(0) < fs(0)), hence, 

𝑓�̃�(𝑥, 𝑡) must be less than or equal to fl(t) anywhere in the in the exchanged fraction of the 

channel: 
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∫ 𝑓�̃�(𝑥, 𝑡)𝑑𝑥
𝛾(𝑡)

0

≤ ∫ 𝑓𝑙(𝑡)𝑑𝑥
𝛾(𝑡)

0

= 𝑓𝑙(𝑡) ∙ 𝛾 (3.8) 

Substituting (3.8) into (3.7) yields the following inequality: 

𝑓𝑠(𝑡) ≤ 𝑓𝑙(𝑡) ∙ 𝛾 + 𝑓𝑠(0) ∙ (1 − 𝛾(𝑡)) (3.9) 

 

Noting fl(t) < fs(0), rearranging the above inequality gives: 

γ(t) ≤
𝑓𝑠(0) − 𝑓𝑠(𝑡)

𝑓𝑠(0) − 𝑓𝑙(𝑡)
 (3.10) 

which defines the upper limit of γ(t). 

 To estimate the lower limit of γ(t), consider the change in fs after a small time 

increment t: 

𝑓𝑠(𝑡) = 𝑓𝑠(t + ∆t) − 𝑓𝑠(t) 

= ∫ 𝑓�̃�(𝑥, 𝑡 + ∆𝑡)𝑑𝑥 + ∫ 𝑓�̃�(𝑥, 𝑡 + ∆𝑡)𝑑𝑥

∆𝛾

0

∆𝛾+𝛾(𝑡)

∆𝛾

− ∫ 𝑓�̃�(𝑥, 𝑡)𝑑𝑥

𝛾(𝑡)

0

− 𝑓𝑠(0)

∙ ∆γ 

 

(3.11) 

where the relationship between γ(t) and γ is illustrated in Figure 3.2. Since the total 

amount of 6Li in the region γ < x < γ(t) + γ at t + t is no less than 6Li in the region 0 

< x < γ(t) at t, the difference between the integrals ∫ 𝑓�̃�(𝑥, 𝑡 + ∆𝑡)𝑑𝑥
∆𝛾+𝛾(𝑡)

∆𝛾
−

∫ 𝑓�̃�(𝑥, 𝑡)𝑑𝑥
𝛾(𝑡)

0
 is always non-negative. In addition, 6Li abundance in the incremental 

exchanged region γ cannot exceed the 6Li abundance of the liquid, hence, 

𝑓�̃�(𝑥, 𝑡 + 𝑡) ≥ 𝑓𝑙(𝑡) for 0 < x < γ. Substituting both relations into (3.11) yields the 

inequality (noting fs(t) < 0) : 

𝑓𝑠(𝑡) + 𝑓𝑠(0) ∙ ∆𝛾 ≥ ∫ 𝑓𝑙(𝑡)𝑑𝑥
∆𝛾

0

= 𝑓𝑙(𝑡) ∙ ∆𝛾 (3.12) 

∆γ ≥ −
𝑓𝑠(𝑡)

𝑓𝑠(0) − 𝑓𝑙(𝑡)
 (3.13) 

Since γ(t) = ∫ 𝑑𝛾
𝑡

0
 can be approximated by a summation of γ, the lower limit of γ(t) 

can be expressed by the inequality below: 
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γ(t) = ∫ 𝑑𝛾
𝑡

0

≅ ∑ ∆𝛾(𝑡𝑖) ≥ ∑ −
𝑓𝑠(𝑡)

𝑓𝑠(0) − 𝑓𝑙(𝑡)
𝑖𝑖

 (3.14) 

When the 6Li abundance of the liquid (fl) is kept constant over time, the limits given by 

(3.10) and (3.14) becomes identical and yield the exact result for γ(t). 

 The 6Li abundance of the electrolyte can be obtained on the basis of conservation 

of matter in closed system (ions in the channel and the liquid): 

𝑓𝑠(0) ∙ 𝑀𝑠 + 𝑓𝑙(0) ∙ 𝑀𝑙 = 𝑓𝑠(𝑡) ∙ 𝑀𝑠 + 𝑓𝑙(𝑡) ∙ 𝑀𝑙 (3.15) 

As fs(0) and fl(0) are known from the starting solid and liquid, respectively, one only needs 

to obtain at least one of fs(t) and fl(t) in order to estimate the lower and upper limits of 

tracer exchange. 

 The above derivations show that experimentally measurable parameters, such as 

6Li/7Li abundance, can be related to the desired tracer exchange used in ion exchange 

models if the 6Li abundance in the starting liquid and solid phases and the molar ratio of 

Li in the liquid and solid phase are known. 

3.3 Experimental method 

3.3.1 Materials synthesis and preparation 

Since ion exchange is a macroscopic method, knowledge of the microstructure of the 

sample is still required to obtain the attempted jump frequency of Li. According to (3.4), 

the diffusion channel length (L) of the sample is needed to obtain the single-file mobility 

factor (F), from which the attempted jump frequency (Γ) can be determined through (3.5) 

if the Li occupancy in the diffusion channel is known. To reduce the uncertainty of the 

attempted jump frequency due to errors in L and Θ, it is important to use samples with 

well-defined L and Θ and perform ion exchange experiment over different L and Θ pairs. 

Samples with well-defined crystal facets are preferred for obtaining accurate diffusion 

channel length. Solvothermal syntheses[79,80] have been shown to produce LiFePO4 

crystals of platelet morphology with the short axis parallel to the Li diffusion channel and 

were adopted in this study. The use of ethylene glycol (EG)[80] and polyethylene glycol 

(PEG)[79] as synthesis solvents has been shown to produce nano (35 nm thick) and 

micron (a few hundred nm thick) platelets, respectively, which would give two different 

L values. 
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For the synthesis carried out with EG solvent, 0.0016 mol FeSO4∙7H2O (Fisher 

Scientific) and 0.004 mol 6Li-enriched LiOH∙H2O (Cambridge Isotope, 96 % 6Li) were 

separately dissolved in 8 mL EG by sonication. The FeSO4 EG solution was added to 

0.0016 mol phosphoric acid (85wt% aqueous solution, Sigma Aldrich). LiOH EG 

solution was further added dropwise to the acidic FeSO4 solution under mechanical 

stirring, resulting in the formation of dark green precipitates. The mixture was stirred for 

5 min before being transferred to a 22 mL Teflon sleeve in an autoclave. The autoclave 

was heated at 180 C for 10 hours. LiFePO4 particles were collected by centrifuge, 

washed with water and ethanol and dried in a vacuum oven at 100 C overnight.  

 For the synthesis carried out with PEG solvent, 0.00225 mol H3PO4 (85 wt% 

aqueous solution, Sigma Aldrich) was mixed with 2.25 mL deionised water and 9 mL 

PEG. 0.00675 mol 6Li enriched LiOH∙H2O (Cambridge Isotope, 96% 6Li) and 0.00225 

mol FeSO4∙7H2O (Fisher Scientific) were dissolved in 6.75 mL and 4.5 mL deionised 

water, respectively. FeSO4 solution was added dropwise to the H3PO4 solution under 

mechanical stirring, resulting in the formation of white precipitates. LiOH solution was 

subsequently introduced dropwise into the mixture, and the precipitates turned a light 

green colour. The mixture was stirred for a further 5 min before being transferred to a 45 

mL Teflon sleeve. The mixture in the Teflon sleeve was purged with Ar for 2 min, sealed 

in a Parr reactor, and kept at 180 C for 24 hours. The product was collected by centrifuge, 

washed with water and ethanol and dried in a vacuum oven at 100 C overnight. 

 To prepare samples of different Li occupancy (Θ), the sample synthesised in EG 

was partially delithiated by Br2 via the following reaction[18]: 

LiFePO4 + 𝑥 ∙ Br2 = Li1−2𝑥FePO4 + 2𝑥 ∙ LiBr 

Two batches of 0.043 g pristine sample synthesised in EG were reacted with 

approximately 0.02 mmol and 0.01 mmol Br2, respectively, in 5 mL acetonitrile with 

constant stirring, and the partially delithiated samples are referred to as EG A and EG B, 

respectively. The partially delithiated samples were sequentially washed with acetone and 

then ethanol, and dried at 100 C in vacuum overnight. 

3.3.2 Li solid state NMR measurement 

The evolution of the Li isotope concentration in LiFePO4 was measured with both ex situ 

and in situ methods. The spin-echo pulse sequence (90° - τ - 180° - τ – acquire) was used 
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to acquire the Li spectra in both methods, and all spectra were referenced to 1 M LiCl 

solution at 0 ppm. 

 For a typical in situ NMR measurement, 15 mg of 6Li-enriched LiFePO4 powder 

was wrapped in a piece of tissue paper (KIMTECH delicate task wipers) to keep the 

sample fixed in space. The wrapped sample was inserted into a 5 mm NMR tube. The 

NMR tube (with the wrapped LiFePO4 sample inside) was dried in a vacuum oven at 100 

C overnight before being taken into the Ar-filled glove box. 0.5 mL 1 M LiPF6 (natural 

6Li and 7Li abundance) in EC and DMC electrolyte solution was quickly added to the 

NMR tube using a syringe, and the LiFePO4 powder was completely immersed in the 

electrolyte while the powder sample was still kept in place due to the tissue paper. The 

NMR tube was sealed with a cap, taken out of the glove box and placed inside the NMR 

coil of a static probe. The 6Li and 7Li abundance of the starting LiFePO4 and LiPF6 

electrolyte are summarised in Table 3.1. Figure 3.3 shows an image of a sealed NMR 

tube. The static probe was used on a Bruker 300 spectrometer for measurement. In situ 

6Li NMR spectra were recorded continuously to monitor the evolution of the 6Li 

population in the sample as a function of immersion time. The 6Li NMR spectra were 

acquired with a spin-echo pulse sequence with a recycle delay of 0.1 s, and the 

measurement of each spectrum took 60 min. The short recycle delay suppresses the 6Li 

signal from the electrolyte, and only 6Li signal from LiFePO4 was measured in practice. 

Due to the time required to transfer sample from the glove box to the NMR probe, the 

acquisition of the first in situ NMR spectrum was started only after the LiFePO4 powder 

had been immersed in the electrolyte and undergone exchange for approximately 15 min. 

Since the 6Li signal intensity is only proportional to the 6Li population, the evolution of 

the 6Li signal intensity is also only proportional to, but does not provide a direct 

measurement of the evolution of 6Li abundance. To obtain the 6Li abundance from 6Li 

NMR signal intensity, one only needs to know the 6Li abundance at any one of the points 

measured by in situ NMR experiment to obtain the proportionality between 6Li abundance 

and intensity. This can be done by the ex situ NMR measurement of a sample that has 

undergone the same exchange process as any one of the points from in situ NMR 

measurement. 

For a typical ex situ NMR measurement, 15 mg of 6Li-enriched LiFePO4 powder 

was immersed in 0.5 mL 1 M LiPF6 (natural 6Li and 7Li abundance) in ethylene carbonate 

(EC) and dimethyl carbonate (DMC) electrolyte solution in an Ar-filled glove box for a 

desired period of time, after which the electrolyte was removed and the LiFePO4 powder 
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was washed with DMC three times and dried in vacuum. Magic angle spinning (MAS) 

6Li and 7Li NMR spectra were acquired on a Bruker 300 spectrometer. A spin-echo pulse 

sequence was applied with a recycle delay of 0.1 s and a spinning speed of 25 kHz. The 

6Li to 7Li molar ratio of the immersed sample was determined by comparing the integrated 

intensities of the 6Li and 7Li spectra with those obtained for the pristine LiFePO4 sample 

with known 6Li (96%) and 7Li (4%) abundances. 

 

Table 3.1 6Li and 7Li abundance of all Li containing species at the onset of the ion 

exchange experiment (t = 0, i.e. no contact between the LiFePO4 powder and the LiPF6 

electrolyte). 

 
Number of Li 

nuclei ( x 10-4 mol) 

6Li abundance 7Li abundance 

LiPF6 5 7.5 % 92.5 % 

LiFePO4 0.96 96 % 4 % 

LiPF6 + LiFePO4 5.96 22 % 78 % 

 

 

Figure 3.3 A sealed NMR tube containing the wrapped 6Li-enriched LiFePO4 powder 

immersed in 1 M LiPF6 in EC and DMC electrolyte solution.  

3.3.3 X-ray powder diffraction and Rietveld refinement 

The XRD patterns of synthesised LiFePO4 were collected at room temperature using a 

Panalytical Empyrean diffractometer equipped with Cu Kα. Measurements were taken 

with a step size of 0.0167° in Bragg-Brentano reflection geometry. 
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 Rietveld refinements were performed with the TOPAS software package[81] in 

the 2θ range 10 -- 90. The background was modelled with a Chebyshev polynomial 

with 6 coefficients. The scale factor and the sample displacement were refined. The 

Thompson-Cox-Hasting pseudo-Voigt peak profile was used for LiFePO4 synthesised in 

PEG, and preferred orientation along the (0k0) direction was included. For LiFePO4 

synthesised in EG, the peak profile was modelled with anisotropic size broadening 

(Lorentzian shape) and isotropic strain broadening (Gaussian shape). The anisotropic size 

broadening is described by  

𝐻𝐿 =
𝜆

𝑐𝑜𝑠𝜃
∑ 𝐶𝑖𝑗𝑌𝑖𝑗

𝑖𝑗

 (3.16) 

where HL is the full width at half maximum (FWHM) of a Lorentzian peak, λ is the X-

ray wavelength, Yij are the symmetrised spherical harmonics[82], and Cij are the refined 

parameters. The volume averaged length along a certain crystal axis, 〈𝐿ℎ𝑘𝑙〉𝑉 , can be 

obtained by 

〈𝐿ℎ𝑘𝑙〉𝑉 =
2

𝜋 ∑ 𝐶𝑖𝑗𝑌𝑖𝑗𝑖𝑗
 (3.17) 

The isotropic strain broadening is described by 

𝐻𝐺 = ε tanθ (3.18) 

where HG is the FWHM of a Guassian peak, and ε is the refined isotropic strain parameter. 

The structure was described in the Pnma space group, and unit cell and atomic positions 

were refined. Isotropic atomic displacement parameters (ADP) were refined for Fe, P and 

O atoms, where the ADP for O atoms at different sites were constrained to be identical. 

The ADP for Li was fixed at 1.5 and not refined. 

3.4 Results and discussion 

3.4.1 Sample characterisation 

The XRD patterns of the pristine 6Li-enriched LiFePO4 particles are shown in Figure 3.4. 

All reflections are indexed in the Pnma space group, which is adopted by LiFePO4. No 

impurity phases were observed. Table 3.2 summarises the LiFePO4 lattice parameters 

obtained from the Rietveld refinements. The unit cell volume for the sample synthesised 

in PEG are similar to the values obtained for a defect-free LiFePO4 determined by X-ray 

diffraction from prior studies (V = 291.4 Å3[39]). However, the pristine sample 

synthesised in EG shows noticeably smaller lattice parameters. The contraction in lattice 
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parameters is usually attributed to the existence of Fe3+ through a partial delithiation 

process when LiFePO4 is exposed to water/moisture or oxidative atmosphere[83,84] 

and/or the formation of Fe vacancies usually found for the low temperature (~100 C) 

precipitation synthesis[85,86]. As expected, the partial delithiation of the pristine 

particles synthesised in EG by Br2 results in a substantial decrease in the lattice volume. 

Assuming the unit cell contraction is due solely to the decrease in the Li occupancy, the 

Li occupancy can be interpolated from the unit cell volumes by Vegard’s law: 

Θ =
𝑉𝑒𝑥𝑝 − 𝑉𝐹𝑃

𝑉𝐿𝐹𝑃 − 𝑉𝐹𝑃
 (3.19) 

where Vexp is the unit cell volume of LiFePO4 sample in this study, and VLFP and VFP are 

the unit cell volumes of stoichiometric LiFePO4 and FePO4, respectively. Since Θ is more 

sensitive to VLFP than to VFP when Θ is close to 1, the choice of VLFP is critical. Table 3.3 

tabulates the unit cell volumes of nearly stoichiometric LiFePO4 from the literature, and 

VLFP = 291.18 Å3[42], which is obtained for hydrothermally synthesised LiFePO4 with < 

0.5 % Fe on Li site and 0.99 Li occupancy, is used in this study. The unit cell volume of 

stoichiometric FePO4 is also taken from literature, and VFP = 271.7 Å3[23], obtained from 

XRD of electrochemically delithiated FePO4, is adopted. Li occupancy deduced from 

Vegard’s law is shown in Table 3.2. The uncertainty in Li occupancy resulting from the 

errors in the refined lattice parameters is only ~0.1 %. Nonetheless, given the difference 

between the reported values (VLFP = 291.4 Å3[39] and VLFP = 291.18(1) Å3[42] for 

stoichiometric LiFePO4), which gives rise to ~1 % difference in Li occupancy, 1% is 

taken as a measure of the uncertainty in Li occupancy. 
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Figure 3.4 XRD patterns of the pristine (as-synthesised) 6Li-enriched LiFePO4 particles 

synthesised in (A) EG and (B) PEG. Calculated diffraction patterns for the Rietveld-

refined structures are shown in red. The difference (observed – calculated) curves are 

shown in grey. The green ticks indicate the positions of the Bragg reflections. 

Table 3.2 LiFePO4 lattice parameters obtained from the Rietveld refinement for various 

samples. 

Synthesis medium a / Å b / Å c / Å V / Å3 Θ 

EG (pristine) 10.3108(2) 5.9989(1) 4.6982(1) 290.60(1) 97 ± 1 % 

PEG (pristine) 10.3373(1) 6.00195(5) 4.69758(7) 291.456(6) --a 

EG A (delithiated) 10.2980(3) 5.9936(2) 4.7006(1) 290.13(2) 94 ± 1 % 

EG B (delithiated) 10.3006(4) 5.9945(3) 4.6999(2) 290.20(2) 95 ± 1 % 

a Since its value is almost identical to the literature value, its vacancy concentration is 

close to zero. 
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Table 3.3 Literature unit cell volumes obtained for nearly stoichiometric LiFePO4 

Reference 

Unit cell 

volume / 

Å3 

Synthesis 

method 

Characterisation 

method 

Fe defect 

on Li site 

Li 

occupancy 

[39] 291.4 Hydrothermal Lab XRD 0 Unknown 

[42] 291.18 Hydrothermal Synchrotron XRD < 0.5 % 0.99 

[41] 291.16 Hydrothermal 

Synchrotron XRD 

and neutron 

powder diffraction 

(NPD) 

2 % 0.95 

[87] 290.76 Solid state NPD 0 1 

 

 The SEM images (Figure 3.5) of both samples show the expected[79,80] platelet 

morphology with the short axis being parallel to the Li diffusion channel (b axis). Due to 

the small crystal size, the microstructure of the sample synthesised in EG is quantified by 

the Scherrer analysis of the anisotropic diffraction peak broadening, which is 

implemented in the Rietveld refinement, and the volume weighted size along the three 

principal crystal axes are given in Table 3.4. The average length along the b axis is 50 

nm. However, the crystal size of the sample synthesised in PEG is too large to contribute 

to substantial broadening of the XRD peaks, hence the size distribution for the short axis 

is measured from the SEM image. A total 26 crystals were measured, and histogram in 

Figure 3.6 shows the frequency that a crystal with a certain thickness along the short axis 

is observed. The average size of the short axis of the crystals is 255 nm. The samples 

synthesised in EG and PEG are henceforth referred to as Nano- and Micron-plate LiFePO4, 

respectively, and the delithiated EG A and EG B samples are henceforth referred to as 

Nano-plate A and B, respectively. 
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Figure 3.5 SEM images showing the LiFePO4 crystals synthesised in (A) EG and (B) 

PEG. 

Table 3.4 The volume weighted size (determined by Scherrer formula) of the sample 

synthesised in EG along the a, b, c crystal axes.  

Orientation (h00) (0k0) (00l) 

Size (nm) 59 50 132 

 

 

Figure 3.6 Histogram of the measured thickness along the short axis determined from 26 

LiFePO4 crystals synthesised in PEG. 

Due to the large dipolar interactions between the Li nuclei and the unpaired 

electron of Fe2+, it is difficult to excite and acquire the entire static 6Li NMR spectrum 

for LiFePO4 at a single carrier frequency. Instead, 6Li NMR spectra acquired at different 

frequencies were added up to yield the complete static 6Li NMR spectrum of LiFePO4. 

Figure 3.7 shows the summed spectrum (red) and the sub-spectra measured at various 

carrier frequencies measured on a Micron pristine LiFePO4 sample immersed in DMC 

solvent to mimic the magnetic susceptibility of the EC/DMC electrolyte solvent. The 
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large span of the summed 6Li spectrum is consistent with previous reports[88,89] for this 

material. 

 

Figure 3.7 The 6Li static NMR spectra of 6Li-enriched Micron pristine LiFePO4 particles 

in DMC solvent. The spectrum in red is obtained by summing up the 6Li static spectra 

acquired at carrier frequencies of 50 kHz (~ 1130 ppm), 0 kHz, -50 kHz and -100 kHz (~ 

-2270 ppm). 

3.4.2 The evolution of the 6Li abundance of LiFePO4 under soaking condition 

To track the amount of 6Li in LiFePO4 when it is immersed in the naturally abundant 6Li 

(7.5%) and 7Li (92.5%) electrolyte, in situ static 6Li NMR spectra were acquired 

continuously at a fixed carrier frequency equal to 0 ppm (0 kHz). Since the LiFePO4 

powder sample wrapped with tissue paper is fixed in space, the full spectrum (the red 

pattern in Figure 3.7) will not change in shape and will only decrease in intensity when 

exchange between 6Li and 7Li occurs. Therefore, although only a portion of the total 6Li 

nuclei in the LiFePO4 powder sample can be measured in the in situ NMR experiment, 

the population of the measured 6Li nuclei is a fixed proportion to the entire 6Li population 

and can still be used to represent the 6Li population of the entire LiFePO4 sample. The 

static 6Li NMR spectra for pristine Nano- and Micron-plate LiFePO4 powder samples in 

LiPF6 electrolyte solution are shown in Figure 3.8 A and C, respectively. The difference 

in the peak width is due to the different pulse lengths applied during the measurements 

(π/2 pulse lengths of 11.25 μs and 7 μs for Nano- and Micron-plate samples, respectively), 

which lead to different excitation band widths. Figure 3.8 B and D show the in situ 6Li 

NMR spectra obtained during the immersion of pristine Nano- and Micron-plate samples, 

respectively, in the LiPF6 electrolyte solution. Acquisition of the first NMR spectrum 
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started at 15 min after LiFePO4 had been immersed in the electrolyte. As each spectrum 

took 60 min to acquire, the average of the starting and finishing time for each spectral 

acquisition is taken to be the corresponding immersion time. For example, the first in situ 

NMR spectrum (acquisition started at 15 min and finished at 75 min after immersion) 

corresponds to an immersion time of (15+75)/2 = 45 min. It is noted that the 6Li resonance 

due to LiPF6, which is expected to appear as a very sharp peak at ~ 0 ppm, is suppressed 

due to the short recycle delay, and only the broad peak due to 6Li in LiFePO4 is observed. 

The intensity of the 6LiFePO4 peak for the Nano-plate LiFePO4 (Figure 3.8 B) decreases 

over time, indicating a loss of 6Li nuclei in LiFePO4. The intensity decrease for the 

Micron-plate sample (Figure 3.8 D) appears to be much less. Since LiFePO4 does not 

react with the LiPF6 electrolyte solution, the total amount of Li in LiFePO4 should remain 

constant. The decrease of the 6Li spectral intensity in LiFePO4 is hence compensated for 

by an increase of 7Li in LiFePO4 via exchange between Li in LiFePO4 and Li in the 

electrolyte.  
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Figure 3.8 In situ static 6Li NMR spectra measured with spin echo for the pristine (A) 

Nano- and (C) Micron-plate LiFePO4 powder samples. π/2 pulses of 11.25 μs and 7 μs 

are for the Nano- and Micron-plate samples, respectively. Image plots of the in situ 6Li 

NMR spectra collected while LiFePO4 particles are immersed in the electrolyte for the 

(B) Nano- and (D) Micron-plate samples, the graphs next to the image plots are the 

corresponding integrated spectral intensities. The acquisition for the first spectrum started 

at 15 min after LiFePO4 had been immersed in the electrolyte. 

Since it is not known from the in situ spectra what the 6Li abundance of LiFePO4 

is at the time when the first NMR spectrum was taken, ex situ 6Li and 7Li NMR spectra 

were measured to correlate the integrated intensities of the in situ 6Li NMR spectra with 

the 6Li abundance of LiFePO4. Taking the in situ NMR result of Nano-plate LiFePO4 as 

an example (Figure 3.8 B), the integrated intensity of the first NMR spectrum (at t = 45 

min) is 908, and ex situ NMR measurement of Nano-plate LiFePO4 subject to the same 

time (45 min) and immersion conditions yields a 6Li abundance of 0.68. The 6Li 

abundance corresponding to the sample measured at t = 45 min in the in situ NMR 

experiment is assigned a value of 0.68 and the 6Li abundance of the subsequent in situ 

points can be obtained by multiplying the integrated intensity with the conversion factor 

0.68

908
= 7.49 × 10−4. For Micron-plate and Nano-plate A and B, since the immersion time 

for the ex situ measurement does not coincide the time of any of the in situ NMR spectra, 

the integrated spectral intensity, used to calculate the conversion factor, was obtained by 

linear interpolation between two adjacent integrated spectral intensities from the in situ 

NMR measurement. Taking the in situ NMR result for the Micron-plates (Figure 3.8 D) 
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as an example, the integrated spectral intensities for the first two spectra are 1366 and 

1344, corresponding to 44 min and 104 min, respectively. Linear interpolation of the 

intensity at time t is carried out by 

𝐼𝑖𝑛𝑡𝑒𝑟(t) = 𝐼1 +
𝑡 − 𝑡1

𝑡2 − 𝑡1

(𝐼2 − 𝐼1) (3.20) 

where Iinter and t represent the intensity and time, respectively, and the subscripts 1 and 2 

denote two adjacent points, respectively. Applying the above relation, the interpolated 

intensity at 60 min is 1360. As the 6Li abundance at 60 min determined from ex situ 

measurement is 0.95, the conversion factor is 
0.95

1360
= 6.99 × 10−4. 

Figure 3.9 shows the 6Li abundance of various 6Li-enriched LiFePO4 samples as 

a function of the immersion time of LiFePO4 particles in the electrolyte. The 6Li 

abundance of the Nano-plate particles decreases much more rapidly than the Micron-plate 

particles. When the particle size is the same, a lower Li occupancy leads to a faster drop 

in the 6Li abundance, as observed for the Nano-plate particles. Since the change of 6Li 

abundance is caused by the Li exchange process, the result shows that the Li exchange 

process becomes faster as the diffusion channel length decreases and the Li occupancy 

decreases. At longer times (> 4000 min), the 6Li abundances of the Nano-plate A and B 

appear to asymptotically approach ~ 0.2, which is effectively the expected 6Li abundance 

at long times, i.e. the 6Li abundance of the system (LiFePO4 + LiPF6) in Table 3.1. The 

ability of Nano-plate samples to reach the theoretical ion exchange limit indicates that the 

Li diffusion channels are not affected by the Li-Fe anti-site defect, which will block Li 

diffusion in the channel.[38] The different decay rates for the Nano-plate samples indicate 

the Li exchange is not limited by the Li exchange across the solid/liquid interface. 

Table 3.5 The 6Li abundance of LiFePO4 measured for different immersion time in the 

LiPF6 electrolyte (natural 6Li and 7Li abundance) by the ex situ NMR measurement. 

Immersion time / 

min 

6Li abundance 

Nano-plate Nano-plate A Nano-plate B Micron-plate 

45 0.68 -- -- -- 

60 -- 0.59 0.64 0.95 
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Figure 3.9 The 6Li abundance of different LiFePO4 samples as a function of immersion 

time of the 6Li-enriched LiFePO4 particles in the LiPF6 electrolyte solution. 

3.4.3 Tracer exchange 

The lower and higher values of the tracer exchange estimated with (3.10) and (3.14) are 

shown in Figure 3.10 on a log-log scale. For the Nano-plate samples (Figure 3.10 A), 

log(γ) increases linearly with log(t) until ~1000 min, after which the slope becomes less 

steep and tracer exchange enters the long time limit as introduced in Section 3.2.2. Since 

the difference between the upper and lower limits of estimated tracer exchange becomes 

substantial in the long time limit, only the time regime (< 1000 min) where tracer 

exchange (on a log-log scale) shows a linear behaviour is considered. This linear 

relationship suggests γ can be described by a power function of t. The best fit to the first 

1000 min data for the pristine Nano-plate sample by a general power function of t 

γ(t) = γ(0) + A ∙ 𝑡𝑏 (3.21) 

yields γ(0) = 0.004 ± 0.014, A = 0.11 ± 0.01 and b = 0.27 ± 0.01. The form of this 

best fit function is in good agreement with the analytical expression for the tracer 

exchange under the single-file diffusion as given by (3.4)[76]. Therefore, the observed 

tracer exchange is consistent with the single-file diffusion mechanism. The tracer 

exchange during the first 1000 min for all Nano-platelet samples are fitted by 

γ(t) = A ∙ 𝑡1/4 (3.22) 
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For clarity, only the best fits to the lower estimated values are shown in Figure 3.10 A as 

green lines. The fitted coefficients are listed in Table 3.6.  

 If the tracer exchange is controlled by the normal diffusion not subject to single-

file restriction, the tracer exchange should follow (3.3) as introduced in Section 3.2.1. The 

red trace in Figure 3.10 A shows the best fit of (3.3) to the lower limits of the data from 

the pristine Nano-plate sample for t < 1000 min with D’/L2 as the only fitting parameter. 

The relationship between log(γ) and log(t) is also linear for the fitted data range, however, 

the slope of the line is 0.5, which is distinctively different from 0.25 and characteristic 

for tracer exchange subject to normal diffusion. This confirms that Li diffusion in 

LiFePO4 cannot be described by a normal diffusion process. 

 The lower and upper values of the tracer exchange for the pristine Micron-platelet 

sample shown in Figure 3.10 B are almost identical. This is due to the small changes in 

the 6Li abundance of the electrolyte, so the equality relations of (3.10) and (3.14) are 

approached. The tracer exchange is much slower and reaches only a little more than 10 % 

even after an immersion time of more than 4000 min. The best fit to the lower limit of 

tracer exchange by (3.21) yields: γ(0) = −0.008 ± 0.008, A = 0.011 ± 0.004 and b =

0.285 ± 0.035, which also justifies the use of (3.22) in describing the tracer exchange 

behaviour. The green line in Figure 3.10 B shows the best fit to the lower limit of tracer 

exchange with equation (3.22), and the coefficients are shown in Table 3.6. In comparison, 

the solid red curve shows the best fit obtained by (3.3) for tracer exchange subject to 

normal diffusion, and the dashed red line indicates a slope of 1/2 on a log-log scale. It is 

noted that tracer exchange during the first 300 min cannot be fitted well by either model, 

nonetheless, tracer exchange at longer times (> 300 min) is better described by the single-

file diffusion model. 
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Figure 3.10 The tracer exchange curves for the (A) Nano- and (B) Micron-plate samples 

presented in logarithmic scale. The green curves are the best fit with γ(t)=At1/4to the lower 

limit data with A as the only fitting parameter. The solid red curves are the best fit with 

(3.3), which has a slope equal to 0.5 in logarithmic scale.  

Table 3.6 Coefficients A obtained from fitting the tracer exchange curves with γ(t) = 𝐴 ∙
𝑡1/4. 

 A (lower limit) / min-1/4 A (upper limit) / min-1/4 

Nano-plate (pristine) 0.1207 ± 0.0008 0.127 ± 0.001 

Nano-plate A 0.151 ± 0.001 0.1572 ± 0.0007 

Nano-plate B 0.1461 ± 0.0005 0.1529 ± 0.0009 

Micron-plate (pristine) 0.0132 ± 0.0002 0.0132 ± 0.0002 
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3.4.4 Single-file mobility and tracer diffusivity of Li 

The tracer exchange described by (3.4) is valid only for a system of uniform channel 

length, which is not realised in the powder sample used in this study. However, Γ, Θ and 

l, on which F is dependent, can be assumed to be homogenous in a single sample, thus 

the tracer exchange for a sample with a distribution of L becomes: 

γ(t) = ∑ 𝑐𝑖𝛾𝑖 = ∑
𝑉𝑖

𝑉
𝑖𝑖

4

𝐿𝑖

√
𝐹

𝜋
𝑡1/4 = 4 〈

1

𝐿
〉𝑉 √

𝐹

𝜋
𝑡1/4, (3.23) 

where ci, γi, Vi denote the molar fraction, tracer exchange and the volume of channels of 

length Li, V is the total volume of the sample, and 〈
1

𝐿
〉𝑉 is the volume weighted average of 

1

𝐿
. Comparing (3.23) and (3.22), the single-file mobility factor F is related to the fitting 

coefficient A through: 

𝐹 = 𝜋 (
𝐴

4〈1
𝐿
〉𝑉

)

2

 (3.24) 

Hence, the determination of F requires that 〈
1

𝐿
〉𝑉 or the volume weighted distribution of L, 

from which 〈
1

𝐿
〉𝑉 can be easily derived, is known. For the Nano-plate samples, the size 

obtained from X-ray diffraction by the Scherrer equation is the volume weighted average, 

i.e. 〈𝐿〉𝑉, and the approximation 〈
1

𝐿
〉𝑉 ≈

1

〈𝐿〉𝑉
 is used although 〈

1

𝐿
〉𝑉 ≠

1

〈𝐿〉𝑉
 in general. The 

distribution in Figure 3.6 for the Micron-plate sample is based on the frequency of 

occurrence and not weighted by volume, nonetheless, 〈
1

𝐿
〉𝑉 is approximated by the non-

weighted average 〈1

𝐿
〉, which is 4.13 x 10-3 nm-1. In comparison, 

1

〈𝐿〉
, which is equal to 3.92 

x 10-3 nm-1, is 5% smaller than 〈
1

𝐿
〉. Hence, it is reasonable to assume a ± 10 % uncertainty 

in 〈
1

𝐿
〉𝑉 for all samples. Table 3.7 shows the calculated values for F from the upper and 

lower limits of A in Table 3.6 and the estimated errors based on ± 10 % variation in 〈
1

𝐿
〉𝑉. 

However, the single-file mobility factor does not provide a straightforward estimation of 

the (de)lithiation time since F is dependent on Θ, which is constantly changing during 

(de)lithation, according to (3.5). It is more relevant to obtain the Li attempt jump 

frequency and tracer diffusivity, which are quoted conventionally as indicators for the 

rate of (de)lithiation. Assuming a constant Γ within the composition range of all samples, 
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F should be proportional to 
1−Θ

Θ
 and the proportional coefficient can be used to obtain Γ 

according to (3.5). The average F (mean value of the upper and lower limits) against Θ is 

plotted in Figure 3.11. To estimate the Li occupancy Θ for the Micron-plate sample, the 

upper limit is assumed to contain 0.3 % vacancies as determined previously from 

stoichiometric LiFePO4[90], the lower limit is assumed to be given by the literature value 

for a sample after long time exposure to ambient air (Θ=0.983)[84], and Li occupancy is 

given by the average value of the upper and lower estimates and the uncertainty is given 

by the difference, which are shown in Table 3.7. The best fit by (3.5) (the blue curve in 

Figure 3.11) yields the Li attempt jump frequency Γ = 5.4 ± 1.1 x 105 s-1, which, invoking 

(3.1), leads to a Li tracer diffusivity DLi = 2.4 ± 0.5 x 10-10 cm2 s-1. Despite the very 

generous assumption on the uncertainties in both 〈1

𝐿
〉𝑉 and Θ, the values of both Γ and DLi 

are on the same orders of magnitude with the ones obtained by microscopic methods, 

such as muon spin relaxation measurements[44–46]. This good agreement between 

macroscopic and microscopic methods in turn validates the single-file diffusion 

mechanism in LiFePO4. 

 The Li attempt jump frequency and diffusivity can be used to estimate the rate 

performance as a function of the channel length. It is found that even under the single-file 

condition, the desorption of the diffusing atoms within the single-file channel is still 

governed by the same equation derived for normal 1-D diffusion as given by (3.3)[91], 

where γ and D’ are replaced by 1-Θ and DLi, respectively. For 95% delithiation (γ = 1 −

Θ = 0.95), there exists a relationship between Li tracer diffusivity (DLi), the channel 

length (L) and the delithiation time (t): 

γ(𝑡, 𝐿, 𝐷′) = 1 −
8

𝜋2
∑

1

(2𝑛 + 1)2
exp (−

(2𝑛 + 1)2𝜋2𝐷𝐿𝑖𝑡

𝐿2
)

∞

𝑛=0

= 0.95 (3.25) 

For 𝐷𝐿𝑖 =  2.4 × 10−10cm2s−1
, 𝑍(𝑡, 𝐿) = γ(𝑡, 𝐿) − 0.95 = 0 becomes an implicit 

function of t and L only, and the relationship between t and L (solved numerically) is 

shown as the blue curve in Figure 3.12. For L = 50 nm and 250 nm, 95 % delithiation 

takes only 0.04 s and 1 s, respectively. Such short delithiation time is consistent with the 

high-rate capability of LiFePO4, which has demonstrated cycling performance at rates as 

high as 400 C ( ~ 9 s to fully delithiate) in 50 nm particles[14].  
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Table 3.7. The single-file mobility factors obtained from the fitting coefficients 

 
Θ 

F / x 10-15 cm2 s-1/2 Error F / x 10-15 

cm2 s-1/2 lower limit upper limit 

Nano-plate 

(pristine) 
0.97 ± 0.01 9.2 10.1 2.4 

Nano-plate A 0.94 ± 0.01 14.4 15.7 3.7 

Nano-plate B 0.95 ± 0.01 13.5 14.8 3.5 

Micron-plate 

(pristine) 
0.99 ± 0.014 2.6 2.6 1.1 

 

 

 

Figure 3.11. Average single-file mobility factor F against the Li occupancy Θ. The blue 

curve is the best fit by 𝐹 = 𝐵
1−Θ

Θ
 with B = 2.6 ± 0.5 x 10-13 cm2 s-1/2. 
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Figure 3.12. The blue curve shows the relationship between the time taken to remove 95 % 

Li in the channel and the channel length. The Li diffusivity is taken as 2.4 x 10-10 cm2 s-

1. 

3.5 Conclusion 

By labelling the solid LiFePO4 and the liquid LiPF6 electrolyte solution with different Li 

isotopes, 6Li solid state NMR has elucidated the Li exchange process between the two 

phases at room temperature. The t1/2
 dependence of the Li tracer exchange, regardless of 

the Li diffusion channel length, provides compelling evidence that the Li diffusion in 

LiFePO4 is governed by a single-file mechanism, which is consistent with the 1-D 

diffusion channel allowed by its crystal structure. Fitting the tracer exchange curve with 

the analytical expression yields the single file mobility factor, from which the Li attempt 

jump frequency Γ ~ 105 s-1 and Li tracer diffusivity DLi ~ 10-10 cm2 s-1 are obtained. The 

obtained values are in good agreement with the ones measured by microscopic methods 

and justifies the use of the single-file ion exchange model. The high diffusivity allows 

(de)lithiation to occur in times as short as ~0.1 s and ~ 1 s for 50 nm and 255 nm, 

respectively, and underpins the high rate capability of LiFePO4.  
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4 Phase transition of LiFePO4 nanoparticles during high rate 

cycling 

4.1 Introduction 

High-rate lithium-ion battery electrode compounds generally form solid solutions with Li 

over a large composition range so that no phase transition is induced during (de)lithiation. 

Phase transformations, if they occur during cycling, are associated with small or 

negligible volume changes. For example, the layered compound, LiNi1/3Mn1/3Co1/3O2, 

reacts via a single solid solution phase[92,93], and the undoped LixCoO2 only shows a 

weak first-order phase transformation, induced by the insulator-metal transition[94], 

between x = 0.75 and 0.94 with very little structural change. LiFePO4[6] represents an 

exception to this paradigm, because it displays excellent high-rate performance when 

nano-sized[14], despite it undergoing a first-order phase transition to FePO4 upon 

delithiation, a process involving a volume change of 6.8 %[6]. The very limited Li 

solubility in LiFePO4 and FePO4 suggests that (de)lithiation occurs via a two-phase 

reaction[18,19,95–97], where the relative LiFePO4 : FePO4 phase ratio is changed by a 

moving phase boundary, and not via a solid solution. Although the Li solubility is found 

to increase with decreasing particle size[22,23] as a result of an increased interfacial 

energy per volume, substantial Li miscibility gap still exists. Taking this interfacial 

energy into consideration, ex situ diffraction studies of LiFePO4 nanoparticles propose 

that once an energetically unfavourable LiFePO4 - FePO4 interface is formed, this 

interface will quickly propagate through the particle so as to return to the most stable 

LiFePO4 or FePO4 state (the “domino-cascade” mechanism)[25], explaining why only 

LiFePO4 and FePO4 particles are observed ex situ[26]. Thus, at any time during the charge 

cycling, only a very small subset of particles should be reacting, making it difficult to 

observe this mechanism in situ. Although the energetics for nanoparticles are different 

from bulk particles, the thermodynamic properties of the system unequivocally leads to 

the conclusion that LiFePO4 reacts via a two-phase mechanism. 

Because all electrochemical processes operate at an overpotential, the pathways 

taken during the reaction are not necessarily governed by the thermodynamic properties 

of the system. As LiFePO4 and FePO4 phases coexist under equilibrium, an overpotential 

that lowers the Li chemical potential of one phase relative to the other, is required to drive 

the reaction. It has been postulated that this reaction overpotential modifies the phase 
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transition pathway. Ab initio calculations[28] have predicted that instead of forming an 

interface, the (de)lithiation of a single particle proceeds via a non-equilibrium single-

phase LixFePO4 (0<x<1), which bypasses nucleation and proceeds at a much lower 

overpotential. Once the overpotential is removed, the non-equilibrium LixFePO4 particle 

relaxes to form the thermodynamic LiFePO4 and FePO4 phases releasing or taking in Li+ 

ions from the electrolyte. Taking this into consideration, continuum modelling has 

suggested that a higher fraction of the electrode will react simultaneously via the non-

equilibrium solid solution at high rates than at low rates[98]. A second continuum 

modelling study has argued that LiFePO4- FePO4 phase separation (within a single 

particle) is not seen at high rates due to the dynamic stabilisation of the intermediate 

phases[29].  

Diffraction methods using neutron or X-ray sources are commonly used for in situ 

characterisation of the structural changes that occur in the crystalline phases within the 

electrode during electrochemical cycling. Recent in situ X-ray diffraction (XRD) studies 

of micron-sized LiFePO4 at high current rates have shown the appearance of a metastable 

crystalline phase with an intermediate lithium composition of Li0.6-0.75FePO4[99]. 

However, investigations of smaller particles have been limited to low (<0.1 C, n C is the 

current required to fully charge/discharge the electrode in 1/n hours)[34] and moderate (1 

C)[100] current rates, and only small deviations in stoichiometry from LiFePO4 and 

FePO4 were observed (via changes in lattice parameters) during cycling. Since 

nanoparticles generally have faster transport kinetics, a higher current rate is required to 

reach the kinetic limit of a phase transition.  

Our approach involves the use of a dilute electrode in a customized 

electrochemical cell[67], which is capable of achieving high cycling rates, with high 

reproducibility over multiple cycles, and an in situ XRD set-up with high X-ray intensity 

and a fast read detector to allow the reaction to be probed with high time resolution. The 

use of the dilute electrode improves both the electronic conductivity and the ion diffusion 

within the electrode composite[101,102], and is critical to probe the process intrinsic to 

the active material, LiFePO4. By forcing the nanoparticles to transform under high current 

rates, we are able to induce enough particles to transform simultaneously so that the 

reacting particles can be detected and the nature of the phase transitions that occur at an 

overpotential can be determined.  
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4.2 Experimental methods 

4.2.1 Materials synthesis and characterisation 

LiFePO4/carbon composites were synthesised by a solid state reaction developed by 

Kobayashi et al.[23]. 0.556 g lithium carbonate (Li2CO3 Aldrich 99.997%), 2.6812 g 

iron(II) oxalate dihydrate (Fe(II)C2O4•H2O Aldrich 99%), 1.7144 g ammonium 

dihydrogen phosphate (NH4H2PO4 Aldrich 99.999%) and 0.2612 g Ketjen black (EC-

600JD AkzoNobel) were high-energy ball-milled for 40 mins to produce homogeneously 

mixed precursors. The precursors were then pressed into pellet and sintered at 600 oC for 

6 hours under flowing Ar gas. 

 Ex situ X-ray powder diffraction was performed in transmission geometry at ID31, 

ESRF, Grenoble, France. The wavelength was calibrated as 0.39996 Å. Rietveld 

refinement was performed with TOPAS software package in the 2θ range 4 - 30. The 

background was modelled by a Chebyshev polynomial with 9 coefficients. The scale 

factor and zero point were refined. The peak profile was modelled by isotropic broadening 

due to size and strain. The θ dependence of the full width at half maximum (FWHM) of 

the Voigt peak profile due to isotropic size broadening is given by  

𝐻𝑠𝑖𝑧𝑒 =
𝜆

𝐿 ∙ 𝑐𝑜𝑠𝜃
 (4.1) 

where Hsize is FWHM of a Voigt peak, λ is the wavelength, and L is the refined particle 

size. The θ dependence of FWHM of the Voigt peak due to isotropic strain broadening is 

given by 

𝐻𝑠𝑡𝑟𝑎𝑖𝑛 = 𝜀 ∙ 𝑡𝑎𝑛𝜃 (4.2) 

where Hstrain is FWHM of a Voigt peak and ε is the refined isotropic strain parameter. The 

structure was described in the Pnma space group, and the unit cell and atomic positions 

were refined. Isotropic atomic displacement parameters (ADPs) were refined for Li, Fe, 

P and O atoms, where the ADPs for crystallographically different O atoms were 

constrained to be identical. 

4.2.2 In situ X-ray diffraction measurement 

The AMPIX electrochemical cells[67] were used in this experiment. To ensure optimal 

high-rate performance, the proportion of active material in the electrode was halved 

compared to typical experiments. 3 mg LiFePO4 powder was mixed with Super P carbon 
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(Alfa Aesar), carbon black (Vulcan XC-72, Cabot Corporation) and 

polytetrafluoroethylene (PTFE) binder (Sigma-Aldrich) in the mass ratio 3:3:3:1 and was 

pressed (1.6-1.8 ton) into a pellet (13 mm in diameter, ~150 μm in thickness). The 

electrode pellet was assembled into the AMPIX cell with Li foil as the anode, glass fibre 

as the separator and 1 M LiPF6 in 1:1 ethylene carbonate/dimethyl carbonate (Tomiyama 

Pure Chemical Industries) as the liquid electrolyte. The cells were cycled under conditions 

as described in the text.  

 In situ synchrotron X-ray powder diffraction measurements were performed in 

transmission geometry at beamline 17-BM of the Advanced Photon Source at Argonne 

National Laboratory (wavelength 0.7270 Å, 500 µm diameter beam). A 2-D area detector 

(Perkin-Elmer) consisting of 2048 × 2048 pixels of 200 µm × 200 µm in size was used. 

Measurements were performed at two sample-to-detector distances optimized for 

improved 2 resolution (900 mm, detector offset 130 mm from the scattered beam, 

covering 2θ for 1o – 25o, for the 10 C charge/discharge cycling presented in the main text; 

and data collection time for each pattern was 4 s, corresponding to a change of 0.011 Li 

per formula unit per pattern of LiFePO4) or for a larger 2 range (500 mm, detector 

centred at the scattered beam, covering 2θ for 1o – 29o, for 5 C, 10 C, 20 C cycling and 

the intermittent 10 C charge/discharge cycling; and data collection time for each pattern 

was 3 s, corresponding to a change of 0.004 Li, 0.008 Li and 0.017 Li per formula unit 

per pattern of LiFePO4 at 5 C, 10 C, and 20 C, respectively).  

4.2.3 Whole powder pattern fitting method of the in situ X-ray diffraction data 

The background profile was measured for an assembled AMPIX cell without either 

electrode, and then was modelled with 7 split pseudo-Voigt functions. These 7 peaks were 

then used to describe the background of the in situ patterns, and only the peak intensities 

were varied to account for the gradual changes in the background intensity. Since the 

sample thickness is less than the beam size, the instrumental broadening is dominated by 

the beam size. The instrumental profile was determined from the diffraction pattern of a 

thin layer of LaB6 powder (SRM 660a) placed in the same geometry as the LiFePO4 

electrode. 

The sample profile is a convolution of the size and the strain effects and is 

modelled separately. A Lorentzian peak profile is used to model the size broadening, and 
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the apparent size is assumed to be isotropic with respect to different (hkl) reflections. The 

dependence of FWHM, 𝐻𝑆 , on  is given by  

hkl

S
L

H




cos
  (4.3) 

where  is the wavelength, and L the refined apparent size parameter. Since the 

strain/compositional effect induces an asymmetrical profile, it is described by a 

convolution of a symmetrical and an asymmetrical profile function. A Gaussian profile 

peak function is chosen to model the symmetrical broadening due to strain, and this strain 

is also assumed to be isotropic with respect to different (hkl) reflections. The  

dependence of FWHM is given by 

𝐻𝐷 = 𝜀 ∙ 𝑡𝑎𝑛𝜃 (4.4) 

where ε is the refined symmetrical strain parameter. The asymmetrical profile is modelled 

by an exponential function: 

)
22

exp()(
m

hklf






  (4.5) 

where m is the refined parameter and  is defined in the range [0,+∞] if m>0 and [-∞,0] 

if m<0. Due to the anisotropic change in the lattice parameters from LiFePO4 to FePO4, 

where a and b lattice parameters contract and c lattice parameter expands, we have to 

include an hkl-dependent description of the asymmetrical profile, which is done by 

including symmetrized spherical harmonics series in m: 

 ij hklijijm YC  tan  (4.6) 

where Υij are the symmetrized spherical harmonics that can be found in references[82,103] 

and Cij are the refined parameters. 

 The purely strain-induced profile for a certain (hkl) reflection is obtained by 

convolving the symmetrical Gaussian function and the exponential function defined at 

the corresponding hkl. This profile is scaled by the peak area of the respective phase to 

represent the population density distribution. The whole powder pattern fitting of the in 

situ diffraction patterns within the 2 range between 7.5o and 22.95o was carried out 

sequentially in the TOPAS structural refinement package[81]. 
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4.2.4 Simulations of XRD reflection profile 

Since it has been shown by experiment[18] that the LiFePO4 - FePO4 phase boundary is 

in the bc plane, we only considered the case of a one-dimentional 186 nm particle along 

the (h00) direction composed of unit cells that continuously vary in a lattice parameter, 

as described by (4.9) in Section 4.3.3. Each unit along the (h00) direction is assigned with 

a unique index. We followed the treatment of small coherent domains with continuously 

varying unit cell parameters by Warren[104]. For an (h00) reflection, the diffraction 

power as a function of diffraction angle 2 can be expressed as  
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  (4.7) 

where the subscripts m and m’ represent the indices of the unit cells, Fm is the structure 

factor of unit cell m, Rm is the position coordinate of unit cell m,  is the X-ray wavelength, 

and K’ is a factor independent of . The summation is performed over all unit cells in the 

one-dimensional particle. The structure factor F200 for the (200) reflection is assumed to 

vary linearly with the Li composition x[105]: 

)1()0()1()( 200200200 FxFxxF   (4.8) 

where F200(0) is the structure factor for the (200) reflection of FePO4, and F200(1) for that 

of LiFePO4. 

4.3 Results and Discussion 

4.3.1 Material characterisation 

Figure 4.1 shows the X-ray powder diffraction (XRD) pattern of the as-synthesised 

LiFePO4 powder, and no impurity phase is observed. The particle size obtained from 

Rietveld refinement is 186 nm. Figure 4.2 A shows the particle morphology examined by 

scanning electron microscope (SEM). As the particles do not exhibit spherical 

morphology, ellipsoidal particle shape was assumed in measuring the particle size 

distribution, which is shown Figure 4.2 B. The particle size is represented by the diameter 

of a circle with the same area as measured from the SEM images, and the average particle 

size is 160 nm. It must be pointed out that it is very challenging to obtain a true particle 

size distribution or the average particle size: the model used for line broadening analysis 

of the XRD pattern assumes isotropic, i.e. spherical, particle shape, which is not the case 

for this sample; SEM only presents a two-dimensional image and lacks the three-
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dimensional topographical information of the particles. Nonetheless, results from both 

methods indicate the average particle size is well above 100 nm, and the average particle 

size is likely to be between 150 nm and 200 nm.  

 

Figure 4.1 The X-ray powder diffraction pattern of as-synthesised LiFePO4 powder 

(wavelength is 0.39996 Å, ID31 ESRF, Grenoble) 
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Figure 4.2 (A) Scanning electron microscope (SEM) image of as-synthesised LiFePO4 

powder. (B) Particle size distribution based on an analysis of 95 particles observed in the 

SEM images. 

4.3.2 Intermediate LixFePO4 phases induced at high currents  

In situ diffraction patterns during the first 5 cycles of a 10 C galvanostatic charge-

discharge of LiFePO4 nanoparticles are shown in Figure 4.3 A, where the contributions 

from the cell background and polytetrafluoroethylene (PTFE) peaks are subtracted for 

clarity. All diffraction peaks can be indexed to either the Li-rich Li1-αFePO4 phase, or the 

Li-poor LiβFePO4 phase in the space group Pnma. As expected, Li1-αFePO4 peaks 

disappear on charge and are restored on discharge; conversely, LiβFePO4 peaks start to 

form and grow on charge and disappear on discharge. Unexpectedly we observe the 

development of appreciable positive intensities within the 8.15-8.4o, 13.95-14.1o and 

15.15-15.4o 2θ ranges, which indicate the existence of phases with lattice parameters that 

deviate from those of LiFePO4 and FePO4 under equilibrium. A closer examination of 

individual diffraction patterns for selected 2θ regions is provided in Figure 4.3 B. The 
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phenomenon is more pronounced at high current rates: Figure 4.4 compares the results 

obtained at 5 C, 10 C, 20 C rates. 

 

Figure 4.3 In situ XRD patterns during galvanostatic charge and discharge at a rate of 10 

C. (A) The image plot of diffraction patterns for (200), (211), (020), and (301) reflections 

during the first five charge-discharge cycles. The horizontal axis represents the selected 

2y regions, and time is on the vertical axis. The diffraction intensity is colour coded with 

the scale bar shown on top. The corresponding voltage curve is plotted to the right. LFP, 

LiFePO4;FP, FePO4; a.u., arbitrary units. (B) Selected individual diffraction patterns 

during the first two cycles stacked against the voltage profile. The baseline is represented 

by horizontal dashed gray lines. Black vertical lines mark the positions of LiFePO4 peaks 

at the start of reaction; red vertical lines mark the position of FePO4 peaks formed during 

the first cycle. 
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All the reflections exhibit highly symmetrical profiles at the onset of the first 

charge, shown in Figure 4.3 B, pattern (i), but as charging proceeds, the LiFePO4 (200) 

and (301) reflections start to broaden asymmetrically towards higher angles (pattern (d)). 

The most severe asymmetrical broadening is shown on discharge in patterns (f) and (g), 

where the (200) reflections from both phases are connected by a positive intensity band. 

Similar behaviour is also found in the second cycle (most notably, patterns (l) and (p)). 

Neither the peak position nor the peak shape of LiFePO4 restores to that of the original 

state by the end of the second cycle. As shown in pattern (r), all selected peaks shifting 

towards higher angle and broadening. The peak shift indicates a decrease in the unit cell 

volume, which is attributed to the reduced accessible capacity at high rates. Since the 

lithium composition is not restored to LiFePO4 at the end of each cycle, a solid solution, 

Li1-FePO4, is formed, which has a smaller unit cell volume than stoichiometric LiFePO4. 

This phase is also more disordered/has a shorter coherence length than LiFePO4, resulting 

in peak broadening. 

The unusual evolution of peak shapes comes as a result of the microstructural 

changes induced during high rate cycling. In diffraction theory[104], the peak shape is a 

convolution of the instrumental profile, which is symmetrical in this case, and the sample 

induced profile due to small crystallite sizes and/or lattice distortions that can originate 

from strain, composition variations, etc. The size effect produces a symmetrical profile, 

whereas the lattice distortion effect can give rise to either a symmetrical or asymmetrical 

profile[104], depending on the nature and distribution of the distortion. Thus the 

development of an asymmetrical peak profile in this system is solely attributed to lattice 

distortions/compositional distributions. The experimental peak asymmetry exhibits a 

certain hkl dependence, the (200), (210), (211), (020) and (301) reflections skewing in 

the opposite direction to the skew observed for the (101) reflection (Figure 4.5), this 

dependence being consistent with that predicted for varying lithium composition between 

FePO4 and LiFePO4, i.e., a solid solution. Some anisotropic peak shift and/or asymmetry 

could also be induced by a mechanical strain built up from the coherent interface between 

the LiFePO4 and the FePO4 domains during the reaction, which although of different 

physical origin, will also cause variations in lattice parameters.  
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Figure 4.4 In situ X-ray diffraction pattern of LiFePO4 under different electrochemical 

cycling conditions. (A), (B) and (C) show the second galvanostatic cycle at 5 C, 10 C, 

and 20 C, respectively. (D) shows the evolution of the charge-relax experiment, where a 

current equivalent to 10 C is applied for 90 s, equivalent to 0.25 Li extraction per f.u. of 

LiFePO4, (highlighted with the horizontal pink bands) followed by an open-circuit 

relaxation of 10 mins. The dashed white lines indicate the peak positions of the LiFePO4 

(LFP) and FePO4 (FP) phases at the end of the second relaxation period, which are used 

to draw the boundaries of the miscibility gap as determined from the (200) and (301) 

reflections. 
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Figure 4.5 Development of peak asymmetry for the reflections from LiFePO4 (LFP). The 

(200), (211)/(020), and (301) reflections from LiFePO4 asymmetrically broaden towards 

higher 2θ angles, while the (101) reflection asymmetrically broadens towards lower 

angles. The same reflections from FePO4 (FP) are marked by dashed lines. 

4.3.3 Continuous distribution of LixFePO4 phases beyond the thermodynamic 

miscibility gap 

The distribution of lattice parameters can be quantified if its contribution to the peak 

profile can be separated from other sources. One common approach to treat an 

asymmetrical profile is to deconvolute contributions due to size and lattice parameter 

variations by applying a Warren-Averbach Fourier analysis[104] to a series of diffraction 

peaks arising from the same class of reflection. This is difficult to implement in our 

system due to the low crystal symmetry and severe peak overlap. An alternative approach, 

adopted here, involves fitting the peak profile by convoluting separate contributions from 

size and lattice parameter variations with appropriate analytical functions. To carry this 

out, Pawley whole powder pattern fitting[65] was performed with two phases 

representing LiFePO4 and FePO4. The effect on the profile from the small crystallite size 

was modelled by an isotropic size broadening term, while that due to lattice parameter 

variations was modelled by convoluting an isotropic microstrain-like broadening term, 

accounting for the symmetrical distribution of lattice parameters, with spherical 

harmonics to fit the hkl-dependent asymmetry[106] caused by the asymmetrical lattice 

parameter distribution. The size and lattice parameter variations were then refined in the 

fitting process, using the TOPAS structural refinement package[81] and satisfactory fits 
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to the observed profile were achieved (Figure 4.6), which demonstrates the success of our 

model in accounting for the asymmetrical peak profile. The calculated patterns capture 

the asymmetry of all the classes of reflections (Figure 4.6; see for example the (200), 

(211), (020) and (301) reflections), which indicates the lattice spacing variation is not 

limited to only a few crystallographic directions. The scale factor of LiFePO4 + FePO4 

remains constant during the reaction (Figure 4.7), providing evidence that our model is 

able to capture the bulk of the sample, even during the phase transformation. Instead of a 

single set, a distribution of all lattice parameters can be obtained for each diffraction 

pattern from this analysis. 

 

Figure 4.6 Typical whole powder pattern fitting results. This pattern is taken at 720 s, 

corresponding to the global composition of Li0.43FePO4. (A) Only symmetrical peak 

profile is used. (B) Symmetrical peak profiles convoluted with the hkl-dependent 

exponential function. Wavelength is 0.7270 Å (17 BM APS). 
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Figure 4.7 Refinement result of the scale factors of the LiFePO4 and FePO4 phases during 

the first two cycles. The cycling rate is 10 C.  

Contour plots in Figure 4.8 show the population density distribution of a, b, and 

c lattice parameters from both phases during the first 2 cycles. The LiFePO4 phase initially 

has a very narrow lattice parameter distribution, but during the first charge, the lattice 

parameters from both LiFePO4 and FePO4 become more widely distributed, but with an 

asymmetric tail towards the cell parameters corresponding to the lower and the higher Li 

compositions, respectively.  Although analogous features are found in subsequent 

discharge and charge cycles, the Li composition range between x = 0.2 and 0.8 in the 

middle of (dis)charge becomes more populated than in the first charge. Verification of 

the results obtained from the whole pattern fitting method is presented in Section 4.3.5. 
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Figure 4.8 Contour plot of refined LiFePO4 and FePO4 lattice parameter distributions as 

a function of time during the first two charge-discharge cycles at a 10 C rate. The relative 

population density is coded in colour, with the lowest contour corresponding to 7.5 % of 

the intensity at the position indicated by the black solid circle. The corresponding voltage 

profile is shown at the bottom. The dashed lines mark the positions where lattice 

parameter distributions are most asymmetrical.   

To identify the dominant cause for the asymmetrical distribution of lattice 

parameters, we need to separate the effects of compositional variations and strain between 

two different lattices (LiFePO4 and FePO4). The following observations indicate that the 
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compositional variation mechanism dominates. First, we note that the peak asymmetry of 

reflections from LiFePO4 persists even in the absence of any reflections from FePO4, as 

shown in patterns (i) and (k) of Figure 4.3 B; this can only be caused by compositional 

variation since an interface requires the coexistence of both phases. Second, we consider 

the effect of a possible region affected by the strain introduced by a coherent interface 

between LiFePO4 and FePO4 on the XRD patterns. Since the interface has been shown to 

align with the bc plane by transmission electron microscopy (TEM) studies[18], it is most 

relevant to examine the effect of the interface width on the (200) reflections. Figure 4.9 

shows the simulated (200) reflection profiles for a series of widths of the bc interface in 

a particle that is 186 nm long along the a-axis. We used the strain distribution derived 

from a coherent twin boundary[107], which leads to the a lattice parameter profile at an 

interface along the a-axis as: 
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where a0 and a1 are the a lattice parameters of FePO4 and LiFePO4, respectively, L is the 

interfacial width, x is the distance from the centre of the interface. The Li composition 

profile (and also the structure factor) is discrete and remains constant on either side of the 

interface, as shown in the right panel of Figure 4.9 A. We find that for a 10 nm interface, 

which is approximately the relaxed interface width found in both a micron-sized[18] and 

a 172 nm[95] particle, the (200) profile remains almost unaffected. Although the 

simulated profile shows more asymmetry as the interface becomes wider, the asymmetry 

is mostly associated with the FePO4 reflection, which is opposite to the experimental 

observation where the asymmetrical broadening is more associated with the LiFePO4 

reflection. When the Li composition (and also the structure factor) is allowed to vary 

continuously across the interface, the a lattice parameter distribution profile follows the 

exact form described by (4.9) if (a) Vegard’s law is assumed (i.e., a linear change in the 

lattice parameters is observed as the lithium composition varies between FePO4 and 

LiFePO4), and (b) the regular solution model[108] is assumed (Li and vacancy ordering 

is random). The simulated profile in Figure 4.9 B finds much better agreement with the 

experimentally observed one, but only for interfaces of 100 nm or wider, i.e., of the same 

order of magnitude as the size of the crystallites. Hence, the experimental profile cannot 

be explained by an interface maintained solely by mechanical strains, as suggested by the 

“domino-cascade” argument[25], and must be associated with continuous compositional 
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variations. This is only plausible for a system that can form a solid solution – in this case 

only under non-equilibrium conditions.  

 

Figure 4.9 Simulated (200) reflection profiles for different interface widths between 

LiFePO4 (LFP) and FePO4 (FP). The left panel compares the simulated profiles with the 

experimentally measured one (top). The right panel shows the corresponding Li 

composition (shaded area) and the a lattice parameter profiles (solid black line) used in 

the simulation for various interfacial widths. The particle dimension along the a-axis is 

186 nm, and the interface is positioned in the centre. (A) shows the result based on a 

discrete Li composition profile (mechanical strain only). (B) shows the result based on a 

continuous Li compositional variation. 

In a real system, more interfaces/reaction fronts may exist within a single particle, 

which will lead to an even more homogenous Li composition distribution within a single 

particle. Furthermore, increased inhomogeneity may result from the finite one-

dimensional Li+ transport in the one-dimensional tunnels of the olivine structure. Li+ 

concentration gradients in the electrolyte induced by the high current rate will also give 

rise to an inhomogeneous state of lithiation across the electrode[102]; that is the Li 

composition varies between particles. Consequently, the asymmetrical broadening of the 

observed reflection profile cannot be solely attributed to the Li compositional variation 

within a particle, and at least a substantial part of the broadening is due to compositional 

variation between particles and across the electrode.  

It should be noted that a wide distribution of particle size could potentially lead to 

asymmetrical peak profiles, due to the particle-size dependent Li solubility[20,22,23], 
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which could lead to a composition variation based on the particle size. However, the 

change in the Li solubility is substantial only when the particle size is smaller than 50 nm. 

Although there are some particles smaller than 50 nm in the sample (Figure 4.2 B), their 

volumetric fraction is negligible. Since the phase fraction by X-ray diffraction scales with 

the total volume of the respective phase, the very small particles (< 50 nm) in the sample 

will contribute almost no intensity to the diffraction pattern and will not appreciably affect 

the peak profile.  

4.3.4 Proof of the metastable nature of the LixFePO4 phase 

The lithium composition interpolated by Vegard’s law is shown on the right axes in 

Figure 4.8. It is noted that at around 400 s, 700 s and 920 s (corresponding to an overall 

composition of Li0.68FePO4, Li0.49FePO4, and Li0.74FePO4, respectively), where the 

asymmetrical lattice parameter distribution is most pronounced, approximately 20% of 

the entire electrode probed by the X-ray beam exists with a composition between that of 

Li0.25FePO4 and Li0.65FePO4. In comparison, the solubilities obtained by Vegard’s law in 

35 nm and 140 nm particles with coexisting LiFePO4 and FePO4 domains are Li~0.9FePO4 

and Li~0.1FePO4, and Li>0.95FePO4 and Li<0.05FePO4, respectively, even by taking the most 

generous estimation[20]. The application of a high current rate thus extends the solid 

solution into the regime that is thermodynamically prohibited and exists only under non-

equilibrium conditions.  

To confirm the metastability of the extended solid solution, we carried out an 

intermittent charging experiment and collected diffraction patterns during both the 10 C 

charging and the relaxation processes (Figure 4.4 D). The same whole powder pattern 

fitting method was used to generate the a, b, c lattice parameter distribution contour plots 

(Figure 4.10). As expected, asymmetry in the lattice parameter distribution develops on 

the LiFePO4 side in the shaded region that highlights the periods during which current is 

applied, and the distribution gradually becomes more symmetrical once the current is 

removed and the system is allowed to equilibrate.  
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Figure 4.10 Contour plot of refined LiFePO4 and FePO4 lattice parameter distributions as 

a function of time during the intermittent charging experiment. The application of a 10 C 

current pulse for 90 s (corresponding to the removal of 0.25 Li per LiFePO4 formula unit), 

is followed by a 10 min relaxation in open circuit mode. The low FePO4 phase fraction 

during the first relaxation period is responsible for the greater fluctuation in the lattice 

parameters. The relative population density is colour coded (see top). The lowest contour 

is drawn at 7.5% intensity of the maximum population density for the FePO4 phase at the 

end of the second relaxation period (indicated by the solid black circles). In the bottom 

graph, voltage (red lines) and current (blue lines) are plotted as a function of time 
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4.3.5 Verification of the whole pattern fitting method 

To verify the validity of the fitting results obtained in Figure 4.8, the peak asymmetry of 

(200) and (301) reflections were treated by fitting the selected regions with a series of 

peaks to model reflections from phases of varying lithium composition. The (200) and 

(301) reflections were chosen based on the fact that reflections from the LiFePO4 and the 

FePO4 phases are well separated to give a better resolution of the asymmetrical profile.  

 Peak positions of the two end phases, LiFePO4 and FePO4, are obtained from the 

whole pattern fitting of the pattern at the beginning and the end of first charge, 

respectively. By trial and error, it was found that at least 8 intermediate phases are needed 

to achieve a good fitting of the reflection profile. The 8 intermediate reflections are 

distributed equally in d-spacing between the LiFePO4 and the FePO4 reflections, therefore, 

a total of 10 reflections are employed to fit each of the (200) and the (301) reflection 

profiles. In the fitting process, the refined parameters are the intensities of individual 

peaks and a single width parameter for all 10 peaks; all peak positions are fixed.  

Extraction of relative phase population is based on the work by Rudman[105]. 

The integrated intensity of the (hkl) reflection corresponding to the composition LixFePO4 

is given by 

)()()('')(
2
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where K’’ is a constant, Fhkl(x) is the structure factor of LixFePO4, Tabs is the absorption 

factor, LP() is the Lorentz-polarisation factor, and N(x) is the number of unit cells of 

LixFePO4 in the irradiated volume. Since the reflection profile of interest spans only over 

a small 2 range ((2)<1o), to a first approximation, Tabs and LP() can be considered 

as constant. Hence,  
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and Fhkl(x) is treated as a linear combination of the experimentally determined Fhkl(0) and 

Fhkl(1) (structure factors of LiFePO4 and FePO4, respectively) given by (4.8). 

The relative phase population extracted from the integrated intensity of (200) and 

(301) reflections are shown in Figure 4.11 A and B, respectively. Figure 4.11 B appears 

to be noisier than Figure 4.11 A because of the lower intensity of the (301) reflections. It 



Chapter 4 

 

79 

 

can be seen that Figure 4.11 is in very good agreement with the result obtained from the 

whole pattern fitting method shown in Figure 4.8. 

 

Figure 4.11 Phase population distribution obtained from multi-peak fitting. (A) shows the 

result for (200) reflection and (B) for the (301) reflection. 

4.3.6 Discussion 

In contrast to the formation of an intermediate Li0.6-0.75FePO4 phase under high cycling 

rates in micron-sized particles[99], our model reveals the development of a continuous 

solid solution that extends from the two end member phases into the thermodynamic 

miscibility gap. A higher fraction is distributed on the LiFePO4 than on the FePO4 side in 

good agreement with the non-equilibrium stability phase diagram constructed from the 

phase-field simulation[29], which predicts an asymmetrically vanishing spinodal region 

with increasing current rate. This asymmetry is also consistent with the thermodynamic 

phase diagram with greater lithium solubility on the LiFePO4 side at room 

temperature[22,23] and a higher solid solution formation temperature on the low Li 

composition side[12,109], which indicates a higher energy barrier to form a homogeneous 

solid solution with low Li composition. Phase transformation via a single-phase solid 

solution mechanism is generally thought to manifest itself in diffraction studies as a 

continuous shift in the peak position. The distribution of Li compositions is a consequence 
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of the inhomogeneous nature in the reacting nanoparticulate electrode, which has been 

shown in various studies to react particle by particle[25,26,110,111]. The high current 

rate induces more particles to undergo phase transition at the same time, but not to the 

same state of lithiation, which causes the Li composition to vary both between the 

particles and within the particle[112]. Detection of the solid solution by powder 

diffraction is, however, very difficult due to the small number of reacting particles at any 

one time. The application of a high current not only induces an overpotential that is large 

enough to deliver a dynamic phase transformation pathway but also increases the number 

of reacting particles, so that they can be observed via a bulk measurement technique. 

However, a large portion of the electrode still remains inactive at any one time, and the 

diffraction pattern is still dominated by the equilibrium phases, LiFePO4 and FePO4. 

4.4 Conclusion 

In situ X-ray powder diffraction of LiFePO4 nanoparticles at 10 C rate has shown a phase 

transition that deviates from the classical nucleation and growth process. The whole 

powder pattern fitting approach to model the severely skewed diffraction peaks has 

revealed the existence of continuously distributed solid solutions (LixFePO4) deeply 

extended into the thermodynamic miscibility gap. The intermittent charging experiment 

has confirmed the non-equilibrium nature of the solid solutions formed within the 

miscibility gap. The existence of a non-equilibrium single-phase transition pathway in 

LiFePO4 explains its exceptionally high-rate performance. Provision of the non-

equilibrium solid solution phase may also underpin high-rate capability of other materials 

that nominally operate via two-phase reactions. 
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5 Phase transition of anatase TiO2 at high rates 

5.1 Introduction 

To explore whether the formation of non-equilibrium solid solution phases is unique to 

LiFePO4 or a general phenomenon of the intercalation process at high rates, it is necessary 

to investigate the phase transition of other compounds. Hence, the phase transitions of 

anatase TiO2 and LiVPO4F, both known to undergo first-order phase transitions during 

Li+ (de)intercalation at low rates, i.e. at close to thermodynamic equilibrium conditions, 

were investigated at high cycling rates. This chapter is focused on the phase transition of 

anatase TiO2. The results from a study of LiVPO4F are presented in the next chapter. 

Anatase, TiO2, is used as an anode material for lithium ion batteries and, in theory, 

can accommodate a maximum of 1 Li per formula unit (f.u.). Initial Li intercalation into 

anatase TiO2 from x = 0 to 0.025 (x in LixTiO2) proceeds by a single phase, solid solution 

reaction. When Li is further intercalated, there is a two-phase reaction in the composition 

range 0.025 < x < 0.5 (x in LixTiO2) between tetragonal Lia≈0.025TiO2 (I41/amd, No. 141, 

Figure 5.1 A)[113], denoted as the α-TiO2 phase, and orthorhombic Lib≈0.5TiO2 (Imma, 

No. 74, Figure 5.1 B)[114], denoted as the β-Li0.5TiO2 phase. Further intercalation for x > 

0.5 is kinetically restricted by slow Li ion diffusion[115,116], and as a result, 

transformation to LiTiO2 (I41/amd, Figure 5.1 C), denoted as γ-LiTiO2, is only observed 

for very small nanoparticles (~7 nm) and on the surface layer of bigger particles at room 

temperature[117]. As shown in Figure 5.2, the discharge (Li insertion) voltage profile 

shows two distinct process: a well-defined voltage plateau at 1.78 V[118] corresponding 

to the two phase reaction of α-TiO2  β-Li0.5TiO2, and a sloping voltage due to the 

kinetically restricted two-phase reaction of β-Li0.5TiO2  γ-LiTiO2 occurring at the 

particle surface. The thermodynamics of the system are also dependent on the particle 

size: for large particles, both the α-TiO2 and β-Li0.5TiO2 phases coexist in a single particle; 

for small particles, such phase coexistence is not stable and each crystallite is composed 

entirely of either the α-TiO2 or the β-Li0.5TiO2 phase[117]. The effect of particle size on 

the reaction mechanism at a very low rate (C/120) was recently investigated by in situ 

XRD[119]. It was found that both small (15 nm) and large (130 nm) particles react 

sequentially and that the large particles transform by a moving boundary. The same study, 

despite being carried out at a low rate, also reveals a non-equilibrium nature during the 

transition between α-TiO2 and β-Li0.5TiO2 in small (15 nm) particles: the Li composition 

of α-TiO2 and β-Li0.5TiO2 measured during the transition process of TiO2  Li0.5TiO2 is 
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different than the Li composition measured under equilibrium at the same state of overall 

lithiation. Hence, it would be interesting to explore whether the deviation from the 

equilibrium Li composition could be large enough at high rates to achieve a continuous 

phase transition between α-TiO2 and β-Li0.5TiO2. To this end, the phase transition of 

anatase TiO2 during electrochemical cycling under different cycling rates and 

temperatures was investigated by in situ synchrotron XRD. 

 

Figure 5.1. The crystal structures of (A) tetragonal α-TiO2, (B) orthorhombic β-Li0.5TiO2 

and (C) tetragonal γ-LiTiO2.The half-filled green/white spheres denote sites which are 

randomly occupied by either Li or vacancy with equal probability. 

 

Figure 5.2. Typical voltage profile of anatase TiO2 during discharge. The kinetically 

restricted lithiation to form γ-LiTiO2 becomes more prominent with decreasing particle 

size. Figure adapted from reference [120]. 
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5.2 Experimental methods 

5.2.1 Materials and electrode preparation 

The 25 nm and 100 nm TiO2 powders were purchased from Sigma Aldrich. The electrode 

was prepared with a high proportion of carbon additives, to improve the electrochemical 

performance of the active material at high rates (by increasing the electronic conductivity). 

For a typical electrode, 3 mg of the active material powder was mixed with Super P carbon 

(Alfa Aesar), carbon black (Vulcan XC-72, Cabot Corporation) and 

polytetrafluoroethylene (PTFE) binder (Sigma-Aldrich) in the mass ratio 3:3:3:1 and was 

pressed (1.6-1.8 ton) into a pellet of 13 mm in diameter.  

5.2.2 In situ XRD measurement 

The electrode pellet was assembled into the AMPIX cell[67] with Li foil as the anode, 

glass fibre as the separator and 1 M LiPF6 in 1:1 ethylene carbonate/dimethyl carbonate 

(Tomiyama Pure Chemical Industries) as the liquid electrolyte. For high temperature 

electrochemical cycling, the cell was heated up with a heating tape whose temperature 

was set to 80C by a thermostat. In situ synchrotron XRD measurements were performed 

in transmission geometry at beamline 17-BM of the Advanced Photon Source at Argonne 

National Laboratory (wavelength 0.72779 Å, 500 µm diameter beam). A 2-D area 

detector (Perkin-Elmer) consisting of 2048 × 2048 pixels of 200 µm × 200 µm in size 

was used and was placed 400 mm away from the AMPIX cell. The same electrode was 

used for the in situ measurement at different cycling rates, with measurements taken in 

the order from low to high rate. The data collection time of each pattern for 1 C, 2 C, 5 C, 

10 C and 20 C cycling rates was 30 s, 12 s, 6 s, 3 s, and 3 s, respectively, which correspond 

to a change of 0.004 Li, 0.003 Li, 0.004 Li, 0.004 Li and 0.008 Li, respectively, per 

formula unit (f.u.) of TiO2. The C-rate is calculated based on the theoretical capacity of 

0.5 Li insertion per f.u., which is 168 mAh/g. LaB6 powder was measured to obtain the 

instrumental broadening profile.  

Rietveld refinements were performed with TOPAS software package in the 2θ 

range 10.3 – 35.5. The background was modelled by 4 asymmetrical pseudo-Voigt 

peaks at positions ~11.7, ~20.1, ~25.0, ~34.8, respectively, with full width at half 

maximum (FWHM), intensity, shape parameter being refined, to account for the 

diffraction background intensity from glassy carbon, glass fibre separator and the liquid 

electrolyte, on top of the function B/2θ, where B was refined. Two phases corresponding 
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to α-TiO2 (I41/amd) and β-Li0.5TiO2 (Imma) were included in the refinement. The scale 

factors, unit cell parameters, atomic coordinates and isotropic atomic displacement 

parameters (ADP) for Ti and O atoms were refined. Ti and O atoms in both phases were 

constrained to have the same ADP for each atomic species. The peak profile was modelled 

by the convolution of isotropic size-like broadening (both Lorentzian and Gaussian) with 

anisotropic strain-like broadening (both Lorentzian and Gaussain). The Voigt peak profile 

is used to describe the isotropic size-like broadening: 

𝐻𝑖𝑠𝑜 = S/cos (θ) (5.1) 

where Hiso is the full width at half maximum (FWHM) of the Voigt profile, S is the refined 

parameter. The anisotropic strain-like broadening is described by 

𝐻𝑎𝑛𝑖𝑠𝑜 = ∑ 𝐶𝑖𝑗𝑌𝑖𝑗

𝑖𝑗

tan (θ) (5.2) 

where Haniso is the full width at half maximum (FWHM) of the Voigt peak profile, Yij is 

the symmetrised spherical harmonics[82], and Cij are the refined parameters. Since the 

peak broadening was modelled empirically to obtain a good refinement, no 

microstructural information about the sample was obtained. 

5.3 Results and Discussion 

5.3.1 Particle size and electrochemistry of anatase TiO2 

The particle size of the as-purchased TiO2 samples was checked by scanning electron 

microscope (SEM). Figure 5.3 A and B show the SEM images for the as-purchased TiO2 

powder specified as 100 nm and 25 nm, respectively, and the particle size is in agreement 

with the specification. Henceforward, the two TiO2 samples are referred to by their 

particle size: 100 nm and 25 nm, respectively.  
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Figure 5.3 SEM images obtained for as-purchased (A) 100 nm and (B) 25 nm anatase 

TiO2 samples. Pictures were taken by Dr. Tao Liu from our group. 

In situ XRD measurements were conducted for both TiO2 samples at cycle rates 

of 1 C, 2 C and 5 C at room temperature and at cycle rates of 5 C, 10 C and 20 C at 80C. 

The same 25 nm electrode was used for both room temperature and 80C cycles, while 

two 100 nm electrodes were used for room temperature and 80C cycles, respectively. 

Cycles were carried out in the order of increasing rates at each temperature, for example, 

1 C, 2 C and 5 C cycles were carried out sequentially at room temperature. For 25 nm 

particles, cycling at 80C was performed after all the cycling at room temperature had 

been completed. Discharge and charge were limited within the voltage window 1.0 V – 

3.5 V, except for 1 C and 2 C cycles of 25 nm particles at room temperature, where the 

low cut-off voltage was accidently set to 1.2 V. The voltage profiles vs. overall cycled Li 

per f.u. of TiO2 during the in situ XRD experiment are shown in Figure 5.4. For 100 nm 

at 1 C cycling at room temperature (Figure 5.4 A), the discharge voltage profile displays 

similar characteristics as the one shown in Figure 5.2: a steep drop in voltage is followed 

by a voltage plateau at 1.7 V between 0.05 and 0.25 overall cycled Li, indicating the 

transition from α-TiO2 to β-Li0.5TiO2. The sloping voltage profile towards the end of 

discharge (from 0.3 to 0.45 overall cycled Li) is attributed to further Li insertion 

exceeding Li0.5TiO2[121,122] and electrolyte decomposition at low voltages[123,124] to 

form a protective layer of solid electrolyte interphase (SEI), which cannot be reversed on 

charge. Except for the irreversible SEI formation, the aforementioned process is reversed 

on charge. The small voltage bump at 0.57 overall cycled Li is associated with a kinetic 

barrier, such as nucleation of a second phase or the slow Li diffusion in γ-LiTiO2 which 

may form on the surface layer. It can be seen that the voltage profiles under other cycling 

conditions exhibit similar behaviour. 
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It is noted that the irreversible capacity is mostly associated with the first cycle, 

i.e. the cycle of lowest rate in each graph in Figure 5.4. The irreversible capacity between 

discharge and charge during a 1 C cycle for 100 nm particles at room temperature (Figure 

5.4 A), a 5 C cycle for 100 nm particles at 80C (Figure 5.4 B), a 1 C cycle for 25 nm 

particles at room temperature (Figure 5.4 C) and a 5 C cycle for 25 nm particles at 80C 

(Figure 5.4 D) is equal to 0.1, 0.3, 0.05 and 0.15 overall cycled Li per f.u., respectively. 

The small irreversible capacity during a 1 C cycle for 25 nm particles at room temperature 

is possibly due to the higher than average cut-off voltage at 1.2 V, which reduces the 

amount of electrolyte decomposition. The irreversible capacity found for subsequent 

cycles to the first one is less than 0.05 overall cycled Li per f.u.. Since SEI is amorphous 

and does not affect the crystal structure of the electrode material, it does not directly 

interfere with the interpretation of the in situ XRD results.  

 

Figure 5.4 Voltage profiles for the discharge-charge cycles performed during the in situ 

XRD experiment. (A) Room temperature (RT) and (B) 80 C cycling for 100 nm particles. 

(C) Room temperature and (D) 80 C cycling for 25 nm particles. 

5.3.2 Phase evolution of anatase TiO2 under various conditions 

Image plots of the time-resolved in situ XRD patterns for the evolution of the (024) 

reflection of α-TiO2 and the (204) reflection of β-Li0.5TiO2 during high rate cycling at 

room temperature are shown in Figure 5.5 A-C for 100 nm particles and Figure 5.5 D-F 

for 25 nm particles. (024) and (204) are symmetry equivalent reflections in tetragonal α-

TiO2, and when the symmetry is lowered to orthorhombic β-Li0.5TiO2, they appear as two 
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distinct peaks in a powder XRD pattern. If the transition from the tetragonal to the 

orthorhombic phase is continuous, one would expect to observe, in the in situ XRD 

patterns, first the splitting of the (024) reflection into two reflections, (204) and (024), 

then the continuous shift of these reflections towards the 2θ values of the β-Li0.5TiO2 (204) 

and (024) reflections, respectively. For clarity, the (024) reflection of β-Li0.5TiO2, which 

appears at a lower 2θ angle but overlaps with other peaks, is not shown. For the discharge 

of 100 nm particles at a cycle rate of 1 C (Figure 5.5 A), the (024) reflection of α-TiO2 

shifts to a lower 2θ angle (0 – 0.07 overall cycled Li per f.u.) at the beginning of discharge, 

indicating an increasing Li composition of α-TiO2 by the single-phase reaction; further 

discharge shows the characteristic two-phase reaction, where the (204) reflection of β-

Li0.5TiO2 grows at the expense of the (024) reflection of α-TiO2. On discharge, the (204) 

reflection of β-Li0.5TiO2 decreases in intensity and the (024) reflection of α-TiO2 is 

restored. Similar evolution of the (024) reflection of α-TiO2 is observed also for the 100 

nm particles at cycle rates of 2 C and 5 C as shown in Figure 5.5 B and C, respectively; 

however, due to the formation of the small amount of β-Li0.5TiO2 on discharge at higher 

rates, the intensity of the (204) reflection of β-Li0.5TiO2 becomes very weak at 2 C, as 

shown by a single contour level corresponding to ~ 9 % maximum intensity of the image 

(Figure 5.5 B), and is barely visible at 5 C, where its maximum intensity is less than ~ 9 % 

of the maximum intensity of the image (Figure 5.5 C). The diffraction patterns shown in 

Figure 5.5 D-F are qualitatively the same as the ones for 100 nm particles and also display 

a two-phase feature. The 25 nm particles show improved kinetics as indicated by the 

higher fraction of the β-Li0.5TiO2 formed and the higher discharge capacity at the end of 

discharge in comparison to the 100 nm particles at equivalent rate: for example, the 

discharge capacity of 25 nm particles at 5 C corresponds to the insertion of 0.4 Li per f.u. 

as opposed to 0.2 Li for 100 nm particles at the same rate. 

  Since the (dis)charge process at room temperature terminates prematurely at 

higher rates (≥ 5C), to probe the phase transition at rates above 5 C, electrochemical 

cycling was performed at an elevated temperature (~80C) to improve the Li diffusion 

and the reaction kinetics. The in situ XRD patterns collected at 80C during high rate 

cycling are shown in Figure 5.6 A-C for 100 nm particles and Figure 5.6 D-F for 25 nm 

particles. There is a noticeable improvement in the rate performance of both 100 nm and 

25 nm particles with the formation of a substantial amount of β-Li0.5TiO2 at the end of the 

20 C discharge, yet the XRD patterns still exhibit characteristic two-phase behaviour for 

both particles sizes.   
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Figure 5.5 Image plots showing the time evolution of the in situ XRD patterns at room 

temperature for (A-C) 100 nm and (D-F) 25 nm TiO2 particles at various cycling rates. 

The intensity scale is shown by the colour bar. The electrochemical profile is shown in 

the graph to the right of each image. The 2θ region for the (024) reflection of α-TiO2 and 

the (204) reflection of β-Li0.5TiO2 is shown. The (204) reflection of β-Li0.5TiO2 is barely 

visible in B and C due to the formation of a very limited amount of β-Li0.5TiO2, and the 

equally spaced intensity contours (11 levels in total) are drawn in black to aid visual 

inspection. 
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Figure 5.6 Image plots showing the time evolution of the in situ XRD patterns collected 

at elevated temperature (~ 80C) for (A-C) 100 nm and (D-F) 25 nm TiO2 particles at 

various cycling rates. The intensity scale is shown by the colour bar. The electrochemical 

profile is shown in the graph to the right of each image. The 2θ region for the (024) 

reflection of α-TiO2 and the (204) reflection of β-Li0.5TiO2 is shown. Equally spaced 

intensity contours (11 levels in total) are drawn in black in B, C and F to aid visual 

inspection. 

Rietveld refinements were carried out to follow the evolution of the α-TiO2 and 

β-Li0.5TiO2 lattice parameters and capture any quantitative differences in the phase 

transition between the various cycling conditions. Figure 5.7 A and B show typical fitting 

patterns obtained from Rietveld refinement for the 100 nm particles at 0.33 overall cycled 

Li per f.u. and 25 nm particles at 0.24 overall cycled Li per f.u., respectively, during 2 C 

discharge at room temperature (RT). Reflections overlapped with the Li metal ones are 

not included in the refinement. The dips at ~28 are due to the presence of less efficient 

pixels of the detector and are also excluded from the refinement. The two big humps at 

~11 and ~20, 2θ, arise from the glassy carbon window and the liquid electrolyte in the 
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cell[67] and are treated as background. The extremely small Rwp factors (<1%), which 

indicate the quality of fit, are due to the relatively high background intensities with respect 

to the intensities of the Bragg reflections. Figure 5.8 shows the Rwp factors in all Rietveld 

refinements carried out in this study. It can be seen that Rwp stays almost constant for all 

refinements carried out for each cycling condition, except for the cycling at room 

temperature for 25 nm particles, where Rwp increases with the overall Li composition but 

still remains in the same range with Rwp obtained for cycling at 80C for 25 nm particles.  

 

Figure 5.7. Typical fitting results obtained from Rietveld refinement for in situ XRD 

patterns collected for (A) 100 nm and (B) 25 nm particles. The green ticks mark the Bragg 

reflection positions of the corresponding phases. The asterisks indicate the Bragg 

reflections due to Li metal. The insets show the magnified 16.5 – 19 and 27 – 28 2θ 

regions. The regions not accounted for by the calculated curves are excluded from the 

refinement. The blue dots represent the measured intensity, red curves are the calculated 

intensities from the refined models and grey curves are the differences between the 

measured and calculated intensities.  
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Figure 5.8 The Rwp factors in the Rietveld refinements for (A) 100 nm and (B) 25 nm 

particles. RT is short for room temperature. 

The refined lattice parameters as a function of the overall Li composition 

determined from the electrochemistry during discharge are shown in Figure 5.9. The 

evolution of the α-TiO2 lattice parameters exhibits two different regimes: (i) an initial 

steep increase (decrease) of the a (c) lattice parameter within the first ~0.1 overall Li 

composition, followed by (ii) a much gradual increase (decrease) of the a (c) lattice 

parameter until the end of discharge. Regime (i) is in line with the single-phase reaction 

within the limited Li solubility, where the insertion of Li only changes the Li composition 

of the α-TiO2 phase. Upon entering regime (ii), the β-TiO2 phase starts to form after the 

α-TiO2 phase becomes saturated with Li.  

The Li composition of each phase can be interpolated under the assumption of 

Vegard’s law; here, it is based on the interpolation of the c lattice parameter since it has 

been shown to vary linearly across the stoichiometries of α-TiO2, β-Li0.5TiO2, and γ-

LiTiO2[117] (Figure 5.10). The evolution of the Li composition of each phase during 

discharge is shown in Figure 5.11, where the dashed grey lines indicate the 

thermodynamic Li solubility limits determined from neutron diffraction studies of 120 

nm particles.[117] It is noted, for example, in Figure 5.11 A for the discharge processes 

of 100 nm at room temperature, that the Li composition of the saturated α-TiO2 (at the 

overall Li composition of ~0.07) and the emerging β-Li0.5TiO2 phase (at the overall Li 

composition of ~0.15) exceeds the thermodynamic Li solubility limit. Furthermore, as 

also shown in Figure 5.11 A, the Li composition of the saturated α-TiO2 phase (at the 

overall Li composition of 0.07~0.1) increases progressively with cycle rate: the maximum 

Li composition of the α-TiO2 phase before the formation of the β-TiO2 phase is found to 

be x = 0.042, 0.045, and 0.054 for 1 C, 2 C and 5 C, respectively, where x is the Li 

composition of LixTiO2. This rate-dependent solubility is similar to what was 

observed[125] and predicted[29] for LiFePO4 at moderately high rates, and is attributed 

to the overpotential induced by the high current. In comparison, the same, yet less 
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pronounced, rate-induced solubility is observed at higher temperature: for example, for 

the 100 nm particles cycled at 5 C at 80C (Figure 5.11 B), the maximum Li composition 

of the α-TiO2 phase before the β-Li0.5TiO2 phase is formed is less than that at room 

temperature (Li0.035TiO2 is observed at an overall Li composition of ~0.17 at 80C, 

whereas Li0.054TiO2 is seen at an overall Li composition of 0.1 in Figure 5.11 A). The Li 

composition of the emerging β-Li0.5TiO2 phase is also closer to the thermodynamic limit 

than that at room temperature. A similar observation is also made for the 25 nm particles 

at 80C in Figure 5.11 D.  

The less pronounced rate-induced Li solubility at higher temperature reflects the 

kinetic nature of this phenomenon, which is associated with the finite Li diffusivity in the 

α-TiO2 and β-Li0.5TiO2 phases. This can be understood from the fact that a system not 

subject to kinetic limitations will always be found in its thermodynamic equilibrium state, 

therefore, the Li composition of the α-TiO2 and β-Li0.5TiO2 phases will never exceed their 

thermodynamic solubilities if the Li diffusion, which is found to be limited by the Li 

migration across the α-TiO2/β-Li0.5TiO2 interface[17], is infinitely fast. As the diffusion 

of Li becomes faster with increasing temperature, the Li solubilities of α-TiO2 and β-

Li0.5TiO2 will approach their thermodynamic limits.  
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Figure 5.9 Lattice parameters of both α-TiO2 (highlighted in yellow and labelled with the 

subscript α) and β-Li0.5TiO2 (highlighted in green and labelled with the subscript β) 

phases obtained from Rietveld refinements for both the room temperature (RT) and the 

80C discharge processes. 
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Figure 5.10 The lattice parameters of TiO2, Li0.5TiO2 and LiTiO2 as reported in reference 

[117]. Only the c lattice parameter varies linearly with x across the entire Li composition 

range.  

 

Figure 5.11 Evolution of the Li composition in α-TiO2 and β-Li0.5TiO2 for (A-B) 100 nm 

and (C-D) 25 nm particles during discharge. Room temperature (RT) results are shown 

in A and B, and elevated temperature experiments are shown in B and D. The dashed grey 

lines indicate the positions for Li solubilities of 0.025 and 0.5, which are considered as 

the boundaries of the thermodynamic Li solubility[117]. The error bars are smaller than 

the symbols. 

The normalised scale factors (normalised against the scale factor of α-TiO2 at the 

start of lithiation) of both α-TiO2 and β-Li0.5TiO2 phases are shown in Figure 5.12 A and 

B for 100 nm and 25 nm particles, respectively. It can be seen that the α-TiO2 phase 

increases while the β-Li0.5TiO2 phase decreases with increasing overall Li composition. 

Because the scale factor and the Li composition (Figure 5.11) are known for both phases, 

the overall Li composition can also be determined by 
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Overall Li composition = (Normalised scale factor)α x (Li composition)α  

                                         + (Normalised scale factor)β x (Li composition)β 

(5.3) 

 

where the subscripts α and β denote the α-TiO2 and β-Li0.5TiO2 phases, respectively. The 

overall Li composition determined from Rietveld refined parameters is shown as a 

function of the overall Li composition determined from electrochemistry in Figure 5.12 

C and D for 100 nm and 25 nm particles, respectively. If there is no side reaction, an 

increment in the overall Li composition determined from electrochemistry should, in 

principle, correspond to an equal increment in the overall Li composition determined from 

Rietveld refined parameters, i.e. the points in Figure 5.12 C and D should follow a linear 

relationship with a slope of one. Any deviation from the linear relationship with a slope 

of one indicates the presence of side reactions, unrealistic Rietveld refined parameters 

and/or the formation of amorphous phase not captured by XRD. It is noted that substantial 

deviation from the linear relationship (indicated by the dashed grey lines) occurs only for 

1 C cycling for 100 nm at room temperature (Figure 5.12 C) for more than 0.3 overall Li 

composition determined from electrochemistry. This deviation is consistent with its 

electrochemistry shown in Figure 5.4 A , as discussed in Section 5.3.1, that the sloping 

voltage observed for more than 0.3 overall cycled Li is, at least in part, due to side 

reactions involved in the formation of the solid electrolyte interphase. 
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Figure 5.12 Normalised scale factors (normalised against the scale factor of α-TiO2 at the 

start of lithiation) for (A) 100 nm and (B) 25 nm particles as a function of the overall Li 

composition. (C) and (D) show the overall Li composition determined from XRD as a 

function of the overall Li composition determined from electrochemistry for 100 nm and 

25 nm particles, respectively. The dashed grey lines have a slope of 1. RT represents room 

temperature. 

5.3.3 Microstructural evolution of anatase TiO2 particles during discharge 

Although the in situ XRD patterns clearly show the presence of only two phases, it is not 

obvious as to what occurs on the particle level: does the reaction proceed particle by 

particle or simultaneously in all particles? To answer this question, microstructural 

analysis was performed based on the full width at half maximum (FWHM) of the (024), 

(116) and (220) reflections of the α-TiO2 phase and the (011), (204) and (220) reflections 

of the β-Li0.5TiO2 phase. These reflections were selected on the criterion that there is no 
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or only a small amount of overlap with other reflections, in order to minimise ambiguity 

and correlation in the peak fitting process. The results from fitting individual reflections 

including FWHM and domain size calculated from Scherrer formula, and the phase 

fractions obtained from Rietveld refinements are presented and discussed below. 

5.3.3.1 100 nm TiO2 particles  

The fitting results for 100 nm particles are shown in Figure 5.13 and Figure 5.14 for the 

discharge at room temperature and 80 C, respectively. Typical fitting patterns are shown 

in Figure 5.15. For 100 nm particles cycled at a rate of 1 C at room temperature (Figure 

5.13 A(i)), the (024), (116) and (220) reflections of the α-TiO2 phase become broader as 

more Li is inserted. Meanwhile, as shown in Figure 5.13 A(ii), the (011) reflection of the 

β-Li0.5TiO2 phase decreases in FWHM, while the (204) reflection remains almost constant 

in FWHM and the (220) reflection shows an increase in FWHM for more than 0.25 

overall Li composition. Since β-Li0.5TiO2 is the newly formed phase, its domain size will 

only increase (in case of the two-phase reaction with intra-particle phase separation) or 

remain constant (in case of the particle by particle reaction) as lithiation proceeds, 

resulting in the narrowing or the invariance of the peak width, respectively. The reduction 

in symmetry from tetragonal (α-TiO2) to orthorhombic (β-Li0.5TiO2) gives rise to different 

a and b lattice constants. Previous studies find an increase in the length of the zig-zag Ti-

O-Ti chain along the b axis when Li is intercalated.[113] Therefore, a variation in the Li 

composition of the β-Li0.5TiO2 phase could lead to distortions in the Ti-O-Ti chain and 

variations in the b lattice parameter of β-Li0.5TiO2. Since the (220) plane is not parallel to 

the b axis, distortions in the b axis could introduce variations in the inter-plane spacing 

of the (220) planes, and hence the broadening of the (220) reflection. Consequently, the 

increase in FWHM of the (220) reflection of the β-Li0.5TiO2 phase is attributed to the 

microstrain effect. If the broadening of all the select reflections, except the (220) 

reflection of β-Li0.5TiO2, is due largely to the finite domain size effect, the domain size of 

each phase can be deduced using the Scherrer formula. Figure 5.13 A(iii) shows the 

evolution of the domain size deduced from FWHM of the (116) reflection of α-TiO2 and 

the (011) reflection of β-Li0.5TiO2. It is seen that the domain size of α-TiO2 decreases 

from 80 nm to 73 nm from an overall Li composition of 0 to 0.07. This slight initial 

decrease of 7 nm in the domain size of α-TiO2 is again attributed to the microstrain 

induced by Li composition variation within the limited solid solution of α-TiO2, since α-

TiO2 is the only phase present when the overall Li composition is between 0 and 0.07, i.e. 
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there is no size induced broadening. Further Li insertion results in a drastic decrease in 

the domain size of α-TiO2 from 73 nm to 16 nm towards the end of lithiation, while the 

domain size of β-Li0.5TiO2 grows to 30 nm. The growth of the β-Li0.5TiO2 domain at the 

expense of the α-TiO2 one is expected for a two-phase reaction with the nucleation and 

growth of a second phase within the particles of the first phase. The fact that this process 

is captured by powder XRD, which measures a large number of crystallites at a time, 

indicates the two-phase reaction occurs simultaneously in all particles. Although the 

domain size of β-Li0.5TiO2 at the end of lithiation appears to be small even though it 

constitutes 70% of the total phase fraction (Figure 5.13 A(iv)), the small domain size (30 

nm) of β-Li0.5TiO2  could be the result of more than one α-TiO2/β-Li0.5TiO2 interface per 

particle[17] and/or a concurrent microstrain broadening due to the Li composition 

variation of β-Li0.5TiO2. As shown in Figure 5.13 B and C, increasing the cycling rate to 

2 C and 5 C does not qualitatively change the behaviour of FWHM of the reflections: the 

α-TiO2 reflections increase while the β-Li0.5TiO2 reflections decrease or remain constant 

in FWHM with increasing overall Li composition, indicating the same two-phase reaction 

with the 1 C discharge. It is noted that FWHM of the β-Li0.5TiO2 reflections increases 

with the cycling rate: for example, as shown in Figure 5.13, the FWHM of the (204) 

reflection of β-Li0.5TiO2 is 0.19, 0.36 and 0.4 for 1 C, 2 C and 5 C, respectively, 

suggesting the formation of smaller β-Li0.5TiO2 domains or larger microstrain with 

increasing rate. Broad reflections with weak intensities can lead to large uncertainties in 

the determination of FWHM, as can be seen in the fitting pattern in Figure 5.15 C for the 

overall Li composition of 0.19 during 5 C discharge at room temperature. As with 

discharge at room temperature, cycles at 80C for 100 nm particles (Figure 5.14) still 

proceed by the two-phase reaction: the decrease of the α-TiO2 domain size and the 

increase of the β-Li0.5TiO2 domain size with increasing overall Li composition.  

A previous room temperature in situ XRD study[119] performed at C/120 rate 

reported a sequential nucleation mechanism for the phase transition of 130 nm anatase 

TiO2 particles, i.e. the reaction was shown not to take place simultaneously in all particles. 

The difference in the reaction mechanism could be attributed to the different rates applied 

in the experiment. Prior simulation studies[126] demonstrate that a higher fraction of an 

ensemble of electrode particles, which transform sequentially at lower rates, transform 

simultaneously at higher rates. The lithiation process of 100 nm TiO2 particles is 

summarised in Figure 5.16: (i) lithiation starts with a single phase reaction in the α-TiO2 
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phase, followed by (ii) the simultaneous nucleation of β-Li0.5TiO2 domains in all particles; 

(iii) the β-Li0.5TiO2 domains continue to grow until all the α-TiO2 domains are 

transformed into β-Li0.5TiO2. 

 

Figure 5.13. The evolution of the FWHM of select reflections from both α-TiO2 and β-

Li0.5TiO2 (i-ii), the domain size determined from the FWHM of the (116) reflection for α-

TiO2 and the (011) reflection for β-Li0.5TiO2 (iii), and scale factor (iv) as a function of the 

overall inserted Li for 100 nm particles during discharge at cycle rates of (A) 1C, (B) 2C 

and (C) 5C at room temperature. 
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Figure 5.14 The evolution of the FWHM of select reflections from both α-TiO2 and β-

Li0.5TiO2 (i-ii), the domain size determined from FWHM of the (116) reflection for α-

TiO2 and the (011) reflection for β-Li0.5TiO2 (iii), and scale factor (iv) as a function of the 

overall inserted Li for 100 nm particles during discharge at cycle rates of (A) 5C, (B) 10C 

and (C) 20C at 80C. 

 

Figure 5.15 Typical peak fitting patterns for 100 nm particles during room temperature 

charge at cycles rates of (A-B) 2 C and (C) 5 C. Blue dots are the experimental data, and 

red curves represent the overall fit. 
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Figure 5.16 Schematic illustration of the phase transition occurring in 100 nm anatase 

TiO2 particles during high rate discharge. Lithiation proceeds firstly by a solid solution 

reaction in the α-TiO2 phase (i) followed by the nucleation of β-Li0.5TiO2 (ii). The β-

Li0.5TiO2 domains grow in size until the entire particle comprises a single phase (iii-iv). 

5.3.3.2 25 nm TiO2 particles 

The fitting results for 25 nm particles are shown in Figure 5.17 and Figure 5.18 for cycles 

at room temperature and 80C, respectively. Typical peak fitting results are shown in 

Figure 5.19. During the discharge at a cycle rate of 1 C at room temperature (Figure 5.17 

A(i)) the FWHM of the α-TiO2 reflections increases from 0.2 to 0.3 from an overall Li 

composition of 0 to 0.4. The evolution of β-Li0.5TiO2 reflections, shown in Figure 5.17 

A(ii), follows the same trend as observed for the 100 nm particles: the FWHM of the (011) 

and (204) reflections decreases with increasing overall Li composition, while the FWHM 

of the (220) reflection decreases first until the overall Li composition reaches 0.45, after 

which it increases again. Figure 5.17 A(iii) shows the domain size as a function of overall 

Li composition deduced from the FWHM of the (116) reflection of α-TiO2 and the (011) 

reflection of β-Li0.5TiO2. As shown in Figure 5.17 A(iii) for 1 C discharge, the domain 

size of α-TiO2 decreases from 23 nm to 15 nm when the overall Li composition increases 

from 0 to 0.4, meanwhile the phase fraction of α-TiO2 decreases by 80 %. If the two 

phases in a spherical particle assume a core-shell morphology, where the core is α-TiO2 

and the shell is β-Li0.5TiO2, the volume fraction of a 15 nm diameter spherical core of α-

TiO2 in a 23 nm diameter spherical particle would correspond to 28 %, which is very 

close to the 20 % phase fraction of the α-TiO2 phase. However, this core-shell 

arrangement would yield a shell (β-Li0.5TiO2) thickness of 4 nm, which is far less than 

the value, 17 nm, determined from the Scherrer formula. Therefore, the only plausible 
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explanation is that the lithiation takes place particle by particle and the decrease in the 

domain size of α-TiO2 from 23 nm to 15 nm is associated with the microstrain developed 

in α-TiO2. This microstrain could result from the distortion present in the α-TiO2 phase 

and/or the Li composition variation between different α-TiO2 particles. The particle-by-

particle mechanism also stipulates a constant domain size for β-Li0.5TiO2, hence, the very 

large broadening at the point where the β-Li0.5TiO2 peaks emerge is also associated with 

the microstrain effect, which is likely to be caused by compositional variation between β-

Li0.5TiO2 particles. Reactions at higher rates, shown in Figure 5.17 B for 2 C and Figure 

5.17 C for 5 C, exhibit qualitatively similar behaviour and also proceed particle by particle. 

It is noted in Figure 5.17 C for 5 C discharge that the domain size of β-Li0.5TiO2 is 12 nm 

at the overall Li composition of 0.4, well below 20 nm observed at the end charge for 

cycle rates of 1 C and 2 C, despite the dominant presence of the β-Li0.5TiO2 phase. Hence, 

this provides a direct evidence for the presence of microstrain in β-Li0.5TiO2. 

 When the temperature is raised to 80C, for example, for the cycle rate of 5 C as 

shown in Figure 5.18 A(i), the FWHM of the (024) reflection of α-TiO2 remains almost 

constant at ~0.18 throughout the entire overall Li composition, while the FWHM of the 

(116) and (220) reflections of α-TiO2, after a rapid initial increase from 0 to 0.07 overall 

Li, which is attributed to the microstrain effect, also shows very little change over the rest 

of the overall Li composition range. As shown in Figure 5.18 A(ii), the FWHM of the 

(011) reflection of β-Li0.5TiO2 decreases monotonically with increasing overall Li 

composition, whereas the FWHM of the (204) and (220) reflections decreases from 0.2 

to 0.45 overall Li composition and increases from 0.45 overall Li composition onwards. 

The increase in the FWHM of the (204) reflection, in addition to the (220) reflection, of 

β-Li0.5TiO2 is attributed to the microstrain effect. As shown in Figure 5.18 A(iii), the 

domain size of α-TiO2 determined from FWHM of the (116) reflection of α-TiO2 remains 

effectively invariant at ~ 20 nm except the small initial drop from 23 nm to 20 nm from 

0 to 0.07 overall Li composition. Since the 10 C and 20 C discharge was carried out 

consecutively on the same cell after the cycle at 5 C, a small amount (~10%) of the β-

Li0.5TiO2 phase (residual β-Li0.5TiO2), which did not transform back to α-TiO2, was 

present at the beginning of 10 C and also 20 C discharge (shown in Figure 5.19 C for 10 

C charge). The presence of the residual β-Li0.5TiO2 phase complicates the interpretation 

of the FWHM of the β-Li0.5TiO2 reflections: the increase, as opposed to the decrease as 

observed at all other rates, in the FWHM of the β-Li0.5TiO2 reflections, as shown in Figure 
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5.18 B(ii) and C(ii) for 10 C and 20 C, respectively, is attributed to the formation of β-

Li0.5TiO2 particles that are not compositionally homogenous. Nonetheless, interpretation 

of the FWHM of the α-TiO2 reflections and the deduced domain size of α-TiO2, is not 

affected: the effectively invariant domain size (~20 nm) of α-TiO2 throughout the entire 

overall Li composition for the 10 C and 20 C discharge, shown in Figure 5.18 B(iii) and 

C(iii), respectively, is consistent with the particle by particle reaction mechanism. 

The particle by particle reaction mechanism is in agreement with the previous 

findings from in situ[119] and ex situ[117] XRD studies of anatase TiO2 nanoparticles 

(15 nm and < 40 nm, respectively), and is attributed to the high energy of the α-TiO2/β-

Li0.5TiO2 interface, whose disappearance reduces the total energy of the system. Figure 

5.20 summarises the lithiation process: (i) the initial lithiation involves the single phase 

reaction in the α-TiO2 phase, and (ii) further lithiation triggers the instantaneous 

transformation of an entire α-TiO2 domain into a β-Li0.5TiO2 one (stages (ii-iv)), which 

does not occur simultaneously in all particles but proceeds from particle to particle until 

every particle is transformed. 

 

Figure 5.17. The evolution of the FWHM of select reflections from both α-TiO2 and β-

Li0.5TiO2 (i-ii), the domain size determined from the FWHM of the (116) reflection for α-

TiO2 and the (011) reflection for β-Li0.5TiO2 (iii), and scale factor (iv) as a function of the 

overall inserted Li for 25 nm particles during discharge at cycle rates of (A) 1C, (B) 2C 

and (C) 5C discharge at room temperature. 
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Figure 5.18. The evolution of the FWHM of select reflections from both α-TiO2 and β-

Li0.5TiO2 (i-ii), the domain size determined from the FWHM of the (116) reflection for α-

TiO2 and the (011) reflection for β-Li0.5TiO2 (iii), and scale factor (iv) as a function of the 

overall inserted Li for 25 nm particles during discharge at cycle rates of (A) 5C, (B) 10C 

and (C) 20C discharge at 80 C. 
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Figure 5.19 Representative peak fitting patterns for 25 nm particles during charge at cycle 

rates of (A-B) 2 C at room temperature and (C-D) 5 C at 80C. 

 

Figure 5.20. Schematic illustration of the phase transition occurring in 25 nm anatase 

TiO2 particles during high rate discharge. Lithiation proceeds firstly by a solid solution 

reaction in the α-TiO2 phase (i) followed by the sequential (particle-by-particle) 

transformation from α-TiO2 to β-Li0.5TiO2 particles (ii-iv). 
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5.3.4 Discussion on the nature of the instantaneous phase transition of 25 nm TiO2 

particles 

What remains unanswered from the preceding sections is the microscopic process by 

which an entire α-TiO2 domain transforms into a β-Li0.5TiO2 one. Analogous to the case 

for LiFePO4 nanoparticles, two mechanisms need to be examined: (i) phase transition by 

a continuous structure change from α-TiO2 to β-Li0.5TiO2, and (ii) nucleation of β-

Li0.5TiO2 in α-TiO2 domain followed instantaneously by the fast propagation of the phase 

boundary.  

 Since the transformation from α-TiO2 to β-Li0.5TiO2 involves a change in crystal 

symmetry from I41/amd to Imma, corresponding to a group-subgroup relationship, a 

continuous path, if there is one, between the two phases must undergo a second-order 

phase transition. Although continuous structure transition between α-TiO2 and β-

Li0.5TiO2 is found, with the use of the programme ISOTROPY[53], to be allowed by 

Landau theory[52], whether it will occur depends on the energetics and kinetics of various 

transition pathways.  

The Gibbs free energy diagram for different phase transition paths is displayed in 

Figure 5.21. If the transformation from α-TiO2 to β-Li0.5TiO2 proceeds by a continuous 

structural phase transition, the energy will evolve along the solid black curve during 

lithiation: the initial lithiation involves the single-phase reaction of α-TiO2 until it reaches 

the critical point O, beyond which the energy for the high symmetry phase (α-TiO2) 

becomes higher than the low symmetry one (β-Li0.5TiO2). Therefore, traversing across 

point O from left to right, the entire nanoparticle will spontaneously transform to β-

Li0.5TiO2. This transition should manifest itself in the XRD measurement as a continuous 

splitting of the (0kl) (l can be 0) reflections into (0kl) and (k0l) reflections, in the case 

studied here, the splitting of the (024) reflection of α-TiO2 into the (024) and (204) 

reflections of β-Li0.5TiO2. Further lithiation beyond the transition point O proceeds as a 

single-phase reaction of β-Li0.5TiO2. If the transformation takes place via a nucleation and 

growth mechanism, the Li composition in the nanoparticle will evolve along the solid red 

curve, which differs from the equilibrium energy (solid green) only by an α-TiO2/β-

Li0.5TiO2 interfacial energy, G1. Phase separation will be induced within the composition 

between A and B, i.e. between the points where the red curve crosses the black curve.  
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The absence of any continuous splitting of the (024) reflection of α-TiO2 in the in 

situ XRD patterns presented in Figure 5.5 and Figure 5.6 suggests the transformation 

takes place by a nucleation and growth mechanism. Kinetics aside, the transformation 

should take the route that lies lower in energy, and it is possible that the energy barrier 

for the second-order phase transition (solid black curve) is too high for it to occur. In 

addition, the interfacial energy, G1, can be minimised by forming an interface along a 

zero-strain plane[115], hence favouring the two-phase mechanism with a fast propagation 

of the interface.  

 

Figure 5.21. Illustration of the change in Gibbs free energy for various phase transition 

paths. The solid black line represents a continuous structural transition (second-order 

phase transition), and the critical point is marked by O (solid yellow circle). The dashed 

black line is the projected energy curve if there is no reduction to lower symmetry. The 

solid green line is the common tangent construction that determines the lowest possible 

energy of a system with a mixture of α-TiO2 and β-Li0.5TiO2 not coexisting in the same 

particle. The solid red line is the modified energy of a system with a mixture of α-TiO2 

and β-Li0.5TiO2 separated by a phase boundary.  

5.4 Conclusion 

The lithiation mechanism of anatase TiO2 particles during Li insertion was investigated 

by in situ XRD as a function of rate, particle size and cycling temperature. Li solubilities 

of the end member phases, α-TiO2 and β-Li0.5TiO2, are found to increase noticeably with 

increasing rate, yet no continuous transition from α-TiO2 to β-Li0.5TiO2 is observed, even 

at a cycle rate of 20 C. An increase in temperature from room temperature to 80C results 

a significant improvement in the electrode’s electrochemical performance although the 
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reaction proceeds by a two-phase reaction. The Li solubility exceeds the thermodynamic 

limit and increases with cycling rate for both the α-TiO2 and β-Li0.5TiO2 phases, due to 

the kinetic limitation imposed by the finite Li diffusivity. Domain size information 

obtained from the line broadening analysis reveals a change in the phase transition 

mechanism brought about by a reduction in particle size from 100 nm to 25 nm: the 100 

nm particles react simultaneously via a conventional nucleation and growth mechanism, 

while the 25 nm particles react sequentially via a two-phase mechanism.  
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6 Phase transitions of LiVPO4F at high rates of charge 

6.1 Introduction 

LiVPO4F[127,128] can be cycled reversibly between LiVPO4F and VPO4F utilising the 

V3+/V4+
 redox couple. However, the reaction on the charge (from LiVPO4F to VPO4F) 

takes a different reaction pathway than on the discharge (from VPO4F to LiVPO4F): the 

charge (Li extraction) process of LiVPO4F proceeds by two, distinct two-phase reactions 

between LiVPO4F and Li0.67VPO4F and between Li0.67VPO4F and VPO4F at voltages of 

4.24 V and 4.28 V, respectively, while discharging process (Li insertion) of VPO4F 

proceeds by only one two-phase reaction between VPO4F and LiVPO4F.[129][130] The 

typical charge and discharge voltage profile is shown in Figure 6.1. It is not clear what 

causes the difference between the charging and discharging processes. The first-order 

phase transition from LiVPO4F and Li0.67VPO4F does not induce a change in crystal 

symmetry and both phases adopt the space group P-1 (triclinic), while the first-order 

phase transition from Li0.67VPO4F to VPO4F raises the symmetry from P-1 to C2/c 

(monoclinic). The crystal structures of LiVPO4F (triclinic P-1, No. 2) and VPO4F 

(monoclinic C2/c, No. 15) are shown in Figure 6.2 A-B and C-D, 

respectively.[127,130,131] The change in the crystal symmetry from LiVPO4F (P-1) to 

VPO4F (C2/c) is accompanied by the unit cell transformation, which is described by  

(

𝑎𝑚

𝑏𝑚

𝑐𝑚

) = (
−1 −1 0
1 −1 0
1 1 1

) (

𝑎𝑡

𝑏𝑡

𝑐𝑡

) (6.1) 

where the subscripts t and m denote the triclinic (LiVPO4F, P-1) and monoclinic (VPO4F, 

C2/c) systems, respectively. Since one of the two two-phase reactions during charge 

involves a change in crystal symmetry while the other does not, the charging process 

provides the unique opportunity to study the phase transition both in the presence and the 

absence of a change in crystal symmetry. In this chapter, the phase transitions of LiVPO4F 

during charge at different rates were investigated by in situ synchrotron XRD. 
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Figure 6.1 The voltage profile during charge and discharge of LiVPO4F at C/50. Two 

voltage plateaus (4.24 V and 4.28 V) are observed on charge while only one voltage 

plateau is observed on discharge. Figure reproduced from reference [130]. 

 

Figure 6.2. The crystal structures of (A, B) LiVPO4F and (C, D) VPO4F. The structures 

in A and B are viewed from the side of the V-F-V chains while those in B and D are 

viewed along the chains.  
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6.2 Experimental 

6.2.1 Materials and electrode preparation 

LiVPO4F powder was provided by Dr. Laurence Croguennec’s group at the University of 

Bordeaux. The electrode was prepared with a high proportion of carbon additives, to 

improve the electrochemical performance of the active material at high rates (by 

increasing the electronic conductivity). For a typical electrode, 3 mg of LiVPO4F powder 

was mixed with Super P carbon (Alfa Aesar), carbon black (Vulcan XC-72, Cabot 

Corporation) and polytetrafluoroethylene (PTFE) binder (Sigma-Aldrich) in the mass 

ratio 3:3:3:1 and was pressed (1.6-1.8 ton) into a pellet of 13 mm in diameter.  

6.2.2 In situ XRD measurement 

The electrode pellet was assembled in a homemade in situ Swagelok cell with Li foil as 

the anode, glass fibre as the separator and 1 M LiPF6 in ethylene carbonate/dimethyl 

carbonate (1:1 vol%, Solvionic) as the liquid electrolyte. In situ synchrotron XRD 

measurements were performed at beamline I11 Diamond, UK (wavelength 0.825974 Å), 

with transmission geometry. The time-resolved position sensitive detector (Mythen2) was 

used to minimise the time for data collection. The data collection time of each pattern for 

1 C, 2 C and 5 C cycling rates were 33.13 s, 18.8 s and 18 s, respectively, which 

correspond to 0.009 Li, 0.010 Li and 0.025 Li, respectively, per formula unit (f.u.) of 

LiVPO4F. 

6.3 Results and Discussion 

6.3.1 Electrochemistry upon charging LiVPO4F 

In situ XRD measurements were carried out during charge (delithiation) of LiVPO4F at 

cycle rates of 1 C, 2 C and 5 C. Figure 6.3 A shows the corresponding voltage profiles 

during charge. The sloping voltage up to ~4.25 V, corresponding to 0.4, 0.3 and 0.2 Li 

extracted per f.u. of LiVPO4F for 1 C, 2 C and 5 C charging, respectively, is attributed to 

the capacitive process arising from the large surface area due to the 60 wt% carbon in the 

electrode and/or side reactions involving the formation of solid electrolyte interphase 

(SEI)[132], hence no Li is expected to be extracted from LiVPO4F. The low voltage 

plateau (at 4.23 V at low cycle rate) that corresponds to the phase transition from 

LiVPO4F to Li0.67VPO4F cannot be easily identified for 1 C charge but is discernable 
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between 0.3 and 0.5 Li extracted for 2 C charge and between 0.25 and 0.25 Li extracted 

for 5 C charge. The high voltage plateau (at 4.27 V at low cycle rate) that corresponds to 

the two-phase reaction from Li0.67VPO4F to VPO4F can be clearly identified over the 

range of 0.5 – 1.5, 0.6 – 1.1 and 0.5 – 0.9 Li extraction for 1 C, 2 C and 5 C charge, 

respectively. The sloping voltage profile after the high voltage plateau could be associated 

with voltage polarisation. Although there is only one Li available per f.u. of LiVPO4F for 

extraction, the number of Li extracted from the electrochemistry appears to be much 

greater than one: ~1.9 Li for 1 C charge and ~1.4 Li for 2 C and 5 C charge. However, 

the number of Li extracted during the plateau region (both low and high voltage plateaus) 

corresponds to ~ 1 Li (from 0.5 to 1.5), ~ 0.7 Li (from 0.3 to 1) and ~ 0.7 Li (from 0.2 to 

0.9) per f.u. of LiVPO4F for 1 C, 2 C and 5 C charge, respectively, suggesting the 

electrochemical extraction of Li from LiVPO4F does not exceed the maximum number 

of Li available in LiVPO4F. 

To determine the voltage plateaus during charge accurately, the first derivative of 

the charge capacity (Q) with respect to voltage (V), henceforth referred to as dQ/dV, is 

plotted against voltage in Figure 6.3 B. Since the charge capacity is proportional to the 

number of Li extracted, the dQ/dV plot is essentially the first derivative of abscissa with 

respect to the ordinate of Figure 6.3 A: a voltage plateau in Figure 6.3 A translates into a 

peak in Figure 6.3 B, at the position corresponding to the voltage of the plateau. By 

definition, the integrated area under the peak yields the capacity of the voltage plateau. It 

is noted in Figure 6.3 B that there is a weak yet distinguishable peak centred at 4.26 V for 

1 C charge, indicating the occurrence of the transition from LiVPO4F to Li0.67VPO4F. It 

is not clear as to why the low voltage plateau gives so little capacity during the initial 

cycle at 1 C. The large noise for 1C charge between 4.3 V and 4.4 V is due to too many 

data points measured within the voltage plateau region: when the actual voltage change 

(dV) between two successive data points is less than the noise level of the measurement, 

dV effectively reflects the noise in voltage and can be either negative or positive. As a 

result, dQ/dV (dQ is always positive) alternates randomly between positive and negative 

values, which gives rise to the observed large noise in the dQ/dV. To reduce noise, each 

voltage data point for 1 C charge is averaged over 50 adjacent data points, i.e. the value 

at the centre of 50 consecutive data points is equal to the average of the 50 data points, 

before carrying out the dQ/dV operation for voltages above 4.30 V. The smoothed voltage 

profile up to 4.5 V is shown as dashed line in Figure 6.3 A: the smoothed voltage 
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reproduces the profile for the voltage plateau but exhibits deviation for voltage below 

4.30 V. dQ/dV was carried out for smooth voltages above 4.30 V, and the result is shown 

as the “1C smooth” curve in Figure 6.3 B, where an intense peak centred at 4.33 V, 

corresponding to the high voltage plateau, is observed. Two peaks corresponding to the 

low and high voltage plateaus are observed for 2 C and 5 C charge. The shift of the dQ/dV 

peak to higher voltage with increasing rate of charge is due to the larger voltage 

polarisation associated with higher current. 

 

Figure 6.3. (A) The electrochemical profile during charge (delithiation) of LiVPO4F at 1 

C, 2 C and 5 C, the inset shows the plateau region. (B) The dQ/dV (the first derivative of 

capacity, which is proportional to the number of Li extracted, with respect to voltage) plot 

for charging rates of 1 C, 2 C and 5 C. The “1 C smooth” in (A) is the smoothed voltage 

profile for 1 C charge by averaging over 50 adjacent data points, and its corresponding 

dQ/dV curve is shown as “1 C smooth” in (B). 

6.3.2 In situ XRD measured during 1 C, 2 C and 5 C charging of LiVPO4F 

Given the unit cell transformation by (6.1), the (11̅0) reflection of LiVPO4F is equivalent 

to the (020) reflection of VPO4F, and the (021̅) and (201̅) reflections of LiVPO4F are 
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equivalent to the (2̅21) reflection of VPO4F. It should be noted that (2̅21) and (2̅2̅1) are 

symmetry equivalent in the monoclinic system. Therefore, the above reflections can be 

used to identify whether the phase transition is continuous or not during charge 

(delithiation) of LiVPO4F: if the phase transition from Li0.67VPO4F to VPO4F is 

continuous, the (11̅0)  reflection of LiVPO4F will shift continuously to the (020) 

reflection of VPO4F, and the (021̅) and (201̅) reflections of LiVPO4F will converge into 

one (2̅21)  reflection of VPO4F. The in situ XRD patterns of the aforementioned 

reflections during 1 C, 2 C and 5 C charging are shown as image plots in Figure 6.4. 

Individual diffraction patterns at certain states of charge over the same 2θ regions are 

shown in Figure 6.5. 

 

Figure 6.4. In situ XRD patterns collected during the (A) 1 C, (B) 2 C and (C) 5 C charging 

of LiVPO4F. Three 2θ regions are selected to study the phase evolution. The graphs on 

the right show the electrochemical profile at the respective rate. The dashed grey line in 

the electrochemical profile indicates the transition between the first and the second 

plateaus; no line is drawn for 1 C as there is no distinct low voltage plateau. The dashed 

white lines indicate the positions of the indicated reflections. LVPF, Li0.67VPF and VPF 

are abbreviations for LiVPO4F, Li0.67VPO4F and VPO4F, respectively. 
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Figure 6.5 Individual in situ XRD patterns at different states of charge during (A) 1C, (B) 

2C and (C) 5C charge. LVPF, Li0.67VPF and VPF are abbreviations for LiVPO4F, 

Li0.67VPO4F and VPO4F, respectively. The number to the right of each pattern indicate 

the corresponding number of Li extracted per f.u. of LiVPO4F. 

During 1 C charging (Figure 6.4 A), (11̅0) , (021̅)  and (201̅)  reflections of 

LiVPO4F do not show any change from 0 to 0.5 Li extraction per f.u. of LiVPO4F. This 

is consistent with the interpretation of its electrochemistry that the sloping voltage profile 

during the first 0.4 Li extraction is due to capacitive charge storage, i.e. double layer 

capacitance, and/or SEI formation, which do not change the chemical composition of 

LiVPO4F. However, as noted in Figure 6.3 B for 1 C charge, the increase in voltage from 
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4.25 V to 4.3 V (0.4 to 0.5 Li extraction per f.u.) is associated with a very weak peak 

corresponding to the transition from LiVPO4F to Li0.67VPO4F, which is not observed in 

the in situ XRD pattern. Further charging from 0.5 to 1.0 Li extraction shows a decrease 

in intensity and a shift in position of the (11̅0), (021̅) and (201̅) reflections of LiVPO4F, 

indicating a decrease in the phase fraction of LiVPO4 and a change in lattice parameters 

as a result of the change in Li stoichiometry. During charging from 1 to 1.5 Li extraction, 

weak peaks corresponding to the (11̅0) and (021̅) reflections of Li0.67VPO4F start to 

form and then disappear, while the (11̅0) and (021̅) reflections of LiVPO4F decrease in 

intensity and do not present noticeable shift in position, as shown in Figure 6.5 A. The 

lack of continuous shift of the (11̅0) and (021̅) reflections of LiVPO4F to the equivalent 

reflections of Li0.67VPO4F rules out the possibility of a continuous phase transition 

between LiVPO4F and Li0.67VPO4F, therefore, the phase transition from LiVPO4F and 

Li0.67VPO4F has to be first-order during 1 C charging. The weak intensities of 

Li0.67VPO4F reflections are consistent with the small peak at 4.25 V, corresponding to the 

transition from LiVPO4F to Li0.67VPO4F, in the dQ/dV plot in Figure 6.3 B. In addition, 

the (020) reflection of VPO4F starts to form when charging reaches 1.2 Li extraction. It 

is noted that the formation of VPO4F started only after charging had passed half of the 

high voltage plateau, i.e. after more than ~1 Li extraction. This shows the reaction at the 

local region probed by X-ray is delayed with respect to the electrochemistry. As charging 

goes beyond 1.5 Li extraction per f.u., the (020) and (2̅21) reflections of VPO4F become 

more intense as Li is extracted although the voltage profile suggests the transition to 

VPO4F is complete when 1.5 Li has been extracted.  

For charge at 2 C (Figure 6.4 B), as with charge at 1 C, no change in the (11̅0), 

(021̅) and (201̅) reflections of LiVPO4F is observed during the initial charge from 0 to 

0.2 Li extraction. However, further charging from 0.2 to 1.0 Li extraction shows a more 

pronounced effect in the shift of (11̅0) reflection of LiVPO4F towards higher 2θ angles 

than during 1 C charging. Examination of individual in situ XRD patterns at 0.49, 0.62 

and 0.76 Li extraction in the 2θ region (11.8-12.3) for (11̅0)  reflections of both 

LiVPO4F and Li0.67VPO4F, as shown in Figure 6.5 B, reveals the existence of substantial 

diffraction intensity in the 2θ range between 12.0 and 12.1, while (11̅0) reflections 

corresponding to stoichiometric LiVPO4F and Li0.67VPO4F are at 11.95 and 12.16, 

respectively. Also shown in Figure 6.5 B, the (021̅) reflection of LiVPO4F broadens 

asymmetrically towards the position of the (021̅) reflection of Li0.67VPO4F when 0.49 Li 
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per f.u. is extracted, indicating a variation of lattice parameters. As with LiFePO4 at high 

rate cycling[125,133], the appearance of a continuous intensity band in the 2θ region 

between (11̅0) reflections of both LiVPO4F and Li0.67VPO4F indicates the existence of a 

series of intermediate solid solution phases, LixVPO4F, with Li composition spanning 

continuously from x = 1 to x = 0.67. Hence, the two-phase reaction between LiVPO4F 

and Li0.67VPO4F is suppressed in favour of the single-phase reaction. The final stage of 2 

C charge (for extraction of more than 1 Li) proceeds by the disappearance of Li0.67VPO4F 

and concurrent formation and growth of VPO4F, shown as the disappearance of (11̅0), 

(021̅) and (201̅) reflections of Li0.67VPO4F and the formation and growth of (020) and 

(2̅21) reflections of VPO4F. The (020) reflection of VPO4F near the end of charge (from 

1.2 Li extraction onwards) exhibits a shift in position, indicating a limited Li solubility 

for LiγVPO4F (C2/c and γ is a small number). However, neither the (11̅0) or the (201̅) 

reflection of Li0.67VPO4F shifts continuously towards the (020) or the (2̅21) reflection of 

VPO4F, respectively, hence, the transition from Li0.67VPO4F to VPO4F still proceeds by 

the two-phase reaction where VPO4F grows at the expense of Li0.67VPO4F. As with 1 C 

charge, evolution probed by in situ XRD is delayed with respect to the average reaction 

reflected by electrochemistry.  

As with 2 C charge, charge at 5 C (Figure 6.4 C) also exhibits distinct two phase 

transition steps: the transition from LiVPO4F to Li0.67VPO4F from 0 to 0.7 Li extraction, 

followed by the transition from Li0.67VPO4F to VPO4F from 0.7 Li extraction to the end 

of charge. It is noted the (11̅0)  reflection of LiVPO4F appears to shift almost 

continuously into the position of the (11̅0)  reflection, as shown in Figure 6.5 C, 

indicating a more pronounced single-phase transition from LiVPO4F to Li0.67VPO4F than 

at 2 C charge. The transition from Li0.67VPO4F to VPO4F remains distinctly two-phase as 

no continuous shift is observed between the (11̅0) reflection of Li0.67VPO4F and the (020) 

reflection of VPO4F and between the (201̅) reflection of Li0.67VPO4F and the (2̅21) 

reflection of VPO4F. As with both 1 C and 2 C charge, the transition probed by in situ 

XRD at 5 C is also delayed with respect to the average reaction indicated by the voltage 

profile. 

The lag in the reaction at the region probed by X-ray with respect to the reaction 

indicated by electrochemistry, which has also been found in in situ XRD studies of 

LiFePO4[31,33,134], is associated with the spatially non-uniform reaction of the 

electrode: since electrochemistry measures the average voltage of the entire electrode, it 
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does not reflect any local variation; in contrast, XRD only probes the section of the 

electrode, on which the X-ray beam is incident (0.8mm x 2.5 mm X-ray beam size on a 

13 mm diameter electrode, i.e. only 1.5% of the electrode is measured by X-ray in this 

study), hence, it does not reflect the average state of the electrode especially when 

reaction does not proceed uniformly across the electrode. Nonetheless, since reaction at 

the region probed by the X-ray beam is only delayed but not disrupted, i.e. LiVPO4F still 

transforms to VPO4F at the end of experiment, the probed region should have undergone 

the same processes as the rest of the electrode (not probed by X-ray) and hence is 

informative of the phase transitions occurred at the entire electrode. This non-uniform 

reaction across the electrode could be caused by the poor transport properties of the 

composite porous electrode, the design of the in situ battery cell and/or influence of the 

X-ray beam. In this study, the non-uniform reaction appears to be greatly influenced by 

the X-ray beam: there is a severe lag during discharge in the reaction at the region exposed 

to the X-ray beam compared to the unexposed region. A recent study has found that the 

low energy (17keV) X-ray beam induces non-uniformity in the reaction across the 

electrode[135]. The X-ray beam energy is 15keV in this study and could induce non-

uniform reaction across the electrode. In fact, the influence of the X-ray beam is so severe 

during discharge that only a fraction of VPO4F was converted back to LiVPO4F at the 

region exposed to the X-ray beam while VPO4F at regions not exposed to X-ray beam 

was almost fully converted back to LiVPO4F (see Appendix). Therefore, the discharge 

process is not reported in this study due to the heavy influence of the X-ray beam. 

It is also noted that three phase coexistence is observed for charging at 1 C, 2 C 

and 5 C, for example, at 1.27, 1.03 and 0.91 Li extraction per f.u. for 1 C, 2 C and 5 C 

charge, respectively, as shown in Figure 6.5. This could be brought about by concurrent 

transitions from LiVPO4F to Li0.67VPO4F and from Li0.67VPO4F to VPO4F if the reaction 

does not proceed uniformly in the region probed by X-ray. Besides, the small difference 

(0.04 V) between the voltage plateaus corresponding to LiVPO4F to Li0.67VPO4F and 

Li0.67VPO4F to VPO4F transitions means an overpotential of 0.04 V in the local region 

consisting of Li0.67VPO4F will drive the transition to VPO4F. 

6.3.3 Quantifying the phase transition  

Visual inspection of the in situ XRD patterns in Figure 6.4 has found the appearance of 

intermediate solid solution LixVPO4F (0.67 < x < 1) phases during the phase transition 
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from LiVPO4F to Li0.67VPO4F at 2 C and 5 C. If the d-spacing of every reflection varies 

linearly with x, the distribution of the intermediate phases can be quantified by modelling 

a single reflection. Therefore, the (11̅0) reflection of LixVPO4F (P-1) was modelled with 

7 pseudo-Voigt peaks that are equally spaced in d-spacing in the 2θ region between 

11.95°and 12.23°, corresponding to 7 LixVPO4F phases with x = 1, 0.93, 0.86, 0.80, 0.73, 

0.66, 0.59, respectively (7 was found to be the minimum number peaks that could lead to 

a satisfactory fit). The shape parameter and full width at half maximum (FWHM) of all 

peaks were constrained to be identical and allowed to vary during peak fitting. The 

individual intensity of each peak, which is proportional to the phase fraction of the 

corresponding phase, was allowed to vary independently. It should be noted that the 

number of variable parameters (9 in total: shape parameter, FWHM and 7 intensities) 

used in this method is comparable to a conventional peak fitting with 2 pseudo-Voigt 

peaks, which involves the use of 8 variable parameters (position, intensity, FWHM and 

shape of each peak). Typical fitting results are shown in Figure 6.6. The intensities 

obtained from the fitting are shown as contour plots in Figure 6.7 (A). It is seen that more 

phases appear in the intermediate composition range between x = 0.9 and x = 0.7 as 

charging rate increases. It is worth mentioning that at 0.53 Li extraction per f.u. whilst 

cycling at a charge rate of 5 C, the phases from x = 0.86 to x = 0.73 (inclusive) account 

for 60 % of the total phase population. 

 Since the reaction between Li0.67VPO4F and VPO4F remains distinctively two-

phase from 1 C to 5 C charging, individual peak fitting was carried out to track the phase 

transition. Peak fitting was performed for the (020), (021) and (2̅02)  reflections of 

VPO4F, which are well separated from other reflections, with pseudo-Voigt peaks. In 

addition, the profile for the (110) and (112̅) reflections of LixVPO4F (0.67 < x < 1, i.e. 

all low symmetry phases) were also fitted to a single peak since they are very close in 

position and do not present a substantial shift during the transition between LiVPO4F and 

Li0.67VPO4F. It must be noted that the intensity of the (112̅) reflection is less than 0.1% 

of the (110) reflection, therefore, the observed peak is effectively assigned entirely to the 

(110) reflection of LixVPO4F. Typical fitting results are shown in Figure 6.8. The 

integrated intensities and the FWHMs of the above reflections are shown in Figure 6.7 B 

and C, respectively. As seen in Figure 6.7 C, the FWHM of all the VPO4F peaks decrease 

monotonically during charging and the width of the LixVPO4F peak starts to increase 

upon the formation of the VPO4F phase for all rates. Since the peak width, if due solely 

to finite size effect, is inversely related to the domain size, this observation suggests the 
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VPO4F domain size grows while the domain size of LixVPO4F decreases, which is 

characteristic of the two-phase reaction by the nucleation and growth of a second phase, 

consistent with the first-order phase transition. 

 

Figure 6.6 Typical fitting results for the (11̅0) reflection of LixVPO4F (P-1). The blue 

dots represent the observed intensities, the red curves are the fitted profiles and the grey 

curves are the background. 

 

Figure 6.7. (A) Contour plots of the LixVPO4F phase population extracted from fitting the 

(11̅0) reflection profile during the charge at different rates. The spacing between two 

adjacent contour lines is equal to one tenth of the maximum density. The respective 

electrochemical profile is shown at the bottom. (B) Integrated intensities and (C) FWHMs 

of the LixVPO4F (LixVPF) (110) and the VPO4F (VPF) (020), (021) and (2̅02) reflections. 

(D) Voltage profiles during 1 C, 2 C and 5 C charging.  
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Figure 6.8 Typical peaking fitting results obtained for the (020), (021) and (2̅02) 

reflections of VPO4F and the (110) reflection for Li0.67VPO4F. The blue dots are the 

observed intensities, the red curves are the fitted profiles, the green curves show the 

individual profiles and the grey curve is the background. 

6.3.4 Discussion on the possibility of a continuous phase transition  

As neither of the symmetry-changing phase transitions (α-TiO2 to β-Li0.5TiO2 in previous 

Chapter and Li0.67VPO4F to VPO4F) demonstrates a continuous path even at very high 

rates, it begs the question as to why a continuous phase transition is not observed when 

there is a change in crystal symmetry. 

 For a continuous structural phase transition to occur between two phases of 

different symmetries, the phase transition must be second-order, which is described 

classically by Landau theory[52]. In Landau theory, the structural phase transition 

between two symmetry-related phases is described by a continuous change in the so called 

order parameter, denoted as η, from 0 (representing the high symmetry phase) to a non-

zero value (representing the low symmetry phase), where the order parameter represents 

a set of atomic displacements that conform to the symmetry operations of the low 

symmetry phase and lowers the symmetry of the high symmetry phase. In each of the two 

cases (α-TiO2 (I41/amd, No. 141) β-Li0.5TiO2 (Imma, No. 74) and Li0.67VPO4F (P-1, 

No. 2) VPO4F (C2/c, No. 15)) studied here, there exists an order parameter, which is 

allowed by Landau theory to lower the symmetry to the desired one. Because order 
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parameters are derived by group-theoretical approach, it does not address the energetics 

of the phase transition. Hence as discussed in the previous Chapter, it is possible that the 

continuous transition path lies too high in energy. 

 Another possibility based on the Landau theory is that the nature of the phase 

transition is changed from second-order to first-order due to the strain energies. The 

Landau expansion in η up to the 6th order for the excess free energy due to a phase 

transition is given by[52] 

G =
1

2
𝐴(𝑇 − 𝑇𝑐)𝜂2 +

1

4
𝐵𝜂4 +

1

6
𝐶𝜂6 

(6.2) 

 

where Tc is the transition temperature, η is the order parameter that is 0 for the high 

symmetry phase and non-zero for the low symmetry phase, and A, B and C are the 

coefficients in the expansion. It is known that the transition becomes first-order when B 

< 0 and C > 0. When the spontaneous strain, which is measured against the non-distorted 

(high symmetry) phase, is considered and coupled with the order parameter, the 

coefficient B in (6.2) is modified and can become negative if the spontaneous strain 

strongly couples with the quadratic term of the order parameter[136]. Hence, there is the 

possibility that the phase transition will always be first-order due to the large strain-

induced coupling effect. 

 In contrast, a continuous phase transition appears to be induced readily with high 

cycling rate when the phase transition does not involve a change in crystal symmetry. In 

addition to LiFePO4 and LiVPO4F studied here, LiNi1/2Mn3/2O4, whose symmetry is 

preserved during delithiation, has also been found by X-ray diffraction to transform via 

non-equilibrium solid solution phases[137]. The ease of transforming via a single, solid 

solution, phase in LiFePO4, LiVPO4F and LiNi1/2Mn3/2O4 could be related to the 

relatively low energy for the formation of the non-equilibrium solid solution phases. 

Because phase separation is a kinetic process, the non-equilibrium solid solution phases 

can become kinetically stable when the driving force for phase separation is relatively 

small. 

6.4 Conclusion 

In situ XRD was used to study the charging (delithiation) process of LiVPO4F as a 

function of charging rate. The phase transition from LiVPO4F to Li0.67VPO4F is rate 
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dependent: the transition proceeds via a two-phase mechanism at 1 C but becomes almost 

single-phase at 5 C. However, apart from some quantitative differences, further 

delithiation of Li0.67VPO4F to transform to VPO4F is not affected by the charging rate 

between 1 C and 5 C and undergoes a nucleation and growth mechanism as evidenced by 

the evolution of the peak widths. The failure to induce continuous structural phase 

transition at high charging rates when there is a change in crystal symmetry is attributed 

to the high energy barrier of the continuous structural phase transition path or strong 

coupling between strain and order parameter, which may render the continuous structural 

phase transition unviable.  

6.5 Appendix 

Region A was constantly exposed to the X-ray beam during the in situ experiment, and 

region B (1.8 mm away from region A) was not exposed to the X-ray beam during the in 

situ experiment. Before discharge, both regions were measured by XRD and show similar 

diffraction patterns as seen in the figure below. During discharge, region A was constantly 

exposed to the X-ray beam, while B was not. At the end of discharge, both regions were 

measured by XRD again: region B shows the diffraction pattern of LiVPO4F while region 

A shows an incomplete conversion from VPO4F to LiVPO4F. 
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7 Conclusions 

To understand the two-phase reaction in electrodes for Li-ion batteries, three electrode 

materials: LiFePO4, anatase TiO2 and LiVPO4F, all of which exhibit a large Li miscibility 

gap at room temperature, were investigated in this thesis.  

The two-phase reaction of an electrode challenges the use of conventional 

electrochemical methods in the determination of Li chemical diffusivity since the two-

phase reaction is not accounted for in these methods. To address this issue, Li tracer 

diffusivity in LiFePO4 was investigated by Li cation exchange between 6Li enriched 

LiFePO4 and naturally abundant 7Li and 6Li LiPF6 electrolyte. Li NMR was used to follow 

the extent of Li exchange as a function of time. The measured Li tracer exchange is 

consistent with exchange subject to single-file diffusion, which is expected for LiFePO4. 

Fitting the experimental Li tracer exchange with the theoretical model yielded a Li 

attempt jump frequency on the order of 105s-1 and Li tracer diffusivity on the order of 10-

10 cm2s-1, which are in very good agreement with the values obtained from microscopic 

measurements of Li tracer diffusivity. The high Li tracer diffusivity allows fast Li 

insertion and extraction if diffusion is the only rate-limiting process. 

The apparent contradiction between the high rate capability of LiFePO4 and the 

presumably first-order phase transition of LiFePO4 via kinetically limited nucleation and 

growth process motivated the investigation of the phase transition process of LiFePO4 

nanoparticles. Time-resolved in situ synchrotron XRD was used to directly probe the 

structural evolution of LiFePO4 during high rate cycling. Electrochemical cycling at 10 

C results in substantial asymmetrical broadening of Bragg reflections. Analysis on the 

diffraction peak profile reveals the existence of intermediate solid solution phases, 

LixFePO4 (0 < x < 1), under non-equilibrium conditions, and the transition between 

LiFePO4 and FePO4 undergoes via a single-phase reaction. The existence of the facile 

non-equilibrium, single-phase reaction pathway explains the high rate performance of 

LiFePO4. 

Discovery of the non-equilibrium single-phase (continuous) transition for a phase-

separating electrode at high rate cycling encouraged further investigation to determine 

how wide spread this non-equilibrium process is. Phase transitions of anatase TiO2 and 

LiVPO4 were investigated with the same in situ synchrotron XRD method as for LiFePO4. 
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Li insertion of 25 nm and 100 nm TiO2 particles was investigated at different 

cycling rates at room temperature and 80C. In none of the conditions studied here (from 

1 C to 5 C at room temperature and from 5 C to 20 C at 80C) did the transition from 

tetragonal α-TiO2 to orthorhombic β-Li0.5TiO2 become continuous. Increasing from room 

temperature to 80C does not change the two-phase reaction mechanism of 25 nm and 

100 nm particles. However, the two-phase reaction was found to occur sequentially for 

25 nm particles and to undergo via the conventional nucleation and growth process for 

100 nm particles. 

The two phase transitions (LiVPO4F  Li0.67VPO4F and Li0.67VPO4F  VPO4F) 

during the charging process of LiVPO4F were investigated at charging rates of 1 C, 2 C 

and 5 C. The transition from LiVPO4F to Li0.67VPO4F was found to depend on the 

charging rates: reaction at 1 C follows the two-phase mechanism but becomes 

increasingly single-phase with increasing charging rates. Hence, as with LiFePO4, a 

single-phase reaction between LiVPO4F to Li0.67VPO4F can be induced during high rate 

charging. In contrast, two-phase reaction was observed for Li0.67VPO4F  VPO4F for 

charging rates between 1 C and 5 C. Analysis on the evolution of FWHM of Bragg 

reflections suggests that the two-phase reaction (Li0.67VPO4F  VPO4F) takes place via 

a conventional nucleation and growth process. 

In the phase transitions studied in this thesis, the possibility to transform via a 

non-equilibrium continuous path appears to be dictated by the crystal symmetry of the 

two end member phases: when both phases assume the same symmetry, as for LiFePO4 

 FePO4 and LiVPO4F  Li0.67VPO4F, the phase transition became continuous at high 

rates of cycling; when both phases assume different but group-subgroup related 

symmetries, as for α-TiO2  β-Li0.5TiO2 and Li0.67VPO4F  VPO4F, no continuous 

phase transition was observed for the cycling conditions employed in the experiments 

despite the existence of continuous pathways allowed by Landau theory on group-

theoretical considerations. 
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