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A B S T R A C T

The formation of non-equilibrium and transient phases in metastable beta titanium alloys during low tem-
perature thermal treatments is currently of great interest, as they provide a potential method of controlling the
size and distribution of the equilibrium alpha phase and, hence, the resulting mechanical properties. Here, for
the first time, we report on the formation of a new, B2 structured phase in the Ti-Mo system. The phase was
observed in electron transparent material during in situ, and following ex situ, heat treatment at 300 °C. The B2
phase was enriched in Mo compared to the surrounding matrix material and formed in regular arrays of ap-
proximately square cross-section particles interspersed by thin beta channels. Electron diffraction indicated that
the lattice parameter of this new phase was smaller than that of the parent phase, leading to significant strain in
the beta channels. Critically, the B2 phase was only observed in material that had been electro-polished prior to
heat treatment, and, therefore, it is hypothesised that this phase forms as a result of the preparation method and
thin foil effects.

1. Introduction

Metastable beta (β) titanium alloys, which retain the high tem-
perature bcc phase when quenched from the β phase field, are used in
many high strength applications, including the landing gear of large
civil aircraft [1–3]. One of the reasons for their utilisation is the ability
to tailor the mechanical properties of these alloys through careful
control of the microstructure during ageing heat treatments. The size,
volume fraction and distribution of the reinforcing hexagonal alpha (α)
phase ultimately determines the property balance of the material and,
therefore, the ability to control the nucleation of the α phase is highly
desirable [4–7].

Following rapid cooling from high temperature, the microstructures
of these alloys are almost always found to contain nanoscale particles of
the athermal omega (ω) phase in addition to the metastable β phase [8,
9]. This phase forms through the consecutive collapse of pairs of {111}β
as a result of a soft phonon mode in the β phase and the particles are
compositionally indistinct from the surrounding matrix [10, 11]. It is
widely accepted that these particles can influence the nucleation of the
α phase during subsequent heat treatments, thereby providing a
method for microstructural control [12]. However, the exact me-
chanism by which this occurs remains under debate [13–16] and some
of the most recent work has suggested that α phase nucleation may, in
fact, be independent of the athermal ω phase [17].

Heat treatment at temperatures below that at which the α phase
may form produces microstructures consisting of a β matrix and com-
positionally distinct precipitates with a similar crystal structure to that
of athermal ω, commonly called isothermal ω [9]. These precipitates
tend to have compositions that are rich in Ti, when compared to the
matrix phase, and reject the alloying additions that stabilise the β phase
[18, 19]. As these precipitates offer a potential route for microstructural
control, understanding their development from a precursor micro-
structure of β and athermal ω is of great interest to the titanium com-
munity. As a result, several studies have looked at the microstructural
evolution of different metastable β alloys during low temperature heat
treatments [6, 20–26]. In the course of these studies, additional non-
equilibrium phases have been observed, some of which are thought to
be transient [27–36]. In the Ti-Mo system, transmission electron mi-
croscopy studies of relatively leanly stabilised alloys (with 6 and 8wt%
Mo) indicated that the orthorhombic martensite, present following
quenching, spinodally decomposed during low temperature heat
treatments [27, 28, 37]. This observation requires the existence of an
orthorhombic phase with a composition intermediate to that of the
equilibrium β and α phases. The occurrence of this phase is also sup-
ported by more recent X-ray diffraction data, where an orthorhombic
structure was identified to form transiently prior to the equilibrium α
phase in four different Mo containing commercial alloys: VT22 [32],
Low Cost Beta [32], Ti-17 [33] and Ti-5Al-5Mo-5 V-3Cr [33]. Due to the
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structure of this transient phase, it has been identified as the α″ mar-
tensite [32, 33]. However, this attribution seems unlikely as the or-
thorhombic phase observed formed during heat treatment, was com-
positionally distinct from its parent phase, and no α″ was identified
following quenching from the β phase field [31]. As a result, the or-
thorhombic phase in Ti-5Al-5Mo-5V-3Cr has been studied in more de-
tail using high-resolution electron microscopy and the results have in-
dicated that the orthorhombic phase is, in fact, ordered and has a
significantly larger unit cell than initially reported [29].

All of these studies highlight the need to develop a better under-
standing of the transformation sequences that can occur in metastable β
titanium alloys during low temperature heat treatments, particularly
with respect to transient transformations. Whilst there is an obvious
attraction to studying commercial alloys, their inherent compositional
complexity can make the interpretation of experimental data more
challenging [11]. Consequently, data from simple binary systems can
often provide more robust results. Therefore, in the current work,
transmission electron microscopy was used to investigate the phase and
microstructural evolution in a model binary metastable β alloy (Ti-
15Mo wt%) during both in situ and ex situ thermal exposures at 300 °C.

2. Experimental Methods

An 8mm diameter bar of Ti-15Mo (wt%), the actual composition of
which is given in Table 1, was supplied by Rolls-Royce plc. A section of
the bar was heat treated in an evacuated and argon backfilled quartz
ampoule at 800 °C (~25 °C above the β transus temperature) for 1 h,
followed by water quenching. From this material, four 0.4mm thick
slices were taken, perpendicular to the major axis, using a diamond
impregnated sectioning wheel. A 3mm diameter disc was subsequently
removed from each slice through spark erosion. Three of these discs, A,
C and D were immediately thinned to electron transparency via twin jet
electropolishing with a 8% HClO4 solution in CH3OH at −35 °C and an
applied voltage of 18 V, whilst Disc B was left at its original thickness.
Disc A was studied in the as quenched condition, to provide a reference
starting microstructure for all other samples. Disc B was heat treated in
the un-thinned condition for 1 h at 300 °C in a Linkam TS1500V stage
under flowing argon, before being thinned to electron transparency as
described above. Disc C was studied in situ, during a heat treatment at
300 °C, using a JEOL 200CX transmission electron microscope (TEM).
Whilst Disc D, which was pre-thinned, was subjected to an identical ex
situ heat treatment to that of Disc B.

Bright-field (BF) images, dark-field (DF) images and selected area
diffraction patterns (SADP) were obtained through conventional TEM
in a JEOL 200CX and an FEI Tecnai Osiris both operated at 200 kV.
Chemical information was obtained via energy dispersive X-ray spec-
troscopy (EDX) and electron energy loss spectroscopy (EELS) in the FEI
Tecnai Osiris operated in Scanning TEM mode (STEM) using an FEI
Super-X system and a Gatan Enfinium ER 977 spectrometer respec-
tively. The Gatan Enfinium spectrometer has dual EELS capability,
where signal from two different energy ranges can be collected nearly
simultaneously. For the EELS measurement, a collection angle of
100mrad was used and the integrated energy evaluated over a 50 eV
range. The corresponding ionisation cross-sections were taken from the
standard Gatan database. High-resolution aberration corrected images,
with sub-angstrom resolution, were acquired in an FEI Titan3, operated
at 300 kV, using both high and low angle annular dark field detectors
(HAADF and LAADF respectively). The inner collection angle used to
acquire the HAADF images was 80 mrad, whilst a 25 mrad angle was

used to acquire the LAADF images.

3. Results

SADPs from the as-quenched material, Disc A, viewed down a
number of β zone axes are shown in Fig. 1. The patterns shown in
Fig. 1a and b, which corresponded to the [110]β and the [113]β zones
respectively, are typical of those reported for a metastable β alloy fol-
lowing quenching from the β phase field. They contain strong β re-
flections and weak, diffuse reflections at the 1/3 and 2/3<112> β
positions, consistent with the presence of the two different athermal ω
phase variants visible in these β planes [38]. The diffraction pattern
acquired along the [001]β exhibits no unique ω reflections, as the or-
ientation relationship between the two phases results in identical in-
terplanar spacings when viewed along this direction [31, 39]. A con-
ventional DF image, acquired using the four ω reflections within the
circle marked on Fig. 1a, is shown in Fig. 1d. As can be seen, imaging
the athermal ω regions in this manner is extremely difficult and does
not produce clear information as to the morphology or size of the phase.
However, all of the data shown in Fig. 1 is consistent with recent high
resolution studies on material in the same condition, which found no
evidence of any other phase being present [11, 40].

An ex situ heat treatment, expected to form isothermal ω, was per-
formed on Disc B, which was thinned after thermal exposure. SADPs
from this sample acquired down the [001]β and [011]β are shown in
Fig. 2a and b respectively. In the [001]β SADP, Fig. 2a, only reflections
corresponding to the β phase are apparent, whereas the presence of the
ω phase is clearly visible in the SADP acquired along the [011]β,
Fig. 2b, where there is strong intensity at 1/3 and 2/3< 112> β. In
addition to these strong independent ω reflections, weaker reflections
were also observed at 1/3 and 2/3< 110> β and<200> β, labelled
by the letter d. However, these reflections were not seen in the [001]β
SADP, Fig. 2a, despite both the< 110> β and<200> β being con-
tained within the {001}β. This suggested that the weaker spots, ob-
served in Fig. 2b, were a result of double diffraction, which was

Table 1
Measured composition of the material studied (wt%).

Ti Mo Fe O C N H

84.26 15.56 0.01 0.13 0.01 0.01 0.02

Fig. 1. Overview of selected area diffraction patterns (SADP) from Ti-15Mo (wt
%) in the β solutioned and quenched condition, which contains reflections
consistent with the presence of both β and athermal ω phases, acquired along a)
[011]β, b) [113]β, c) [001]β and d) dark field image acquired using the four ω
reflections indicated in part a).
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confirmed through their disappearance when the sample was subjected
to small tilts away from the zone axis. A DF image of the isothermal ω
precipitates, produced using the four reflections encircled in Fig. 2b, is
shown in Fig. 2c. It can be seen that the precipitates are fine scale
(< 10 nm) ellipsoids and homogeneously distributed within the parent
β matrix, consistent with previous reports using both TEM [41, 42] and
atom probe tomography [18, 19, 25, 43].

To elucidate the transition of the ω phase from the athermal to the
isothermal state, an in situ TEM heating experiment was performed.
Disc C, which was already thinned to electron transparency, was heated
to 300 °C in a double tilt holder. Prior to heating, the sample was
aligned to the [001]β zone axis and an SADP and corresponding BF
image of the microstructure acquired, Fig. 3a and b respectively. The
same region of the sample was observed during heating and realigned
to [001]β once the temperature had reached 300 °C. An SADP and
corresponding BF image were acquired after a 15min exposure at the
target temperature and are shown in Fig. 3c and d. The SADP along the

[001]β following thermal exposure, Fig. 3c, was markedly different to
that acquired at room temperature, Fig. 3a. The reflections visible at
room temperature were circular, whereas the same reflection positions
at elevated temperature were asymmetric with an outward skew away
from the transmitted beam (i.e. smaller d-spacings). In addition, new
reflections were observed at positions of approximately 1/2<200> β,
which do not correspond to either the β or ω structures. Therefore,
these reflections indicated the presence of a new phase. The corre-
sponding BF image, shown in Fig. 3d, also exhibited a significant
change from the equivalent room temperature image, Fig. 3b, and
showed the presence of a regular array of fine scale features with an
approximately square cross-section.

Care must be taken when considering TEM data obtained from an in
situ heat treatment as diffuse scattering increases and thermal drift re-
duces the quality of the image. In addition, it was not possible to obtain
diffraction data from other zones, as the heating stage had limited
tilting capabilities. To overcome these issues, Disc D, which had already
been thinned to electron transparency, was heat-treated ex situ under
identical conditions to Disc B. SADPs from the [001]β and [011]β of
Disc D are shown in Fig. 4, along with a BF image of the microstructure.
The additional reflections located at ~1/2<200> β, which were seen
in Fig. 3c, were also observed in the material heat treated ex situ,
Fig. 4a. Similar additional reflections were observed at the same loca-
tions in the [011]β SADP of the ex situ heat treated sample, Fig. 4b,
along with reflections at 1/3 and 2/3<112> β corresponding to the ω
phase. The presence of additional diffracted intensity at locations that
are consistent with the forbidden reflections of a bcc lattice, suggested
that the sample contained a primitive cubic structure with a unit cell
similar in size to that of the parent β phase. Interestingly, although both
the [001]β and [011]β SADPs showed a cube-cube orientation re-
lationship existed between the two phases, the alignment of the square
cross-sectioned features seen in Fig. 4c indicated that the faces of these
features were along the {110}β rather than along the {100}β.

Based on the evidence from the SADPs it seems likely that the ad-
ditional reflections corresponded to the B2 structure, but this inter-
metallic phase has not been reported in the Ti-Mo binary system.
Crucially, the formation of this phase would nominally require a 1:1
ratio between Ti:Mo and, therefore, significant local compositional
changes would have had to occur during the short thermal exposure. To
investigate whether such changes had occurred, material aged ex situ,
Disc D, was studied in an STEM instrument equipped with both EDX
and EELS detectors. An annular dark field (ADF) image of the micro-
structure is shown in Fig. 5a. Significant intensity variations can be seen
within the material with approximately square features, similar to those
observed from the same area under conventional bright field TEM
conditions, Fig. 4c. When imaging in ADF mode, intensity variations are

Fig. 2. Ti-15Mo (wt%) heat treated at 300 °C for 1 h followed by electropolishing to a thin section, a) SADP down the [001]β, b) SADP down the [011]β, and c) DF
image of the isothermal ω precipitates generated using the encircled reflections in b). The intensity maxima demarked d in part b are a result of double diffraction.

Fig. 3. Ti-15Mo (wt%) prior to and following in situ heat treatment at 300 °C in
the TEM a) SADP down the [001]β prior to heating, b) corresponding BF image
of the microstructure, c) SADP down the [001]β following 15min at 300 °C and
d) corresponding BF image of the microstructure.
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a result of both chemical and strain inhomogeneities within the sample.
EDX generated elemental distribution maps, acquired from the area
within the box drawn on Fig. 5a, are shown in Fig. 5b and c for Ti and
Mo respectively. The distribution map for Ti, Fig. 5b, indicated the
presence of compositional variation within the material, which corre-
sponded to the features observed in the ADF image, Fig. 5a. The narrow

channels of bright contrast within the ADF image are enriched in Ti and
surround approximately square cross-section regions that have a lower
Ti concentration. However, the inverse trend was not observed in the
Mo distribution map, Fig. 5c, which did not show any significant var-
iations in signal above the noise. The distribution maps for Fe and O
were also considered but neither showed any appreciable variations
that could be associated with the microstructural features.

Another method of studying compositional variation in a STEM is to
use electron energy loss spectroscopy. However, the large difference
between the edge energies of Ti and Mo make single detector mea-
surement challenging, except at low energies (e.g. 200–700 eV).
Unfortunately, within this energy range, the Mo M4,5 edge has a de-
layed edge onset and low signal above background. In addition, the
close proximity of this Mo edge to the C K edge makes the accurate
determination of the peak area difficult, even using advanced analysis
techniques [11]. To overcome these issues, two independent EELS en-
ergy ranges were used to make near simultaneous measurements over
different energy ranges. One range covered 200 to 700 eV, which en-
compassed the sharp Ti L2,3 edges, whilst the second, set between 2000
and 2700 eV, captured the Mo L2,3. One of the most significant ad-
vantages of an EELS measurement with a binary alloy is the ability to
quantify the compositions without reference to an external standard.
The ratio of the post edge areas can be directly related to composition
through the use of cross section analysis [44]. This analysis approach
also suppresses the influence of sample thickness variations. An ADF
image of Disc D is shown in Fig. 6a, corresponding to the area from
which EELS data was acquired. The resulting dataset was processed
using k factor analysis and the compositional profile of the line drawn
on Fig. 6a is shown in Fig. 6b. The error in the calculated composition,
indicated by the error bar on the first data point, was taken as the
standard deviation in the entire EELS dataset. The compositional pro-
file, determined from both the Ti and Mo EELS data, showed variations
across the microstructural features well in excess of the error. The
darker contrast square features in the ADF image, Fig. 6a, appeared to
have an elevated Mo content, whilst the brighter contrast channels were
Ti rich, in line with STEM EDX data, Fig. 5b. However, exact corre-
spondence between the ADF image and the EELS dataset is unlikely
given the effect of beam drift and drilling at this length scale.

As mentioned previously, the contrast observed in ADF images is
generated by both compositional variation and strain. In both Figs. 5a
and 6a, the Ti rich channels appeared brighter in contrast than the Mo
rich phase. This would suggest that the signal is being dominated by
strain, as the inverse contrast would be expected from the elemental
partitioning. To establish this observation more conclusively, high and
low angle annular dark field images were acquired, in which the con-
trast variation is dominated by composition and strain respectively.

Fig. 4. Pre-thinned Ti-15Mo (wt%) following an ex situ heat treatment at 300 °C
for 1 h a) SADP down the [001]β, b) SADP down the [011]β and c) BF image of
the microstructure viewed along the [001]β.

Fig. 5. STEM analysis of Disc D a) ADF image from the same region as that shown in Fig. 4 showing an significant intensity variation within the microstructure and
STEM-EDX maps acquired from the area within the box shown in a) for b) Ti and c) Mo.
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Raw LAADF and HAADF images, acquired simultaneously down the
[001]β, are shown in Fig. 7a and b. It is immediately obvious that
greater contrast variation exists in the LAADF image than the HAADF
image, in line with the other ADF images. Higher magnification, con-
trast enhanced, images from both modes are shown in Fig. 7c and d.
Both images contain perpendicular features with inverse contrast be-
tween the two modes. The HAADF image, which is dominated by

composition, shows darker contrast channels between brighter, square-
like areas, suggesting Ti rich channels and Mo rich square regions, in
agreement with the spectroscopy data. The corresponding features in
the LAADF image, which is strain dominated, indicate that the channel
regions contain more strain than the new phase.

The Fourier transform of a high resolution STEM image produces a
frequency map of the periodicities in the original image, equivalent to
an SADP. Fig. 8a is a raw high resolution HAADF image of Disc D along
the [001]β and the corresponding frequency map is shown in Fig. 8b.
Despite the contrast variations in the raw HAADF image being rela-
tively faint, the fast Fourier transform of the atom columns provide
evidence of the B2 phase similar to the conventional SADPs presented
in Fig. 4a. Whilst the eye is unable to distinguish the extra frequencies
within Fig. 8b, the additional maxima become clear when plotting the
intensities within the two boxes as a function of position, Fig. 8c.
Within profile 1, which corresponds to a [200]β, extra intensity is ob-
served approximately half way between the central point and the
{200}β. In addition, the {200}β frequencies appear to be separating into
two distinct maxima. Similarly, this effect was also observed within
profile 2, where the {110}β peak had clearly split into two components,
which are symmetric around the central point. These observations are
also consistent with the asymmetry of the SADP reflections in Fig. 3c.
Thus, within the HAADF image both the β and B2 phases are present.
Comparing the d-spacing of the {002} peaks with that of the {001}B2
indicated that the B2 phase had a slightly smaller lattice parameter than
the β phase. This observation is consistent with the reported influence
of Mo concentration on the lattice parameter of the β phase.

To examine the relationship and interface between these two phases
in more detail, annular dark field images of the same region but at
different magnifications were considered. As an orientation, Fig. 9a
presents a relatively low magnification LAADF image of the studied
area viewed down a<100> β zone axis. The bright contrast strained
channels, which were presented in Fig. 7a, are clearly visible and are
aligned with the<110> β. The material within region b was studied
at higher magnification and the corresponding frequency map is shown
in Fig. 9b, which is essentially identical to that presented in Fig. 8b. By
selecting only the frequencies that correspond to the atom periodicities
of the two crystal structures, a Fourier filtered image can be produced
that suppresses background noise. The mask used in the present work is
overlain on Fig. 9b and was used to filter an atomic resolution HAADF
image acquired from region c, Fig. 9c. The individual atom columns are
clearly visible within the image and variations in their intensity, and
therefore average atomic number, can be observed. To show this var-
iation more clearly, the intensity of the entire row of atoms within the
black box is plotted in Fig. 9d. Moving from left to right, the atom
column intensity changes from approximately even to showing a peri-
odic brighter – darker variation. This change in intensity marks the
boundary between the solid solution β phase and the ordered B2
structure, as shown by the schematic unit cells in Fig. 9c. Interestingly,
it is clear that the interface plane between the two phases is {100}β,
which corresponds to the expected cube-cube orientation relationship
between the β matrix and B2 precipitates, and not the<110> β
alignment of the channels.

4. Discussion

The elements that stabilise the β phase are commonly separated into
two categories based upon their binary phase diagrams. Elements such
as Mo, Nb, Ta and V, which form continuous body centered cubic solid
solutions with Ti, are referred to as isomorphous additions, whilst
elements such as Fe, Co and Ni, which form intermetallics with Ti, are
known as eutectoid formers [45]. The intermetallic phase in these eu-
tectoid systems is often a B2 structured phase but its formation in
binary isomorphous element alloys has not been reported previously.
Thus, the evidence presented in Fig. 3 to Fig. 9, all of which indicates
the presence of a B2 structured phase, is surprising.

Fig. 6. a) Annular dark field image of Ti-15Mo (wt%) following an ex situ heat
treatment of 1 h at 300 °C and b) composition variation along the line shown in
part a) determined through cross section analysis of EELS data. The arrows
indicate the data corresponding to a Mo-rich B2 region and a Mo lean matrix
region respectively.

Fig. 7. a & c) Low and b & c) high angle annular dark field images of the
microstructure of Ti-15Mo (wt%) following an ex situ heat treatment of 1 h at
300 °C.
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Within the Ti-Mo binary system, several other phases are known to
form, including the equilibrium α phase and two martensite phases, α′
and α″. However, all of these phases have lower symmetry crystal
structures and markedly different lattice parameters, which are incon-
sistent with the data presented. For the same reason, the additional
reflection seen in the SADPs from Discs C and D, Fig. 3 and Fig. 4,
cannot correspond to the ω phase, as clearly shown in Fig. 2a.

The Ti-Mo binary system has been reported to contain a miscibility
gap, which suggests that alloys of a certain concentration would un-
dergo a phase separation [46–48]. Recently, this concept has been
adapted to develop the mixed-mode transformation mechanism in Ti-
Mo alloy and used to explain the decomposition of the β phase into
β+ω [48]. However, this mechanism would not lead to the formation
of a B2 phase and at no point during the present work has any evidence
been found to suggest the co-existence of two bcc phases, required for a
spinodal decomposition. In addition, if a phase separation was re-
sponsible for the occurrence of the B2 phase, it is unclear why this
should not also have occurred in the bulk specimen, Disc B.

The fact that the B2 phase was only observed in the thin foils sug-
gests that the material underwent a change in structure as a result of the
electro-polishing step. It is not uncommon for thin foils to show dif-
ferent phase and behaviour to bulk material [36, 49–51]. During
thinning, and despite the low temperature, it is possible the material
may have taken up hydrogen, which has significant solubility in the β
phase. It has been suggested that this hydrogen could be retained fol-
lowing electro-polishing if a sufficiently thick oxide layer exists on the
sample [36]. The presence of hydrogen within the material during
thermal exposure would either stabilise the β phase, or if present in
significant concentration could result in the precipitation of hydride
phases [52]. If hydrides were assumed to form, then they would be
expected to exist as either the face centered cubic, δ, or in a tetragonally
distorted form, depending on the exact hydrogen concentration [36, 52,
53]. However, when considering typical lattice parameters for these
phases in the Ti-Mo system, ~4.431 Å for the δ phase and ~3.186 &
~4.107 Å for the tetragonal phase [53], there are no allowed reflections
that have interplanar spacings consistent with the 1/2<200> β po-
sitions observed in the present work. As a result, hydride formation
cannot account for the observed features in the experimental diffraction
patterns.

Hydrogen is a potent β stabilising element and has significant so-
lubility within the β phase, up to ~1.5 at.% [52] but it exhibits no
appreciable solubility in Mo [54]. As a result, an uptake of H during
electro-polishing could have altered the thermodynamics of the system
prior to heat treatment. Given the immiscibility of H in Mo it is possible
that the presence of H in the thinned samples could have promoted

some form of β phase separation, leading to the formation a B2 phase,
that would not be observed in a bulk specimen. However, the assess-
ment of local hydrogen concentration is extremely complicated and
beyond the scope of the EDX and EELS techniques employed in this
work. Thus, at present, the role of hydrogen in mediating the formation
of the B2 phase is unestablished.

The production of a thin foil also reduces the local constraint on the
specimen, which would have been previously imparted by the sur-
rounding material. This alteration could also affect the local thermo-
dynamics of the system, as the strain contribution to the Gibbs energy is
lessened. Since the B2 phase was found to possess a smaller lattice
parameter than the β phase, Fig. 8, its precipitation in the β matrix
would create a surrounding strain field, as shown in Fig. 7. Without the
presence of a free surface the magnitude of these strains within the β
phase could be higher and may inhibit the formation of the B2 phase.
Thus, it is conceivable that the Gibbs energy of the B2 phase may only
offer the lowest energy state in a thin foil. However, without further
investigation, the relative contributions of these different effects cannot
be established and so the precise reason why the B2 phase only appears
to form in thin foils remains unclear.

Whilst, the results presented here are the first direct evidence of a
B2 structure existing in the Ti-Mo system, similar microstructures
comprising different phases have been reported before in Ti-Mo alloys
with lower Mo concentrations. Cellular microstructures on the same
length scale to those reported here, have been observed in Ti-(4–8)Mo
(wt%) alloys following thermal exposure at temperatures between 450
and 550 °C [27]. Outside of the Ti-Mo system, tweed microstructures
containing a B2 structure have been observed in Ti-Al-Nb alloys [55]. In
addition to the similar appearance of the tweed to the square-cross
section features reported here, the same<110> B2 directionality was
observed. It is thought that the tweed microstructures in these systems
are a precursor to the martensite transformation and is caused by the
softening of< 110>phonon modes [55]. In theory, the martensite
transformation could be triggered by a strain energy gradient analogous
to the role of composition in traditional spinodal decomposition [56].
This “strain spinodal”, containing regions of high and low strain, might
explain the nature of the tweed microstructures and the<110> β
square cross sections shown here. Interestingly, it is argued that thin
material, which includes effects from two surfaces, may be sufficient to
place the free energy density as a function of strain close to a strain
spinodal [45]. Therefore, it is possible that the B2 phase observed here
could be the result of a complex interaction between<110>phonon
softening and thin foil effects during transient phase formation.

Fig. 8. a) Raw high angle annular dark field image acquired down the [001]β from Ti-15Mo (wt%) following an ex situ heat treatment of 1 h at 300 °C, b) reduced fast
Fourier transform of part a, and c) intensity profiles taken from the corresponding boxes in part b. The arrows in c) highlight the presence of the additional B2 phase
reflections.
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5. Conclusions

The phase and microstructural evolution of Ti-15Mo wt% during
heat treatment at 300 °C has been characterised through transmission
electron microscopy using both in situ and ex situ techniques.

In all cases, the samples were taken from an 8mmbar, which had
been quenched from the β phase field. The microstructure of this bar
has previously been characterised in detail [11], and consisted of re-
tained β grains within which extremely fine athermal ω precipitates
were observed.

A bulk, 400 μm thick, disc was isothermally heat treated ex situ at
300 °C for 1 h. Following this exposure, no discernable change in the
microstructure had occurred but the diffraction spots corresponding to
the ω phase had sharpened. This is thought to be consistent with the

structural and chemical alterations associated with the transition of
athermal ω to isothermal ω.

Pre-thinned foils, produced by twin jet electropolishing, were also
thermally exposed at 300 °C, both in situ and ex situ of the electron
microscope. In both samples, new additional reflections were observed
in the selected area diffraction patterns, which were consistent with a
B2 structured phase. In addition, regular arrays of square cross section
features separated by thin channels became apparent in the electron
images. The alignment of the diffraction patterns suggested that the two
phases had a cube-cube orientation relationship. Compositional ana-
lysis using EDX and EELS indicated that the B2 phase was enriched in
Mo, whilst the surrounding channels were enriched in Ti. Low and High
Angle Annular Dark Field imaging supported the compositional analysis
and indicated that the channels also contained an elevated level of
strain. Analysis of high resolution images of the atom columns showed
that the lattice parameter of the B2 phase was smaller than that of the β
phase, rationalising the observed strain in the channels.

Whilst this is believed to be the first observation of the B2 phase in a
Ti-Mo binary alloy, its formation is also thought to be a thin foil effect,
as this phase was not observed in the bulk sample. The exact me-
chanism enabling the formation of the B2 phase in the thin foils is
unknown, but is hypothesised to be due to hydrogen up-take, reduced
constraint, or a combination of the two.

Acknowledgements

The authors would like to thank the EPSRC/Rolls-Royce Strategic
Partnership for funding under EP/M005607/1 and EP/H022309.

Data Availability

The raw and processed data required to reproduce these findings are
available to download from the following location: https://doi.org/10.
17863/CAM.20978.

References

[1] D. Banerjee, J.C. Williams, Perspectives on titanium science and technology, Acta
Mater. 61 (2013) 844–879.

[2] R.R. Boyer, R.D. Briggs, The use of β titanium alloys in the aerospace industry, J.
Mater. Eng. Perform. 14 (2005) 681–685.

[3] J.C. Williams, Alternate materials choices - some challenges to the increased use of
Ti alloys, Mater. Sci. Eng. A 263 (1999) 107–111.

[4] Y. Zheng, R.E.A. Williams, J.M. Sosa, T. Alam, Y. Wang, R. Banerjee, H.L. Fraser,
The indirect influence of the ω phase on the degree of refinement of distributions of
the α phase in metastable β-Titanium alloys, Acta Mater. 103 (2016) 165–173.

[5] O.M. Ivasishin, P.E. Markovsky, Y.V. Matviychuk, S.L. Semiatin, C.H. Ward, S. Fox,
A comparative study of the mechanical properties of high-strength β-titanium al-
loys, J. Alloys Compd. 457 (2008) 296–309.

[6] N.G. Jones, R.J. Dashwood, M. Jackson, D. Dye, Development of chevron-shaped α
precipitates in Ti–5Al–5Mo–5V–3Cr, Scr. Mater. 60 (2009) 571–573.

[7] J.C. Williams, B.S. Hickman, H.L. Marcus, The effect of omega phase on the me-
chanical properties of titanium alloys, Metall. Trans. A. 2 (1971) 1913–1919.

[8] S.K. Sikka, Y.K. Vohra, R. Chidambaram, Omega-phase in materials, Prog. Mater.
Sci. 27 (1982) 245–310.

[9] B.S. Hickman, The formation of omega phase in titanium and zirconium alloys: a
review, J. Mater. Sci. 4 (1969) 554–563.

[10] D. de Fontaine, Simple models for the omega phase transformation, Metall. Trans.
A. 19 (1988) 169–175.

[11] J.M. Bennett, J.S. Barnard, H.J. Stone, P.A. Midgley, D. Rugg, N.G. Jones, On the
nature of the omega tri-layer periodicity in rapidly cooled Ti-15Mo, Scr. Mater. 107
(2015) 79–82.

[12] N.G. Jones, R.J. Dashwood, M. Jackson, D. Dye, β phase decomposition in
Ti–5Al–5Mo–5V–3Cr, Acta Mater. 57 (2009) 3830–3839.

[13] F. Prima, P. Vermaut, G. Texier, D. Ansel, T. Gloriant, Evidence of α-nanophase
heterogeneous nucleation from ω particles in a β-metastable Ti-based alloy by high-
resolution electron microscopy, Scr. Mater. 54 (2006) 645–648.

[14] S.H. Kim, S.J. Kang, M.H. Park, C.W. Yang, H.C. Lee, H.N. Han, M. Kim, Vacancy-
mediated ω-assisted α-phase formation mechanism in titanium-molybdenum alloy,
Acta Mater. 83 (2015) 499–506.

[15] S. Azimzadeh, H.J. Rack, Phase transformations in Ti-6.8 Mo-4.5 Fe-1.5 Al, Metall.
Trans. A. 29 (1998) 2455–2467.

[16] Y. Ohmori, T. Ogo, K. Nakai, S. Kobayashi, Effects of omega-phase precipitation on
β-> α, α″ transformations in a metastable beta titanium alloy, Mater. Sci. Eng. A

Fig. 9. a) LAADF image of the regions studied, showing the bright contrast
strained channels, b) reduced fast Fourier frequency map from region b in-
cluding the frequencies selected (within circles) to produce subfigure c, c)
Fourier filtered HAADF image from region c and d) intensity profile of the
atomic columns within the box shown in part c.

J.M. Bennett et al. Materials Characterization 142 (2018) 523–530

529

https://doi.org/10.17863/CAM.20978
https://doi.org/10.17863/CAM.20978
http://refhub.elsevier.com/S1044-5803(18)30295-X/rf0005
http://refhub.elsevier.com/S1044-5803(18)30295-X/rf0005
http://refhub.elsevier.com/S1044-5803(18)30295-X/rf0010
http://refhub.elsevier.com/S1044-5803(18)30295-X/rf0010
http://refhub.elsevier.com/S1044-5803(18)30295-X/rf0015
http://refhub.elsevier.com/S1044-5803(18)30295-X/rf0015
http://refhub.elsevier.com/S1044-5803(18)30295-X/rf0020
http://refhub.elsevier.com/S1044-5803(18)30295-X/rf0020
http://refhub.elsevier.com/S1044-5803(18)30295-X/rf0020
http://refhub.elsevier.com/S1044-5803(18)30295-X/rf0025
http://refhub.elsevier.com/S1044-5803(18)30295-X/rf0025
http://refhub.elsevier.com/S1044-5803(18)30295-X/rf0025
http://refhub.elsevier.com/S1044-5803(18)30295-X/rf0030
http://refhub.elsevier.com/S1044-5803(18)30295-X/rf0030
http://refhub.elsevier.com/S1044-5803(18)30295-X/rf0035
http://refhub.elsevier.com/S1044-5803(18)30295-X/rf0035
http://refhub.elsevier.com/S1044-5803(18)30295-X/rf0040
http://refhub.elsevier.com/S1044-5803(18)30295-X/rf0040
http://refhub.elsevier.com/S1044-5803(18)30295-X/rf0045
http://refhub.elsevier.com/S1044-5803(18)30295-X/rf0045
http://refhub.elsevier.com/S1044-5803(18)30295-X/rf0050
http://refhub.elsevier.com/S1044-5803(18)30295-X/rf0050
http://refhub.elsevier.com/S1044-5803(18)30295-X/rf0055
http://refhub.elsevier.com/S1044-5803(18)30295-X/rf0055
http://refhub.elsevier.com/S1044-5803(18)30295-X/rf0055
http://refhub.elsevier.com/S1044-5803(18)30295-X/rf0060
http://refhub.elsevier.com/S1044-5803(18)30295-X/rf0060
http://refhub.elsevier.com/S1044-5803(18)30295-X/rf0065
http://refhub.elsevier.com/S1044-5803(18)30295-X/rf0065
http://refhub.elsevier.com/S1044-5803(18)30295-X/rf0065
http://refhub.elsevier.com/S1044-5803(18)30295-X/rf0070
http://refhub.elsevier.com/S1044-5803(18)30295-X/rf0070
http://refhub.elsevier.com/S1044-5803(18)30295-X/rf0070
http://refhub.elsevier.com/S1044-5803(18)30295-X/rf0075
http://refhub.elsevier.com/S1044-5803(18)30295-X/rf0075
http://refhub.elsevier.com/S1044-5803(18)30295-X/rf0080
http://refhub.elsevier.com/S1044-5803(18)30295-X/rf0080


312 (2001) 182–188.
[17] Y. Zheng, J.M. Sosa, H.L. Fraser, On the influence of athermal ω and α phase in-

stabilities on the scale of precipitation of the α phase in metastable β-Ti alloys, J.
Mater. Sci. 68 (2016) 1343–1349.

[18] A. Devaraj, R.E.A. Williams, S. Nag, R. Srinivasan, H.L. Fraser, R. Banerjee, Three-
dimensional morphology and composition of omega precipitates in a binary tita-
nium–molybdenum alloy, Scr. Mater. 61 (2009) 701–704.

[19] M. Ahmed, T. Li, G. Casillas, J.M. Cairney, D. Wexler, E.V. Pereloma, The evolution
of microstructure and mechanical properties of Ti-5Al-5Mo-5V-2Cr-1Fe during
ageing, J. Alloys Compd. 629 (2015) 260–273.

[20] J.M. Silcock, An X-ray examination of the omega-phase in Ti-V, Ti-Mo and Ti-Cr
alloys, Acta Metall. 6 (1958) 481–493.

[21] G.H. Narayanan, T.S. Luhman, T.F. Archbold, R. Taggart, D.H. Polonis, A phase
separation reaction in a binary titanium-chromium alloy, Metallography 4 (1971)
343–358.

[22] V. Chandrasekaran, R. Taggart, D.H. Polonis, Phase separation processes in the beta
phase of Ti-Mo binary alloys, Metallography 5 (1972) 393–398.

[23] S. Nag, R. Banerjee, R. Srinivasan, J.Y. Hwang, M. Harper, H.L. Fraser, ω-Assisted
nucleation and growth of a precipitates in the Ti–5Al–5Mo–5V–3Cr–0.5Fe b tita-
nium alloy, Acta Mater. 57 (2009) 2136–2147.

[24] T. Li, D. Kent, G. Sha, J.M. Cairney, M.S. Dargusch, The role of ω in the pre-
cipitation of α in near-β Ti alloys, Scr. Mater. 117 (2016) 92–95.

[25] J. Coakley, V.A. Vorontsov, N.G. Jones, A. Radecka, P.A.J. Bagot, K.C. Littrell,
R.K. Heenan, F. Hu, A.P. Magyar, D.C. Bell, D. Dye, Precipitation processes in the
Beta-titanium alloy Ti-5Al-5Mo-5V-3Cr, J. Alloys Compd. 646 (2015) 946–953.

[26] T. Li, D. Kent, G. Sha, L.T. Stephenson, A.V. Ceguerra, S.P. Ringer, M.S. Dargusch,
J.M. Cairney, New insights into the phase transformations to isothermal ω and ω-
assisted α in near β-Ti alloys, Acta Mater. 106 (2016) 353–366.

[27] R. Davis, H.M. Flower, D. West, Decomposition of Ti-Mo alloy martensites by nu-
cleation and growth and spinodal mechanisms, Acta Metall. 27 (1979) 1041–1052.

[28] R. Davis, H.M. Flower, D. West, Martensitic transformations in Ti-Mo alloys, J.
Mater. Sci. 14 (1979) 712–722.

[29] Y. Zheng, R.E.A. Williams, H.L. Fraser, Characterization of a previously unidentified
ordered orthorhombic metastable phase in Ti-5Al-5Mo-5V-3Cr, Scr. Mater. 113
(2016) 202–205.

[30] Y. Zheng, R.E.A. Williams, S. Nag, R. Banerjee, H.L. Fraser, D. Banerjee, The effect
of alloy composition on instabilities in the β phase of titanium alloys, Scr. Mater.
116 (2016) 49–52.

[31] Y. Zheng, D. Banerjee, H.L. Fraser, A nano-scale instability in the β phase of dilute
Ti-Mo alloys, Scr. Mater. 116 (2016) 131–134.

[32] O.M. Ivasishin, P.E. Markovsky, S.L. Semiatin, C.H. Ward, Aging response of coarse-
and fine-grained β titanium alloys, Mater. Sci. Eng. A 405 (2005) 296–305.

[33] E. Aeby-Gautier, A. Settefrati, F. Bruneseaux, B. Appolaire, B. Denand, M. Dehmas,
G. Geandier, P. Boulet, Isothermal α″ formation in β metastable titanium alloys, J.
Alloys Compd. 577 (2013) S439–S443.

[34] K.A. Gross, I.R. Lamborn, Some observations on decomposition of metastable Beta-
phase in titanium-chromium alloys, J. Less-Common Met. 2 (1960) 36–41.

[35] M. Oka, C.S. Lee, K. Shimizu, Transmission electron-microscopy study of face-
centered orthorhombic Martensite in Ti-12.6 Pct V alloy, Metall. Trans. A. 3 (1972)
37–45.

[36] G.M. Pennock, H.M. Flower, D. West, The thinning transformation in β Ti-Mo al-
loys, Metallography 10 (1977) 43–53.

[37] R. Davis, H.M. Flower, D.R.F. West, Martensitic transformations in Ti-Mo alloys, J.
Mater. Sci. 14 (1979) 712–722.

[38] E. Sukedai, H. Hashimoto, M. Hida, H. Mabuchi, Formation of ω phase in Ti–Mo
alloys after aging and deforming, Mater. Sci. Technol. 8 (1992) 1–9.

[39] I. Ramsteiner, Omega-like diffuse X-ray scattering in Ti–V caused by static lattice
distortions, Acta Mater. 56 (2008) 1298–1305.

[40] J.M. Bennett, J.S. Barnard, H.J. Stone, D. Rugg, N.G. Jones, On the possibility of
local structure in the athermal omega phase of Ti-15Mo, Proceedings of the 13th

World Conference on Titanium, 2015, pp. 529–534.
[41] M.J. Blackburn, J.C. Williams, Phase transformations in Ti-Mo and Ti-V alloys,

Trans. Metall. Soc. AIME 242 (1968) 2461–2469.
[42] J.C. Williams, D. de Fontaine, N.E. Paton, Omega-phase as an example of an unu-

sual shear transformation, Metall. Trans. A. 4 (1973) 2701–2708.
[43] T. Li, D. Kent, G. Sha, M.S. Dargusch, J.M. Cairney, The mechanism of ω-assisted α

phase formation in near β-Ti alloys, Scr. Mater. 104 (2015) 75–78.
[44] F. Hofer, Determination of inner-shell cross-sections for EELS-quantification,

Microsc. Microanal. Microstruct. 2 (1991) 215–230.
[45] G. Welsch, R. Boyer, E.W. Collings, Materials Properties Handbook: Titanium

Alloys, ASM International, 1993.
[46] M.K. Koul, J.F. Breedis, Phase transformations in beta isomorphous titanium alloys,

Acta Metall. 18 (1970) 579–588.
[47] J.L. Murray, The Mo−Ti (molybdenum-titanium) system, Bull. Alloy Phase Diagr. 2

(1981) 185–192.
[48] S. Nag, A. Devaraj, R. Srinivasan, R. Williams, N. Gupta, G.B. Viswanathan,

J.S. Tiley, S. Banerjee, S.G. Srinivasan, H.L. Fraser, R. Banerjee, Novel mixed-mode
phase transition involving a composition-dependent displacive component, Phys.
Rev. Lett. 106 (2011) (245701–1 245701–4).

[49] G. Carter, H.M. Flower, G.M. Pennock, D. West, The deformation characteristics of
metastable β-phase in a Ti-15 wt% Mo alloy, J. Mater. Sci. 12 (1977) 2149–2153.

[50] H.J. Rack, D. Kalish, K.D. Fike, Stability of as-quenched Beta-III titanium alloy,
Mater. Sci. Eng. 6 (1970) 181–198.

[51] R.A. Spurling, C.G. Rhodes, J.C. Williams, Microstructure of Ti alloys as influenced
by thin-foil artifacts, Metall. Trans. 5 (1974) 2597–2600.

[52] A. San-Martin, F.D. Manchester, The H− Ti (hydrogen-titanium) system, Bull. Alloy
Phase Diagr. 8 (1987) 30–42.

[53] E. Wu, X. Xu, X. Yuan, X. Guo, S. Wang, Formation of a tetragonal phase hydride in
Ti–Mo–H system, J. Alloys Compd. 458 (2008) 161–165.

[54] B. Predel, H-Mo (Hydrogen-Molybdenum), Group IV Physical Chemistry 5F, (1996).
[55] R. Strychor, J.C. Williams, W.A. Soffa, Phase transformations and modulated mi-

crostructures in Ti-Al-Nb alloys, Metall. Trans. A. 19 (1988) 225–234.
[56] T. Suzuki, M. Wuttig, Analogy between spinodal decomposition and martensitic

transformation, Acta Metall. 23 (1975) 1070–1076.

J.M. Bennett et al. Materials Characterization 142 (2018) 523–530

530

http://refhub.elsevier.com/S1044-5803(18)30295-X/rf0080
http://refhub.elsevier.com/S1044-5803(18)30295-X/rf0085
http://refhub.elsevier.com/S1044-5803(18)30295-X/rf0085
http://refhub.elsevier.com/S1044-5803(18)30295-X/rf0085
http://refhub.elsevier.com/S1044-5803(18)30295-X/rf0090
http://refhub.elsevier.com/S1044-5803(18)30295-X/rf0090
http://refhub.elsevier.com/S1044-5803(18)30295-X/rf0090
http://refhub.elsevier.com/S1044-5803(18)30295-X/rf0095
http://refhub.elsevier.com/S1044-5803(18)30295-X/rf0095
http://refhub.elsevier.com/S1044-5803(18)30295-X/rf0095
http://refhub.elsevier.com/S1044-5803(18)30295-X/rf0100
http://refhub.elsevier.com/S1044-5803(18)30295-X/rf0100
http://refhub.elsevier.com/S1044-5803(18)30295-X/rf0105
http://refhub.elsevier.com/S1044-5803(18)30295-X/rf0105
http://refhub.elsevier.com/S1044-5803(18)30295-X/rf0105
http://refhub.elsevier.com/S1044-5803(18)30295-X/rf0110
http://refhub.elsevier.com/S1044-5803(18)30295-X/rf0110
http://refhub.elsevier.com/S1044-5803(18)30295-X/rf0115
http://refhub.elsevier.com/S1044-5803(18)30295-X/rf0115
http://refhub.elsevier.com/S1044-5803(18)30295-X/rf0115
http://refhub.elsevier.com/S1044-5803(18)30295-X/rf0120
http://refhub.elsevier.com/S1044-5803(18)30295-X/rf0120
http://refhub.elsevier.com/S1044-5803(18)30295-X/rf0125
http://refhub.elsevier.com/S1044-5803(18)30295-X/rf0125
http://refhub.elsevier.com/S1044-5803(18)30295-X/rf0125
http://refhub.elsevier.com/S1044-5803(18)30295-X/rf0130
http://refhub.elsevier.com/S1044-5803(18)30295-X/rf0130
http://refhub.elsevier.com/S1044-5803(18)30295-X/rf0130
http://refhub.elsevier.com/S1044-5803(18)30295-X/rf0135
http://refhub.elsevier.com/S1044-5803(18)30295-X/rf0135
http://refhub.elsevier.com/S1044-5803(18)30295-X/rf0140
http://refhub.elsevier.com/S1044-5803(18)30295-X/rf0140
http://refhub.elsevier.com/S1044-5803(18)30295-X/rf0145
http://refhub.elsevier.com/S1044-5803(18)30295-X/rf0145
http://refhub.elsevier.com/S1044-5803(18)30295-X/rf0145
http://refhub.elsevier.com/S1044-5803(18)30295-X/rf0150
http://refhub.elsevier.com/S1044-5803(18)30295-X/rf0150
http://refhub.elsevier.com/S1044-5803(18)30295-X/rf0150
http://refhub.elsevier.com/S1044-5803(18)30295-X/rf0155
http://refhub.elsevier.com/S1044-5803(18)30295-X/rf0155
http://refhub.elsevier.com/S1044-5803(18)30295-X/rf0160
http://refhub.elsevier.com/S1044-5803(18)30295-X/rf0160
http://refhub.elsevier.com/S1044-5803(18)30295-X/rf0165
http://refhub.elsevier.com/S1044-5803(18)30295-X/rf0165
http://refhub.elsevier.com/S1044-5803(18)30295-X/rf0165
http://refhub.elsevier.com/S1044-5803(18)30295-X/rf0170
http://refhub.elsevier.com/S1044-5803(18)30295-X/rf0170
http://refhub.elsevier.com/S1044-5803(18)30295-X/rf0175
http://refhub.elsevier.com/S1044-5803(18)30295-X/rf0175
http://refhub.elsevier.com/S1044-5803(18)30295-X/rf0175
http://refhub.elsevier.com/S1044-5803(18)30295-X/rf0180
http://refhub.elsevier.com/S1044-5803(18)30295-X/rf0180
http://refhub.elsevier.com/S1044-5803(18)30295-X/rf0185
http://refhub.elsevier.com/S1044-5803(18)30295-X/rf0185
http://refhub.elsevier.com/S1044-5803(18)30295-X/rf0190
http://refhub.elsevier.com/S1044-5803(18)30295-X/rf0190
http://refhub.elsevier.com/S1044-5803(18)30295-X/rf0195
http://refhub.elsevier.com/S1044-5803(18)30295-X/rf0195
http://refhub.elsevier.com/S1044-5803(18)30295-X/rf0200
http://refhub.elsevier.com/S1044-5803(18)30295-X/rf0200
http://refhub.elsevier.com/S1044-5803(18)30295-X/rf0200
http://refhub.elsevier.com/S1044-5803(18)30295-X/rf0205
http://refhub.elsevier.com/S1044-5803(18)30295-X/rf0205
http://refhub.elsevier.com/S1044-5803(18)30295-X/rf0210
http://refhub.elsevier.com/S1044-5803(18)30295-X/rf0210
http://refhub.elsevier.com/S1044-5803(18)30295-X/rf0215
http://refhub.elsevier.com/S1044-5803(18)30295-X/rf0215
http://refhub.elsevier.com/S1044-5803(18)30295-X/rf0220
http://refhub.elsevier.com/S1044-5803(18)30295-X/rf0220
http://refhub.elsevier.com/S1044-5803(18)30295-X/rf0225
http://refhub.elsevier.com/S1044-5803(18)30295-X/rf0225
http://refhub.elsevier.com/S1044-5803(18)30295-X/rf0230
http://refhub.elsevier.com/S1044-5803(18)30295-X/rf0230
http://refhub.elsevier.com/S1044-5803(18)30295-X/rf0235
http://refhub.elsevier.com/S1044-5803(18)30295-X/rf0235
http://refhub.elsevier.com/S1044-5803(18)30295-X/rf0240
http://refhub.elsevier.com/S1044-5803(18)30295-X/rf0240
http://refhub.elsevier.com/S1044-5803(18)30295-X/rf0240
http://refhub.elsevier.com/S1044-5803(18)30295-X/rf0240
http://refhub.elsevier.com/S1044-5803(18)30295-X/rf0245
http://refhub.elsevier.com/S1044-5803(18)30295-X/rf0245
http://refhub.elsevier.com/S1044-5803(18)30295-X/rf0250
http://refhub.elsevier.com/S1044-5803(18)30295-X/rf0250
http://refhub.elsevier.com/S1044-5803(18)30295-X/rf0255
http://refhub.elsevier.com/S1044-5803(18)30295-X/rf0255
http://refhub.elsevier.com/S1044-5803(18)30295-X/rf0260
http://refhub.elsevier.com/S1044-5803(18)30295-X/rf0260
http://refhub.elsevier.com/S1044-5803(18)30295-X/rf0265
http://refhub.elsevier.com/S1044-5803(18)30295-X/rf0265
http://refhub.elsevier.com/S1044-5803(18)30295-X/rf0270
http://refhub.elsevier.com/S1044-5803(18)30295-X/rf0275
http://refhub.elsevier.com/S1044-5803(18)30295-X/rf0275
http://refhub.elsevier.com/S1044-5803(18)30295-X/rf0280
http://refhub.elsevier.com/S1044-5803(18)30295-X/rf0280

	Observation of a new B2 structured phase in Ti-15Mo (wt%)
	Introduction
	Experimental Methods
	Results
	Discussion
	Conclusions
	Acknowledgements
	Data Availability
	References




